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Abstract

The hexagonal close packed single crystal is investigated through

dislocation dynamics simulations for the purpose to produce strain

hardening simulations of different initial dislocation densities. Two

aspects are discussed; the treatment of the hcp lattice in Cartesian co-

ordinates with the use of periodic boundary conditions and the impact

of initial dislocation configuration on the strain hardening curve. The

mobilities of dislocations in hcp crystals are not only different for screw

and edge dislocations, glide planes are of various natures resulting in

different edge dislocation mobility for different planes. At different ini-

tial dislocation densities, different magnitudes and width of the yield

point have been observed. For small dislocation densities the yield

point is extremely large. As the initial dislocation density is increased

the point becomes less and less noticeable. This indicates that a sim-

ple mechanical tensile test can be used to approximately determine the

initial dislocation density in a single crystal.
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1 Introduction

The purpose of this thesis is to investigate the collective behavior of dis-
locations. The strength and strain hardening of a crystalline material as
a response to applied load is dominated by the motion, multiplication and
interaction of dislocations. While the theory of dislocations has been well
known for several decades computing their collective behavior to describe
plasticity has been a challenge due to its computational complexity.

Dislocation dynamics (DD) simulations have proven to be a powerful tool
in mastering this. Instead of treating the dislocation as the atomic misplace-
ment it is, DD simulations treat every dislocation segment as its degrees of
freedom. In terms of size and timescale this results in an enhancement more
than a thousand times compared to atomistic simulations. It has proved
to be one of the most exciting models in predicting material responses to
deformations out there today and can greatly aid us in the understanding of
dislocation related phenomena.

The deformation mechanisms of single crystalline materials involve a lot
of atomic scale modeling that later is parameterized into dislocation dynam-
ics simulations. This thesis starts with the atomistic aspects of plasticity and
dislocation theory and ends with dislocation dynamics simulations. Chapter
2 describe the active deformation mechanisms in single crystals, primarily
that of dislocations. In Chapter 3, the impact different crystal structures
have on plasticity is discussed along with a few additional aspects on dis-
location properties generated by crystal structures. Dislocation dynamics
simulations are finally described in Chapter 4. In the end of that chap-
ter some results of simulations on the hexagonal close packed structure is
presented.
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2 Mechanisms of plasticity

The fundamental mechanism for relieving strains in a crystal is due to the
motion of dislocations, and their dynamics strongly affects how a crystalline
material responds to an applied force. When a small amount of stress is
applied to a material, a small strain will occur (ǫ < 10−4). The dislocation
movement is reversible and the crystal is elastically deformed. But as the
stress exceeds this, permanent dislocation displacement will occur and the
crystal will be plastically deformed as shown in Fig. 2.1.

Figure 2.1: Motion of edge dislocation resulting in a plastic deformation [1].

2.1 Point defects

Point defects like vacancies and interstitials are common defects in a crystal
lattice. These defects generate strains in the lattice as well as obstacles
for dislocation motion and can therefore have a quite big impact on the
plastic response. A vacancy is produced when an atom gets misplaced from
its original position in the lattice and in turn creates an interstitial site as
shown in Fig. 2.2. Interstitials can also be occupied by external atoms, they
are called interstitial impurities and are usually smaller then the atoms in
the bulk. Since they are smaller they can fit into the open space between
the bulk atoms much more easily and generate less strain then a normal
interstitial. Larger impurity atoms often occupy real lattice points and are
so called substitutional impurities. They also generate less strain then self
interstitials or vacancies.
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(a) (b) (c)

Figure 2.2: a) Defect free lattice, b) interstitial and c) vacancy

2.2 Dislocations

Dislocations are line defects that can be defined as atoms being misplaced
in comparison to a prefect defect free crystal lattice. Edge dislocations have
an extra half-plane of atoms somewhere in the lattice (Fig. 2.1). The end
of this plane defines the position of the dislocation, the line direction ξ. A
screw dislocation is a shear distortion misplacement where the atoms form a
ramp between planes and the line direction is defined to go straight through
the spiral. A common notation that defines the type of dislocations is the
dislocation-displacement vector or the so called burgers vector b. A pure edge
dislocations burgers vector points in a perpendicular direction compared to
the tangent of the dislocation line while a pure screw dislocation points in
a parallel direction. Dislocations that are neither screw nor edge are called
mixed dislocations, their burgers vector have two parts, a screw component
bs parallel to the line and aa edge component be perpendicular to the line
as illustrated in Fig. 2.3.

x

y

z
ξ

be

bs

b

Figure 2.3: Screw and edge components of a burgers vector for the dislocation
line ξ.

2.2.1 Stress Fields of Dislocations

Through the atomic displacement that defines a dislocation, a strain field is
generated. Consequently there are interaction forces between each disloca-
tion segment. In an infinite elastic medium the energy per unit length of a
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straight dislocation within a cylinder of radius R can be expressed as

W

L
=

µb2

4π

(

cos2 β +
sin2 β

1 − ν

)

ln
αR

b
, (2.1)

where µ is the shear modulus, ν is Poisson’s ratio, α is a parameter for
the core energy. The energy generated by the displacement clearly diverges
with R indicating that a dislocations influence on other objects is in fact
long-range [2].

The stress field around a screw dislocation is particularly simple since it
is a distortion of magnitude b parallel to the dislocation line. This will give
a shear strain of ǫ = b/2πr which corresponds to a shear stress of

σ = µǫ =
µb

2πr
. (2.2)

Assuming the dislocation is on the z-axis and polar coordinates are used, σ
in equation (2.2) would correspond to σθz, while any other stress components
will be zero, σrz = σrθ = σrr = σθθ = σzz = 0.

The stress field around aa edge dislocation is slightly harder as the dis-
tortion b is perpendicular to the dislocation line. Since edge dislocations
have an extra half plane of atoms above the slip direction and hence one less
below the slip direction, different signs are going to apply for them. The
side with the extra half plane of atoms is squeezed together by the other side
which in turn is inflated by the former one. A function describing this could
be and in fact is a sin θ curve, where θ is the polar coordinate with the disc
in the origin. A similar approach can be used to determine the shear stress
component. This would give the stress components

σrr = σθθ = − µb sin θ

2π(1 − ν)r
, (2.3)

σrθ =
µb cos θ

2π(1 − ν)r
, (2.4)

σzz = ν(σrr + σθθ). (2.5)

2.2.2 Glide planes

The motion of an edge dislocation by the displacement parallel to b of the line
generates a plane over which glide displacement has taken place. This plane
is called the glide plane and is defined by the glide plane normal, n given by
b×ξ. The glide plane is however undefined for perfect screws since b and ξ are
parallel to each other, hence b×ξ does not span any glide plane. Due to the
local arrangement of the atoms around a screw dislocation some glide planes
still exist. There is usually more than one glide plane present, therefore
they can be considered too move without restrictions macroscopically. Most
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metals deform by slip in a few close-packed directions where the planes are
most densely packed. For most metals at normal temperature almost all
dislocation motion will be confined to these planes.

2.2.3 Mobility

As a force is acting on a dislocation it progressively makes and breaks bounds
between atoms to find a less energetic position. How easy or how hard
this event occur gives rise to different dislocation mobilities for different
materials. There usually is no such thing as a straight dislocation in a
crystal. Dislocations contain jogs and kinks, which are deviations from a
straight dislocation lines on atomic scale. These defects within a defect
strongly influence the dislocation mobility and are therefore of importance.

Kinks are steps of atomic dimension perpendicular to the dislocation line
direction that are still fully contained within the glide plane. Straight dislo-
cation segments can form double-kinks by a thermally activated mechanism.
A double-kink is in fact two kinks of opposite direction located in a very
narrow site at the dislocation. The two single kinks may now move apart
and hence generate a mobility of the dislocation, Fig 2.4. Screw disloca-
tion can also have kinks but their mobility is still usually much lower than
that of an edge dislocation, Me >> Ms. Atomistic simulations have given
indications that dislocation motion primarily is dominated by double-kink
nucleation [3].

Jogs are steps in the extra half-plane of atoms that define an edge dislo-
cation. They are prime places for point defects, a jog both emits and absorbs
interstitial atoms to govern its movement. This movement is called climb or
climb mobility.

(a) (b)

Figure 2.4: a) Thermally activated double-kink nucleation and b) separation
of kink-pairs.
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2.3 Frank-Read Sources

A frank-read source is a mechanism explaining the generation and multipli-
cation of dislocations. Consider a straight dislocation segment located at a
slip plane with two sessile ends, A and B. As a shear stress is acting on this
slip plane dislocation motion will lengthen and curve the dislocation into an
arc between the pinning points. As this progresses, bending of the dislo-
cation into spirals around point A and B will continue until the segments
collide and cancel. This generates a dislocation loop along with a new frank-
read source. The sessile endpoints can either be created by point defects or
dislocation junctions.

A B
i

ii

iii

iv

Figure 2.5: Frank-read source growing from a straight segment to a collision
that generates a dislocation loop along with a new frank-read source.

7



placeholder



3 Crystal structure

The arrangement of atoms defines the glide planes where the primary mo-
tion of all dislocations will occur. Most metals either have body centered
cubic(BCC), face centered cubic (FCC) or hexagonal close packed (HCP)
structure, where the two later are as densly packed as any solid can be.
Since the nature of these structures are differet so will also their favoured
glide planes.

(a) FCC (b) BCC

Figure 3.1: Unit cells for the two most common cubic structures.

3.1 The FCC and BCC lattices

FCC metals are in general very ductile (deformability without fracture). This
is due to the large number of slip systems. Almost all dislocation motion
is confined within the {111} planes whereas dislocations can have any of
three different burgers vectors in each plane. This results in 12 different slip
systems for the FCC lattice. BCC is more complicated since it is not a close
packed structure. It has a large number of slip systems on different glide
planes (Table 3.1). However, these different glide planes have quite similar
properties.
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Table 3.1: Slip systems for different crystal structures.
Principal Secondary Other

Slip System Slip System Slip Systems
BCC {110}<1̄11> {211}<1̄11> {321}<1̄11>

FCC {111}<11̄0>

HCP (0001)<112̄0> {101̄0}<112̄0> {101̄1}<112̄0>
{112̄2}<112̄3̄>

c c c c

c c c c c

b b b b

b b b b

b

a a a a

a a a a a a

a a a a a

a

Figure 3.2: Close-packed plane of atoms at position a.

3.2 The Hexagonal Close Packed Structure

The unit cell of a hexagonal close packed structure (Fig. 3.3) differs a lot
from both BCC and FCC. Instead of a cubic cell it has a hexagonal shape
with the distance between atoms a and height c.

At a first glance the difference between a HCP and a FCC structure look
trivial since they are equally close packed and only have a small difference in
stacking order. Instead of the stacking order ...abcabc... for FCC structures
the HCP structure has the stacking order ...ababab..., this tiny change how-
ever gives a whole new set of slip systems of different magnitudes [2]. The
reason for the difference in stacking order is probably due to some difference
in atomic bounding.

While the FCC lattice have one dominant slip system, the {111} family,
the HCP structure only has one of these planes while several new appears
crossing the unit cell as shown in Fig 3.4. The slips in the three most
common kinds of planes, the basal, prismatic and pyramidal glide planes are
very different compared to one another. Both the basal plane (0001) and the
prismatic planes {101̄0} move with zigzag motions, but the tilted first order
pyramidal planes {101̄1} does not. The stacking in the two later plane types
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Figure 3.3: Unit cell of the Hexagonal close packed structure

are also of more uneven nature which requires more energy for slip to occur
compared to the basal plane. This can be interpreted as different dislocation
mobilities in the different glide planes.

There is one additional set of glide planes in the HCP lattice, the second
order pyramidal plane, {112̄2}. Any motion within this slip system is zonal
and invokes displacements in three different layers [2]. It is, therefore, harder
to exactly locate these dislocations and their mobilites.

3.2.1 Slip systems in the HCP structure

A naive approach to determine the force required to achieve motion in a
plane is to consider a hardball model, where each atom is a solid sphere that
can slide against other atoms. This purely geometrical approach will result
in spherical shaped functions describing the barriers that have to be crossed
for slip to occur in each of the three most common HCP glide planes.

The ratio c/a varies a little in comparison to a perfectly packed crystal
(c/a =

√

8/3). This variation is the probable source to why different metals
have different favored slip planes. A tendency is that the pyramidal planes
become more common for higher c/a ratios leaving the order of the glide
plane types in Table 3.1 inaccurate for such metals [2].

There is only one dominant kind of burgers vector (slip) in the prismatic
{101̄0} and pyramidal {101̄1} planes. Dislocation in the horizontal (0001)
plane, equally as the FCC structure, has three different burgers vectors per
glide plane. Dislocations in the others nine glide planes in the HCP lattice
only adopts one burgers vector per glide plane. An additional effect is that
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a1

a3

a2

z

(0001)

(1̄010)
(101̄1)

Figure 3.4: Glide planes in the hexagonal close packed structure.

tensile stress purely in the z-axis will not generate any force on the disloca-
tions in any of these planes. The (0001) plane is perpendicular to such force
while the {101̄0} and {101̄1} planes have a burgers vector that is perpendic-
ular to any force in the z-direction so no force will grasp it. Therefore only
motion in the {112̄2} planes is theoretically possible.

A function describing the barrier each slip has to cross is

y =
√

R2 − (x − s)2 − h, (3.1)

where R is the radius of the movement, s the shift, and h the starting height
in comparison to the axis where the slip occur. If we calculate the barrier for
face centered {111} plane along with the hexagonal (0001) plane this gives

y =

√

R2 − (x − a√
3
)2 − c/a

a

2
. (3.2)

The slip in the {1̄010} planes is a bit different. It is also a zigzag move-
ment but with an additional slope, shifting between negative and positive
slope for each zigzag step. As previously mentioned, the {1̄011̄} planes have
no zigzag motion at all so slip here will be a straight motion. The slip barriers
for each glide plane in the HCP structure is plotted in Fig. 3.5.

It is probable that the functions in Fig. 3.5 are more an indication of the
Pierls-stress then the actual difference in mobility. They are after all a kind
of Pierls-potential. But at least they give a hunch on how the mobility in the
different slip planes varies in comparison to each other. Both the prismatic
and first order pyramidal plane has a fairly similar shape and are considered
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Slip barriers

Motion in the zigzag directions (b)
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(0001)
(1̄010)
(101̄1)

0 0.2 0.4 0.6 0.8 1 1.2 1.4
0

0.05

0.1

0.15

0.2

0.25

Figure 3.5: Slip barriers in the different HCP planes for a perfect c/a ratio.

to have the same mobility. Atomistic simulations can be used to determine if
there are any differences in the double-kink nucleation between these planes
in order to separate their mobilites.

3.3 Cross-slip

Occasionally in FCC and HCP metals, screw dislocations can find a way to
change into a second glide plane. This infrequent transition is called cross-

slip. At high temperatures cross-slip becomes more frequent but it can safely
be ignored at low temperatures. The requirement that dislocations has to be
of screw type is natural since both the dislocation line and its burgers vector
has to be in the crossing between the glide planes in order to cross-slip. The
burgers vector additionally need to be valid for both glide planes.

Cross-slip for FCC structures is less complicated than those of the HCP
structures. Since the FCC glide planes only share one burgers vector with
another plane, cross-slip will only have one alternative. In hexagonal struc-
tures the most common burgers vectors share three different glide planes, i.e.
the basal,the prismatic and the first order pyramidal planes. Very little work
has been done to determine how hard it is for cross-slip to occur between
these planes, but it might be done with atomistic simulations. Some work
on parameterization of data on FCC cross-slip into dislocation dynamics
simulations have however been made [4].
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Observations of frequent cross-slipping from the prismatic hexagonal
plane onto the first order pyramidal plane and then back have been made [5].
It is believed to enhance strain hardening at low temperatures, as the tem-
perature exceeds 300K. This so called double cross-slip becomes intrinsic and
less noticeable. The reason for this kind of behavior is believed to originate
in interstitial impurities that makes it favorable for cross-slip to occur onto
the pyramidal plane. As the dislocations leave the vicinity of this impurity
it will tend to cross-slip back onto the prismatic plane.

bs

Plane 2

Plane 1

ξ

Figure 3.6: Cross-slip between two gilde planes.

3.4 Dissociation

It is quite common for dislocations in close packed structures to dissociate
into partials in order to find a less energetic state. Close packed structures
like FCC and HCP have a tendency to divide screw dislocations into partials
with some fraction of edge dislocation nature. Screw dislocations therefore
tend to move in the same glide plane as edge dislocations. BCC, where the
structure is much less dense have no dissociation of screw dislocations and
hence have not the same glide plane constriction for screws. One exception
for the closes packed structures are the tilted HCP planes {1̄011̄} where slip
is not a zigzag motion and partial dislocations cannot form. Screws in this
plane are, therefore, not forced to move in a glide plane. Partial dislocations
in the hexagonal prismatic planes have been determined to exist with both
atomistic simulations [6] and from observations [5]. It is therefore probable
that screws also stay within these planes.

14



4 Dislocation Dynamics

Dislocation dynamics (DD) is a powerful and promising tool for the investi-
gation of dislocation interaction and crystal plasticity. It allows us to better
understand how dislocation microstructures form and how they affects the
mechanical performance of materials during deformation. DD also has a po-
tential in parameterization of data that can be used in larger scale models.

The length and timescales of DD simulations are in the order of microns
and milliseconds. In comparison to atomistic models these length and time
scales are a thousand times larger. At the same time they are in the same
order of magnitude smaller compared to macroscopic models. DD simula-
tions can therefore be viewed as a bridge between these two scales, with a
great potential of making more precise parameterization toward macroscopic
world. Its potential also lies in the possibility to make larger scale simulations
with dislocation involvement (compared to atomistic simulations) where for
example plasticity of a crystal lattice is one.

Even though the computational idea of Dislocation Dynamics is fairly
simple, computational expense has limited the amount of achieved plastic
strain rate (<0.5%) for quite some time [7–10]. It is first in recent years
with massive parallel computing that strain rates have increased enough to
provide results on the nature of strain hardening [11–13]. The basic idea is
to introduce a simulation volume with a few predefined dislocations, apply
an external force and then compute the collective behavior of the dislocation
lines. The forces acting on the system can be divided into two parts, the
external load and the internal interaction between dislocation segments.

4.1 Multi-scale modeling

One fundamental aspect of modeling in different length and time scales is
to bring valid approximations from a previous length scale into a new one.
While the world as we understand it today can entirely described by quantum
mechanics, doing so is practically impossible due to the massive computation
required. Accurate bridging between length scales through parameterizations
can be done to maintain a good error tolerance as you move up in scales.
For example going from quantum mechanics, where every electron is a de-
gree of freedom to molecular dynamics (MD), where each atom is a degree
of freedom, can be done through a potential acting as the Pauli principle.
Atomistic simulations like MD can in a equivalent manner be used in bridg-
ing over to dislocation dynamics, where the behavior of the dislocations in
different situations have to be defined and parameterized. The degrees of
freedom for dislocation dynamics simulations are defined as dislocation lines
instead of atoms.

Atomistic modeling is required to correctly define how dislocation core
reactions like junction forming, zipping, cross-slip and mobility is behaving
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in a DD simulation. The most important parameter in DD is the dislocation
mobility, it describes how the dislocation motion is affected by stress and
temperature. Such parameters have been successfully extracted through MD
simulations [3, 14]. The timescales in MD simulations are, however, of very
small magnitude. A model to improve these results through kinetic Monte
Carlo (kMC) have, therefore, been suggested [15].

nm µm mm m

ns

ps

µs

ms

s

QM

MD

DD

FEM

Figure 4.1: Time and length scales of multi-scale modeling of plasticity.

4.2 Line dislocation dynamics

Several different dislocation dynamics methods have been suggested over the
years [16–22] but it is just recently that a DD code has been made available
for public use. This code the Parallel Dislocation Simulator or ParaDiS
was originally developed at the Lawrence Livermore National Laboratory
(since 2001) and has specifically been designed for good scalability. As most
other DD models it utilizes a nodal representation of the dislocation lines,
where each segment is connected between two nodes. These nodes act as the
degrees of freedom. Each segment has been denoted its own line direction
along with a burgers vector and the angle between them define how big part
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of the dislocation that is a screw or edge. Each segment is also given a
glide plane normal. It is important to note that no information is found at
the node itself, except for it position and how the connectivity between the
nodes is at the moment. All information about the dislocation is instead
found between two nodes, at the segment.

There are quite many different changes in node connectivity that can
occur during a simulation time step. But all these changes can be strapped
down into only two different cases, merging and splitting nodes. Regions
with a high curvature need a larg amount of nodes while fairly straight
dislocations can have nodes separated by quite large distances. Adding and
deleting operations are of great importance to avoid sharp corners and similar
sources to inefficiency and inaccuracy. One typically defines a maximum
segment length as well as a minimum segment length and then define an
error tolerance that is partly based on that.

Another important aspect is how dislocation junctions form due to col-
lisions of different dislocation lines. In theory when two dislocation lines of
different glide planes collide they can merge and form a binary junction (two
physical nodes connected with 3 segments each), if then another dislocation
line collide with this junction even more complex junctions can form. These
so called multi-junctions (more than 3 connected segments) have quite an im-
pact on the strength in the strain hardening process since they act as nearly
indestructible obstacles for dislocation motion and enhance the tendencies
for dislocations to lump together. The formation of junctions has been shown
to exist not only with atomistic simulations and dislocations dynamics but
has also been observed with transmission electron microscopy [23].

b

Physical node

Discretization node

Figure 4.2: Nodal representation connecting piecewise straight dislocation
segments.
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4.3 Force, Motion and Time calculations

4.3.1 Force

The force acting on node i is defined as the negative derivate of the total
energy of the dislocation system E with respect on its position ri [24], such
that

f i = −∂E({ri, bij})
∂ri

. (4.1)

It is common to divide the energy into two parts, the elastic region and
the core region. This is convenient since the core region Ec

i regards the
local atomic configuration of dislocation cores and the elastic region Eel

i is
associated with the long range elastic distortion, i.e.

E = Ec + Eel. (4.2)

The forces can in an equivalent way, be superpositioned into the same two
parts, f i = f c

i + fel
i . The core part is seldom taken into account in DD sim-

ulations due to insufficient atomistic data. In fact, the core energy varies for
different orientations and introduces a torque that tends to rotate segments
toward less energetic orientations. Such atomistic simulations are quite ex-
tensive and probably not that significant [11,24]. What happens around the
core is not completely left out from DD simulations since different topological
scenarios are still taken into account for.

Instead of solving the derivate in equation (4.1) it is possible to use the
Peach-Koehler expression

fpk(x) = (σ(x) · b) × ξ(x), (4.3)

which describes how the force per unit length is proportional to the local
stress. Here σ is the local stress at x, b the burgers vector and ξ is the
tangent vector for the dislocation at x [25].

The following step is made to discretize the force expression into a sum
for numerical implementation

f el
i = −∂Eel

∂ri

=
∑

j

fel
ij . (4.4)

These elastic forces can be expressed as a superposition of three contribu-
tions,

fel
ij = f ext

ij + f s
ij +

n−1
∑

k=1

n
∑

l=k+1

fkl
ij with [k, l] 6= [i, j], (4.5)

where f ext
ij is the external stress, f s

ij is the force contribution on node i from
its own segment and fkl

ij is the force on the node due to interaction between
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its own segment and all other segments. For a uniform external stress field
(most common for DD) this can almost directly be inserted into the Peach-
Koehler formula (equation (4.3)).

The external stress field in a dislocation dynamics simulation can be
derived fairly easy. Such stress field components of a dislocation have been
known for isotropic elastic solids for quite some time [2]. The stress field of
a dislocation loop can be expressed as

σαβ(x) = − µ

8π

∮

C

bmǫimα
∂

∂x′
i

∇′2Rdx′
β − µ

8π

∮

C

bmǫimβ

∂

∂x′
i
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(4.6)

This describes the stress generated at x by the source x′ where µ is the shear
modulus, ν the Poisson’s ratio and R =

√
x2 − x′2. This solution, however,

experience a singularity around the core where x → x′ since

∂R

∂x
=

x

R
. (4.7)

A common way to address this problem is by introducing a cutoff radius.
Another quite efficient way of removing this singularity has been suggested
recently [26].

It is now very convenient to approximate equation (4.6) with a sequence
of straight segments and to use the summations in equation (4.5) to add
each individual segments stress field contribution to the preceding force de-
velopment. The expressions describing the stress field components around
a mixed dislocation are quite long. They have been left out since they are
easy to find in literature [2].

4.3.2 Motion

How nodes respond to the forcesis a lot more complicated then usually. Since
the system mostly consists of discretization nodes Newton’s second law does
not apply here. Unlike atoms, a dislocations response to a force depends
on its orientation towards the force as well as its orientation towards its
glide plane. As this response is basically a non-linear atomistic interaction
in the dislocation core it will differ between materials. External material
inputs have to be parameterized into the DD code. Such parameters can
be extracted from atomistic simulations or from experiments. A simple and
fairly accurate model describing the dislocation motion can be expressed in a
linear relationship between force(stress) and velocity with only one mobility
parameter, a drag coefficients [8, 27]. However, if the material has a high
lattice friction, Pierls-stress or is under the influence of very high strain rates
a more complicated method is probably required. This has been done for the
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prismatic HCP planes where the dislocation motion has been extracted with
the aid of an Arrhenius expression describing the motion of kink-pairs [10].

Velocity as a function of force, described as a damped viscous medium
can be expressed as

vi = Mf j , (4.8)

where M is the mobility parameter. Then adding the glide plane restrictions,
where for simplicity, all motion going out of the plane is left out v · n = 0,

vi = Mf j − M(n · f j)n. (4.9)

This can be interpreted as a simulation at low temperatures where almost no
dislocation motion outside the glideplane occurs. The mobility for FCC can
be described with equation (4.9) where the value of M is determined by how
big part of the segment is of screw or edge nature, M = Ms cos2 θ+Me sin2 θ
where θ is the angle between ξ and b. As an alternative to the method
using the Arrhenius expression to determine the velocities for hexagonal
structures different edge mobility parameters for each type of slip system
for an over-damped system should at least be tested. BCC structures are
slightly different since screw dislocations do not move within the glide plane
so only the edge part of the dislocation should be projected down to the
glide plane.

4.3.3 Time

In a similar way as the degrees of freedom (DOF) is unclear prior to a simula-
tion so is the magnitude of each time step. In comparison to MD simulations
where atomic vibrations define the time step you have to introduce some kind
of error tolerance. A straight forward method for time integration such as
Euler forward is simple to implement and fast to calculate but numerically
unstable for such a purpose. The drawback with more accurate methods is
that they require more computational effort. As in many situations when
working with numerical modeling you have to find a suitable balance between
speed and accuracy. One proposed method is the combination of Euler for-
ward and the trapezoid method [24]. A potential problem with this time
integrator is that the force on each node becomes large with long segments
(fewer DOF), which will cause the time integrator to make impractically tiny
steps. A solution is to modify the error tolerance for the simulation. In fact
finding a suitable error tolerance is crucial for a good time integration and
a smoothly running simulation.

4.4 Parallel Computation

There is one crucial difference in computational complexity between DD
simulations and other computational methods for dislocations, as atomistic-
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Figure 4.3: Scalability illustrated with processor time and communication,
less balanced work between the processors will result in a bad scalability.

and quantum mechanical simulations, namely that the amount of degrees
of freedom increases as the simulation progresses. In addition to this each
degree of freedom is affected by in principle every other degree of freedom
which results in an quadratic scaling order of force calculations between
segments. As the simulation reaches the yield point the degrees of freedom
increases dramatically. This will cause the computational expense to rise
toward levels that need multiple CPU:s to be made in a reasonable amount
of wall clock time.

When using multiple processors are used in a simulation, several aspects
have to be addressed. The most important one is how the work is allocated.
If one CPU is loaded with more work than the rest, it will stall the whole
progress. No parallel simulation is faster than its slowest node. Allocating
the work is slightly harder to do for dislocation dynamics simulations then
for e.g. molecular dynamics. Molecular dynamics has a fixed number of
degrees of freedom therefore the allocation of the work is done only once.
Dislocation dynamics, however, has a growing number of degrees of freedom.
In addition the nodes move around freely in the volume, so splitting up the
work into N equally sized subdomains will result in weak scalability. This
can be done in a smarter way however. If it is assumed that the work is
proportional to the amount of degrees of freedoms one can put an equal
amount into each domain and reevaluate the subdomains after a number of
iterations.

A simulation running on N nodes will obviously not run N times faster
than a simulation with a single node even though the work is divided equally
between them. This is due to the fact the dislocation interactions are long-
ranged and a communication between CPU:s needs to be present through the
whole simulation. This communication is not present in a single-processor
simulation. It is simply an extra effort parallel computing have to live with.
The amount of communication also grows as the number of domains in-
creases.
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It is obviously not going to go any faster to run a tiny simulation with a
few degrees of freedom on several CPU:s. In fact it might even go slower. The
trick is to try to reduce the global communication as much as possible and
adapt the amounts of processors after the amount of degrees of freedom in
order to find the region of optimality. A large simulation is initially computed
on a few processors. As the number of degrees of freedom increases, so is
the number of CPU:s. A rule of thumb is to limit the amounts of degrees of
freedom to between 200 and 400 per CPU for good scalability [11].

4.5 Boundary conditions

The computational expense limits these simulations to quite small volumes
compared to laboratory experiments. At least when it comes to plasticity.
Unwanted surface effects can have a great impact on the result. The sim-
ulation cell could even be completely emptied of dislocations after a few
thousand iterations. A convenient way to solve this problem is with the
use of periodic boundary conditions (PBC). A node at position r is also at
position r + ci where ci is a repeat vector of the periodic super cell i. Addi-
tionally, since the dislocation interaction is long-range each dislocation does
not only interact with every other segment but also with an infinite number
of their images.

Another issue with periodic boundary conditions is periodic effects. Since
dislocations are restricted to move within specific glide planes so called self-
annihilation can become quite devastating. A high level of self-annihilation
will hinder the dislocation density to never towards levels that are suitable
for junction forming. Hence strain-hardening will not occur. A cubic FCC
structure with a few frank-read sources, however, have its in plane dislo-
cations colliding after just one boundary crossing. This problem does not
apply as much for BCC structures, as for FCC and HCP structures, since
the screw part is not constrained to move within the glide planes. There
are of course methods to address the problems with periodic effects. First,
changing the shape of the simulation cell from a cubic to a orthorhombic
shaped box so that tilted glide planes (as the {111} for FCC) reconnect first
after crossing the simulation volume multiple times. Another method would
be to introduce a rotation θ of the crystallographic axes with respect to the
simulation cell. This gives a similar result as the first method even though
it is harder to implement. Such an implementation will however be useful in
investigating different orientation responses due to the crystalline structure.
Tilting the planes also apply for glide planes of more horizontal nature (as
the (0001) plane for HCP). A final method is to add a shift at the bound-
aries. A node moving out on one side will enter on the opposite side shifted
(as the red boxes in Fig 4.4). Due to symmetry this only applies for two
dimensions. If necessary one of the other two solutions can be used in the
third dimension.
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Boundary conditions for hexagonal close packed structures are slightly
different compared to BCC abd FCC, due to its shape and symmetry. A
hexagonal unit cell can quite easily be expressed as a cuboid in cartesian
coordinates, it will however not be completely cubic. Instead it will have an
orthorhombic shape with the height c, length lx and depth ly =

√
3

2 lx. It will
also periodically be shifted with a half unit cell in the y-axis as illustrated
in Fig 4.4. So by using a cubic cell for hexagonal structures will probably
reduce the negative periodic effects toward acceptable levels.

lx

ly

Figure 4.4: Periodic boundary conditions for hexagonal close packed struc-
tures.
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4.6 A Simulation on the Hexagonal Structure

Input to a dislocation dynamics simulation is listed in Table 4.1. Material
parameters for titanium are chosen for comparison with experimental data
[5], along with a previously made simulation on zirconium [10]. Since very
little is known about the mobility parameters, both screw and edge are
chosen to be 10 Pa s−1. The prismatic and first order pyramidal plane
will have a lower mobilities since they are of different nature than the basal
plane. They are therefore chosen to be one fifth of the basal plane. As initial
dislocation setup, fifteen frank-read sources of length 2000b are used. They
have different orientations are randomly placed out on the basal, prismatic
and first order pyramidal plane. As loading condition a constant tensile
strain rate of 10 s−1 on the y-axis is chosen.

The resulting stress curve as a function of total strain is shown in Fig 4.5.
The large drop in stress indicates that there is too much dislocation motion
and hence to little dislocation entanglement in the region just after the yield
point. The entanglement finally becomes large enough to produce some
strain hardening, but then the stress has dropped to staggering 100 MPa.
This is due to the very tiny amount of dislocation density at the beginning of
the simulation(less than 1011 m−2) and possibly the fact that only frank-read
source where present in the begining of the simulation. An earlier dislocation
entanglement process will however occur with a larger amount of dislocations
in the initial dislocation setup. This adds an unknown to each simulation,
what the dislocation density at the beginning of each simulation should be.
For example, an initial dislocation density in the order of 1013 m−2 will cancel
out the upper yield point completely. A simulation with a recognizable yield
point along with early strain hardening need a dislocation density in the
order of a few 1012 m−2 at the beginning of the simulation.

Table 4.1: Simulation data on titanium.
Material parameters
Young’s modulus Y = 116 GPa
Shear modulus µ = 44 GPa
Poisson’s ratio ν = 0.32
Burgers vector b = 2.96 × 10−10 m
Mobility edge Me = 10 Pa s−1

Mobility screw Ms = 10 Pa s−1

Runtime parameters
Max segment length Lmax = 200b
Min segment length Lmin = 50b
Error tolerance rtol = 10b
Strain rate(y-axis) ǫ̇ = 10 s−1

Simulation cell 5µm×5µm×5µm
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Additional simulations with 250, 500 and 2500 frank-read sources as ini-
tial structure has been created (Fig 4.7). This correspond to initial disloca-
tion densities of approximately 1012 m−2, 2 · 1012 m−2 and 1013 m−2. The
yield points of these simulations appear earlier than for the simulation with
extremely low initial dislocation density. From a yield point at 320 MPa
down to 220 MPa, 210 MPa and finally 200 MPa for the largest initial dis-
location density. If this large drop in flow stress is physical or not has to be
determined, but one can notice that the strain hardening part for the later
simulations looks more physical. While the initial simulation with only 15
frank-read sources never has a positive slope on the strain hardening part,
later simulations do. This suggests very bad or non-existin strain hardening
for low initial dislocation densities.

A lot of junction formations can be directly observed in DD simulations
for dislocation collisions between the prismatic and pyramidal planes. This
is probably due to the narrow angle between these planes. This should be in-
vestigated more carefully with atomistic simulations, but it indicates a great
possibility for dislocation entanglement for HCP crystals. It is clear, how-
ever, that the initial dislocation density has a large impact on the evolution
of strain hardening. In theory, it is possible to approximately determine the
initial dislocation density simply by looking at the yield point. Of course
this requires a great deal of knowledge about the dislocation properties for
the specific material.
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Figure 4.5: Stress-strain curve for an initially very low dislocation density.
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Figure 4.6: Evolution of the dislocation density as a function of strain.
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Figure 4.7: Stress-strain curves for the different initial dislocation densities.
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5 Conclusions

A big drawback with material specific dislocation dynamics simulations is
that you either experimentally or with the aid of atomistic simulations have
to determine the magnitude of the dislocation motion or the so called mo-
bility law. Extracting these parameters is not trivial and very little data
on such are available. The focus of this work has, therefore, been on the
nature of dislocations in the hexagonal close packed structure. Even though
the hexagonal structure is less convenient in a numerical aspect compared
to cubic structures it is still of interest to try to determine what impact the
large variation of glide planes has on the overall mechanical properties. The
most important observation is that a large amount of junctions is formed be-
tween the prismatic and first order pyramidal plane. This indicates a great
possibility for extended strain hardening. This is a matter that needs further
examination with atomistic simulations and possibly through experimental
observation.

Additional suggestions for future work is to investigate the differences in
edge dislocation mobility along with the double cross-slip event that has been
suggested for titanium, first with atomistic simulations then with dislocation
dynamics simulations. A more careful investigation on how dislocation mo-
bility is affected by point defects is also of interest in more advanced models.
Additionally it can also be possible to investigate how doping affects the
dislocation dynamics which in turn can scramble the doping and change the
electrical properties.

Finally, this work shows that even though almost nothing is known about
the dislocation mobilities, it is still possible to carry out simulations of strain
hardening and obtain meaningful physical insights in the field of dislocation
dynamics.
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