
DOCTORA L  T H E S I S

Luleå University of  Technology
Department of Applied Physics and Mechanical Engineering 

Division of Engineering Materials

2007:67|: 02-5|: - -- 07 ⁄67 -- 

2007:67 

Deformation and Martensitic Phase 
Transformation in Stainless Steels

Peter Hedström





Doctoral thesis 

Deformation and Martensitic Phase
Transformation in Stainless Steels 

Peter Hedström 

Division of Engineering Materials 
Department of Applied Physics and Mechanical Engineering 

Luleå University of Technology 
SE-971 87 Luleå, Sweden 

November 2007 



Doctoral thesis 
Deformation and Martensitic Phase Transformation in 
Stainless Steels 
Peter Hedström 

© Peter Hedström, 2007 

2007:67
ISSN: 1402-1544 
ISRN: LTU-DT - 07/67 - SE 
http://epubl.ltu.se/1402-1544/2007/67

Division of Engineering Materials 
Department of Applied Physics and 
Mechanical Engineering 
Luleå University of Technology 
SE-97187 Luleå, Sweden 

Universitetstryckeriet
Luleå, Sweden 2007 

http://epubl.ltu.se/1402-1544/2007/67


“A poet or prose narrator usually looks back on what he has 
achieved against a backdrop of the years that have passed, 
generally finding that some of these achievements are 
acceptable, while others are less so” 
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Abstract

High-energy x-ray diffraction has enabled three-dimensional structural 
characterization of the meso-scale, such as individual grains and dislocation 
structures, in polycrystalline materials. It is the first technique with sufficient 
spatial resolution and penetration power to probe the local structure 
embedded deep within the materials. This, together with good time 
resolution makes it suitable for investigations of e.g. phase transformations 
kinetics, stress-strain behavior, and texture evolution in stainless steels. 

The micromechanical response of a metastable austenitic stainless steel 
AISI 301 and a duplex stainless steel SAF 2304 during loading has been 
investigated by a series of high-energy x-ray diffraction experiments at the 
Advanced Photon Source (APS) in Argonne, IL, USA. Different 
measurement scales of the steels are tested, ranging from the behavior of 
individual grains up to the macroscopic material behavior. The experimental 
data is used as input to material models to validate and improve existing 
models for strain-induced martensite and mechanical properties. 

The x-ray investigations have revealed that autocatalytic α’-martensite
transformation is triggered by strains induced by the transformation itself in 
301 and this was evidenced as bursts of α’-martensite transformation during 
tensile loading. This behavior is of significant importance for the mechanical 
properties of the metastable austenitic stainless steels, since it provides strong 
local hardening and increases the time to neck formation. 

The behavior of 301 during tensile loading at different strain rates was also 
investigated and it was concluded that even moderate strain rates produce 
adiabatic heating sufficient to suppress the martensite formation. The strain-
induced martensitic transformation and the stress-strain behavior was 
predicted by an extended Olson-Cohen strain-induced martensite model, 
finite element simulations for the temperature evolution and a radial return 
algorithm for the stress-strain behavior. The measured and modeled results 
were in fair agreement. In addition, the phase specific stresses were measured 
during the experiments and these were in good agreement with the 
predicted results from the finite element model. Thus, it was concluded that 



the employed iso-work principle was a good assumption for the stress 
distribution between the phases. 

One way of tailoring the metastable austenitic stainless steels’ 
microstructure with different phase fractions and deformation structures is by 
the reverse transformation from martensite to austenite. This was investigated 
for the cold rolled 301 steel, and the reverse transformation was observed to 
occur via two different mechanisms, one diffusion controlled and the other a 
diffusionless transformation. The onset of the diffusion reversion was about 
450°C and the shear reversion became active at higher temperatures. The 
microstructure of shear reversed austenite consists of highly faulted austenite 
with an inherited lath like structure. 

The stress response of 15 individual austenite and ferrite grains deeply 
embedded in the bulk of a 2304 duplex stainless steel was measured during 
tensile loading. These results showed large intergranular stresses acting 
between grains and these stresses can have a significant effect on the two-
phase behavior during loading. 

The -martensite formation was investigated for 45 individual austenite 
bulk grains in 301 and the resolved shear stress was determined. Out of the 
45 austenite grains probed one was observed to form -martensite. The grain 
that formed -martensite had the highest Schmid factor for the active slip 
system during fcc to hcp transformation. 

Finally, the use of a conical slit have allowed for investigations of 301 
material response during tensile loading to high strains (15%). The rotation of 
seven austenite grains could be followed and α’-martensite transformation 
was coupled to two of the individual austenite grains. Thus, it was 
demonstrated that it is possible to investigate the three-dimensional structure 
evolution and deformation-induced phase transformations during tensile 
deformation to high strains. 
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Chapter 1.    Introduction 

Stainless steels are interesting engineering materials with an increased 
popularity due to their combination of good corrosion resistance and 
mechanical properties. The high-performance stainless steels are often multi-
phase like e.g. duplex stainless steels and cold-worked metastable austenitic 
stainless steels. The duplex stainless steels consist of both austenite and ferrite 
phases and the metastable austenitic stainless steels are pure austenite in 
annealed condition, but they transform partially to martensite during 
deformation and two potential martensite phases, namely α’-martensite (bcc) 
and -martensite (hcp) can form. The response to an applied load for these 
two steel types is therefore a type of composite behavior where the 
constraint and load partitioning between phases are highly relevant for the 
mechanical response. In addition to the traditional yielding by slip, the strain-
induced martensitic transformation during loading further alters the 
mechanical behavior of the metastable austenitic stainless steels. 

The behavior of these stainless steels is thus highly technically relevant and 
also constitutes model materials to understand how multi-phase materials 
respond to applied loads. It is however a challenge in material science to 
perform detailed experimental studies of polycrystalline materials bulk 
response. The traditional experimental methods, such as transmission 
electron microscopy and x-ray diffraction, are surface methods. Neutron 
diffraction is suitable for investigations of bulk response, but the spatial and 
time resolution of neutrons studies are low and therefore synchrotron x-rays 
are preferred for bulk investigations of polycrystalline materials with a high 
spatial resolution. The synchrotron x-ray based techniques for structural 
characterization of materials has rapidly improved with the advent of the 
dedicated synchrotron sources. It is today possible to characterize structural 
materials from the small scale of dislocation structures and individual grains 
up to the more macroscopic scale. These investigations can be performed on 
structures deeply embedded within the bulk of polycrystalline materials and 
with a good temporal resolution. 

Hence, this technique can give new insights on the structure evolution in 
one of the more important engineering materials, i.e. stainless steels. The 
information of the constraint and load partitioning that can be obtained from 
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these materials can provide valuable insight on how to improve the current 
material models for more accurate predictions of the mechanical behavior 
during e.g. forming operations and in service.  

1.1. Scope of this work 

This work is devoted to the investigation of the load response of a duplex 
stainless steel SAF 2304 and a metastable austenitic stainless steel AISI 301. 
Both steels are multi-phase and the load response is strongly influenced by 
the load partitioning between the different phases. In addition, the metastable 
austenite partially transforms to martensite during loading, which influences 
the mechanical properties of the steel. Thus, load partitioning and strain 
induced martensite formation is addressed in this thesis. Part of the work is 
further dedicated to the investigation of the reverse martensitic 
transformation from martensite to austenite in the metastable austenitic 
stainless steels, since this is a possible way to tailor the microstructure of these 
steels.

The main experimental technique utilized here is high-energy x-ray 
diffraction, which enables three-dimensional characterization of embedded 
structures like individual grains in the stainless steels. In particular, high-
energy x-ray diffraction is ideal to investigate the load response of phase 
domains and individual grains embedded in the stainless steels during loading. 
The obtained experimental data is further used as input to material modeling 
of the mechanical response of these two stainless steel types. 
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Chapter 2.    Stainless steels 

Stainless steels are iron based alloys containing a minimum chromium 
content of 10.5% (Cunat, 2004). The chromium reacts with oxygen in the 
air and forms a thin passive layer of chromium-rich oxide on the surface, 
which protects the underlying metal from corrosion in ambient conditions, 
i.e. air at room temperature. The resistance to corrosion at elevated 
temperatures and in reductive atmospheres can be enhanced by additional 
alloying with e.g. nickel and molybdenum. 

The addition of the different alloying elements can produce varying 
crystallographic structures, and contrary to most materials the stainless steels 
are named after their room temperature structure rather than chemical 
composition. There are five standard types of stainless steels (Lippold and 
Kotecki, 2005): 

• Ferritic
• Martensitic
• Austenitic 
• Duplex (austenite and ferrite) 
• Precipitation hardening 

The ferritic steels predominantly consist of iron and chromium and they 
share the same body centered cubic (bcc) structure as pure iron. The ferritic 
steels resist corrosion in normal, non-aggressive atmospheres, and their lean 
alloy content makes them more affordable, hence they are often used in 
industrial applications where the traditional carbon steels would rust but 
where there is insufficient motivation for high priced materials. Exhaust pipes 
for the automobile industry are one common application (Inoue and 
Kikuchi, 2003). 

By adding carbon to the iron chromium system martensitic stainless steels 
are obtained. The martensitic stainless steels are similar to carbon steels in 
that they are hardenable, i.e. they form the body centered tetragonal (bct) 
martensite structure upon cooling from elevated temperatures. One 
difference of martensitic stainless steels, compared to carbon steels, is that air 
cooling is generally sufficiently rapid to obtain the martensitic structure. The 
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hardness and moderate corrosion resistance of martensitic stainless steels make 
them suitable for applications such as knives and razor blades (Nygren et al., 
1970).

The austenitic stainless steels usually contain nickel in addition to iron and 
chromium, which stabilizes the face-centered cubic (fcc) austenite structure 
at room temperature. The nickel can be replaced to some extent by other 
austenite stabilizing elements such as manganese. The austenitic stainless 
steels have higher corrosion resistance compared to the ferritic and the 
martensitic stainless steels, and highly alloyed austenitic steels can resist 
corrosion in aggressive and reducing atmospheres, and are thus commonly 
used in the chemical industry. Other common applications are kitchen 
appliances, e.g. kitchen sinks, and in these applications the austenitic steels 
are desired because of their combination of good formability and corrosion 
resistance (Nygren et al., 1970). 

The duplex stainless steels consist of both austenite and ferrite. They 
combine some of the favorable properties of the two phases to produce a 
steel with superior yield strength and stress corrosion cracking resistance 
compared to pure austenitic grades. These properties makes the duplex 
stainless steels attractive for load-bearing applications in corrosive 
atmospheres, e.g. in the off-shore industry (Lippold and Kotecki, 2005). 

The fifth class of stainless steels is the precipitation hardened alloys, with 
three subgroups named according to their structure (austenitic, martensitic or 
semi-austenitic). The precipitation hardened alloys form precipitates during 
aging, which enhances the strength of the base structure. The strength of the 
martensitic structure can be increased by precipitation hardening to obtain 
ultra-high strength steel. The precipitation hardened alloys are however 
expensive and therefore mostly used in specialized applications in high-
technology industries (Lippold and Kotecki, 2005).  

2.1. Historical perspective 

There is some debate as to where and when the stainless steels were first 
invented, and who can claim to have made the significant initial discoveries. 
The first attempts to alloy iron with chromium are generally attributed to the 
Frenchman Berthier in 1821 (Lippold and Kotecki, 2005). It should be noted 
that elemental chromium was first produced only in 1797 (Lula, 1985). The 
steels produced by Berthier had 1.5% chromium and displayed poor 
formability due to their high carbon content, which hindered further 
development. Interest was renewed about 100 years later in 1897, when the 
German Goldschmidt developed a technique to produce low carbon steel 
with chromium additions. At about the same time (1899) Heroult developed 
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the direct-arc electric furnace, suitable for melting raw materials in steel 
production. These two new techniques worked as precursors for the 
development of the stainless steels, and a number of reports concerning 
microstructure and properties of iron-chromium alloys rapidly followed, by 
Guillet, Portevin, and Giesen (Lippold and Kotecki, 2005). 

The first commercial stainless steel is attributed to Harry Brearly, who at 
the time was head of the Sheffield research laboratory at Thomas Firth and 
Sons in England. Brearly worked his way up the company after starting as a 
bottle washer at age 12, and at 36 years old in 1912 he was investigating new 
steel grades to be used in rifle barrels. Brearly found that alloying with 
chromium made etching of the microstructure difficult, and thus he 
concluded that chromium additions to steel could improve corrosion 
resistance (Dillon, 1995). In 1913 he succeeded in casting steels with the 
composition 12.86% Cr, 0.24% C, 0.20% Si, and 0.44% Mn and though it 
was not successfully used in the gun barrels it found use as cutlery blades. 
This alloy later led to Brearly receiving a US patent for cutlery stainless steels 
covering a composition from 9 to 16% chromium. Independently in 
Germany, the company Krupp was working on iron chromium steels with 
additions of nickel. These two inventions are normally considered as the 
birth of stainless steels, and in particular martensitic stainless steels (Brearly) 
and austenitic stainless steels (Krupp) (Stainless Steel World, 2007). 

2.2. Production Process 

The melting of raw materials for stainless steel production is normally 
performed in an electric arc furnace and the melt is then transferred to a 
refining vessel. The initial carbon content of the steel in the refining vessel 
can be as high as 1.5 to 2% and this need to be reduced (Lippold and 
Kotecki, 2005). 

There are two main decarburization methods: argon oxygen 
decarburization (AOD) and vacuum oxygen decarburization (VOD), both of 
which utilize the reaction between carbon in the steel melt and oxygen gas 
to form carbon monoxide (CO). The oxidation of carbon is helped by 
reducing the partial pressure of CO, by either an inert gas (AOD) or vacuum 
(VOD) (Peckner and Bernstein, 1977). The reacted carbon monoxide can 
subsequently escape from the molten steel and these processes have enabled 
routine decarburization to levels below 0.04% carbon. An additional benefit 
with the decarburization is that the sulfur content is reduced to about 
0.001%.

Following decarburization, the refined steel is either poured into ingot 
moulds or cast into slabs in a continuous casting machine. The slabs are then 
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reduced to the final dimensions by hot and cold rolling with possible 
intermediate heat treatments as in the case of sheet steel production (Lippold 
and Kotecki, 2005). 

2.3. Phase and constitution diagrams 

The metallurgy of stainless steels is often complex due to the large 
number of alloying elements, with modern steels often containing 10-15 
elements. The three equilibrium phase diagrams for Fe-Cr, Fe-Cr-C and Fe-
Cr-Ni, do however provide the basis for the phase metallurgy of the various 
stainless steels. The Fe-Cr equilibrium phase diagram is presented in Figure 1 
and this is the basis for the ferritic stainless steels. Steels with chromium 
contents above 12.7 wt% will solidify as pure ferrite and generally this is also 
the structure at room temperature. Further, it should be noted that an 
intermetallic phase called sigma ( ) phase can form at low temperatures 
predominantly in alloys containing more than 20% Cr. The -phase is hard 
and brittle and therefore unwanted in the structure. It can however often be 
avoided by short hold times at the -phase formation temperature, since it 
has rather slow transformation kinetics. Another phase with embrittling 
effects is α’, which forms as coherent Cr-rich precipitates within the ferrite. 
The α’ forms between about 370 to 540°C and α’ formation is behind the 
well-known phenomenon called “475°C embrittlement”. However, like the 
-phase formation, α’ transformation kinetics are slow and it can often be 

avoided (ASM Handbook, 2004). 

Figure 1: Fe-Cr equilibrium phase diagram, from Nygren et al. (1970) 

Adding carbon gives the equilibrium phase diagram of Fe-Cr-C, which is 
the basis for the martensitic stainless steels. The addition of carbon expands 
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the -phase loop in the Fe-Cr diagram, thus these steels will be austenite at 
elevated temperatures. Upon cooling, the austenite will transform to the 
martensite bct-structure. The difference between martensite hardening in the 
martensitic stainless steels and in the traditional carbon steels is the cooling 
rate, where air cooling of the martensitic stainless steels is generally rapid 
enough to obtain the martensite structure. The presence of carbon in 
addition to stabilizing the austenite at elevated temperatures may also induce 
carbide precipitation (see Figure 2a). 

To stabilize austenite at room temperatures other alloying additions are 
required. The most common way is to alloy with nickel, and thus the Fe-
Cr-Ni system (Figure 2b) forms the basis for both austenitic and duplex 
stainless steels. The specific compositions of these steels determine whether 
they will solidify as ferrite or austenite. The pure austenitic grades will 
solidify as austenite and remain austenitic at room temperature. The duplex 
grades will however solidify as ferrite and form austenite when the 
temperature drops below the ferrite solvus line. They are then held at a 
constant temperature (>1040°C) where roughly equal amounts of ferrite and 
austenite are in equilibrium. Both the duplex and the austenitic grades are 
subsequently rapidly cooled to avoid formation of unwanted phases 
(Honeycombe and Bhadeshia, 2000), and in the case of duplex steels to also 
maintain the equal amounts of ferrite and austenite (Lippold and Kotecki, 
2005). The phase metallurgy of the austenitic and duplex stainless steels will 
be elaborated upon in Sections 2.5 and 2.6 respectively, since these steels are 
the main focus of the present work. 

Figure 2. a) Pseudo-binary phase diagram of Fe-Cr-C where C1 and C2

denote carbide phases b) Pseudo-binary phase diagram of Fe-Cr-Ni with 
70% Fe, from Lippold and Kotecki (2005) 
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The three equilibrium phase diagrams presented above are useful aids to 
understand the phase metallurgy of stainless steels, however phase diagrams 
for a specific alloy composition would be even more valuable. Such diagrams 
can be obtained via thermodynamic calculations to produce the phase 
diagram for a specific alloy, and there is software available for this purpose. 
One of the most recognized is ThermocalcTM (Sundman et al., 1985, 
Andersson et al., 2002). 

Sometimes there is a need for a simpler tool to use for the prediction of 
the phases after welding and heat treatments. Such a tool is constitution 
diagrams, and there have been numerous attempts to produce constitution 
diagrams from empirical relations. They all rely on the assumption that 
alloying elements can be classified as either austenite stabilizing or ferrite 
stabilizing. The chromium stabilizes ferrite and nickel stabilizes austenite. 
Therefore, the constitution diagrams often have empirical relations to 
calculate chromium and nickel equivalents. Perhaps the most well-known 
constitution diagram is the Schaeffler-Delong diagram (Figure 3), which was 
originally developed for welding, but is also frequently used to predict the 
phases after heat treatments. The Schaeffler-Delong empirical relations for 
the Cr-equivalent and Ni-equvalent are (Leffler, 1996): 

Cr-equivalent=%Cr + 1.5%Si + %Mo     (1) 
Ni-equivalent=%Ni + 30(%C+%N) + 0.5(%Mn+%Cu+%Co) (2) 
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Figure 3: Schaeffler-Delong constitution diagram for stainless steels, from 
Leffler (1996) 

2.4. Corrosion resistance 

The passive chromium-rich oxide formed on stainless steel surfaces is the 
reason behind the stainless steels’ resistance to staining, i.e. to rust and 
corrosion, which is not found in ordinary carbon steels. The oxide can 
readily form in oxidizing atmospheres and has the ability to self heal, i.e. if 
the surface is scratched new oxide will form on the unprotected metal and 
once again protect the underlying steel from corrosion. A prerequisite for the 
self healing is of course that oxygen is present and that the environment is 
not too aggressive. The structure of the oxide layer has been described as 
similar to chromite, and the thickness of the oxide layer is about 1-2 nm 
(Cunat, 2004). Even the minimum amount of chromium (~11%) is sufficient 
to form the passive layer on the surface, but the stability of the passive film 
increases with increasing the Cr content up to 17% (Leffler, 1996). The 
alloying by chromium and the passive surface layer formed implies that all 
stainless steels, including the lean ferritic and martensitic grades, are 
practically immune to general corrosion under normal conditions (Dillon, 
1995). The stainless steels are however sensitive to some localized attacks like 
e.g. pitting, crevice or intergranular corrosion. To withstand these types of 
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attacks, especially in reducing atmospheres, additional alloying is required, 
but may not be sufficient. 

One way to indicate the stainless steels’ resistance to corrosion in reducing 
atmospheres and towards localized attack is the Pitting Resistance Equivalent 
(PRE), equation 3. The PRE can indicate how well the steel can withstand 
use in chloride atmospheres, and in seawater a PRE in excess of 40 is 
recommended (Dillon, 1995): 

PRE=%Cr+3.3x%Mo+30x%N      (3) 

Nickel alloying will stabilize the austenite structure and improve the 
corrosion resistance, especially in sulfuric acid environments, even when the 
passive layer is absent or damaged. Molybdenum is also beneficial for the 
corrosion resistance, since it decreases the required oxidizing effect of the 
atmosphere for forming a passive layer. In addition, molybdenum will 
prevent already-formed passive films from breaking down and increase the 
resistance towards localized attack, e.g. crevice corrosion and pitting 
corrosion in chloride atmospheres. 

Manganese is a strong oxide and sulfide former and it is typically added to 
prevent de-oxidation and formation of sulfide inclusions, which could result 
in hot cracking. Silicon will also improve the corrosion resistance, and 
moreover it prevents carburizing at high temperatures (Cunat, 2004). 

Carbon is a strong austenitizer, but it is generally kept at low levels in the 
austenitic stainless steels. This is done to maintain the high corrosion 
resistance of the austenitic stainless steels, especially at elevated service 
temperatures or after welding. Carbon has a tendency to react with the 
chromium in the steel and this can deplete the steel of chromium, thereby 
reducing the corrosion resistance. This is particularly seen in steels kept at 
temperatures between 600 and 900°C, where the carbide precipitation is 
most pronounced. The interstitial carbon can diffuse fast through the volume 
of the steel, but the substitutional chromium diffuses much more slowly, 
hence the steel is mainly depleted of Cr at the grain boundaries where e.g. 
Cr23C6 can form. This depletion of chromium at grain boundaries is called 
sensitization and it can lead to severe intergranular corrosion. 

Nitrogen additions will increase the resistance to sensitization, since 
chromium nitride can form instead of chromium carbide. The risk of 
sensitization can also be minimized by adding strong carbide formers (except 
for chromium) to the steel. Titanium, niobium and columbium are examples 
of such strong carbide formers and they will attract the carbon to form e.g. 
titanium-carbide instead of chromium-carbide. The alloying chromium is 
therefore still well dispersed in the structure and local corrosion attack can be 
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avoided. The grades with strong carbide formers are called stabilized stainless 
steels (Lula, 1986). 

Stress corrosion cracking is another corrosion mechanism to be aware of, 
especially in the austenitic stainless steels. In particular, corroding 
atmospheres like chloride solutions, elevated temperatures (above 60°C) and 
applied tensile stresses is detrimental (Dillon, 2005).

2.5. Austenitic stainless steels 

The austenitic stainless steels are the most commonly used type of stainless 
steel. They are attractive due to their combination of good general corrosion 
resistance and favorable mechanical properties such as formability and as-
formed strength. There is a wide range of chemical compositions with 
chromium contents ranging from 16 to 28% and nickel from 3.5 to 32%. 
The nickel equivalent needs to be maintained at high levels to stabilize the 
austenite structure at room temperature and in the 300-series of stainless 
steels this is obtained by alloying predominantly with nickel. For instance, 
the most common austenitic grade (18/8) consists of 18% Cr and 8% nickel. 
However, the nickel price is high compared to many other alloying elements 
and this has led to the development of the 200-series where nickel is largely 
replaced by manganese (Cunat, 2004). 

Due to the sensitization problem discussed earlier, the carbon content is 
always low (C<0.08%) but there are some specialized low-carbon grades 
where this content is even further reduced. Lowering the carbon content 
will however reduce the yield strength of the steel, but this can be 
compensated for with nitrogen additions. Nitrogen acts like interstitial 
carbon, and can therefore generate solid-solution strengthening of the 
austenite and thus the yield strength of the low-carbon grades can be raised 
to the same level as standard grades. The highly alloyed austenitic stainless 
steels with low carbon content generally show the best corrosion resistance 
and are commonly used in the chemical industry. The steel can also be 
stabilized by additions of strong carbide formers to further reduce the risk of 
sensitization. The solution-treatment of all austenitic alloys at about 1050°C 
and then quenching is another important measure to avoid sensitization, 
since it prevents the formation of carbides. It is also done to avoid the 
formation of the intermetallics , , ’ and laves phases (Lippold and 
Kotecki, 2005). 

The austenite in austenitic stainless steels can be more or less stable. The 
highly alloyed grades are considered stable and will only form martensite 
when quenched to cryogenic temperatures. However, the lean austenitic 
grades are classed as metastable austenitic stainless steels and these can 
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transform to martensite during cold working at about room temperature. 
This martensitic transformation is called deformation-induced martensitic 
transformation, and can further be separated into stress-assisted martensite 
transformation and strain-induced martensite transformation (Olson and 
Cohen, 1972). This deformation-induced martensitic transformation will 
change the properties of the metastable austenitic stainless steels during cold 
working considerably, and generate exceptional strain hardening (Talonen et 
al., 2007). In addition, the metastable austenitic grades have good formability 
which is also attributed to the deformation-induced phase transformation. 
The enhanced ductility, and thus formability, is provided by a phenomenon 
denoted Transformation Induced Plasticity (TRIP), which means that the 
ductility is enhanced by martensitic hardening prolonging the time to neck 
formation (Zackay et al., 1967; Parker and Zackay, 1973). The metastable 
austenitic stainless steels are therefore sometimes called TRIP-steels, but they 
should not be confused with the TRIP-carbon steels where the concept is 
used more frequently. The deformation-induced martensitic transformation 
will be further discussed in Chapter 3. 

In contrary to the stable austenitic grades, the metastable grades are 
frequently used in applications where good formability is desired, such as 
kitchen appliances and kitchen sinks (Marshall, 1984).   

2.5.1. Microstructure 

The large variety of alloying elements and phases in austenitic stainless 
steels can result in a rather intricate microstructure. The solution-treated 
austenitic stainless steel depicted in Figure 4a contains almost pure austenite 
and the defect structure is rather uncomplicated with low dislocation density, 
but as these steels often have low stacking fault energy (SFE) there are many 
stacking faults. These stacking faults are also a precursor to the -martensite, 
which has a hexagonal close packed (hcp) structure. This -martensite can 
form either by cooling or during cold working of the metastable austenitic 
stainless steels. There is also another martensite, called α’-martensite, which 
is close to body centered cubic (bcc) and will usually form in more 
significant amounts than the -martensite. In addition to the two martensite 
phases, precipitates like M23C6 and intermetallics like , , ’ and laves can 
form in the austenite structure. This formation of precipitates and 
intermetallics is the reason why austenitic steels are solution-treated and 
rapidly quenched to avoid the formation of these phases (Marshall, 1984). 

In addition to the solution-treated steel, a highly faulted reversed austenite 
and a cold-worked composite structure of austenite, -martensite and α’-
martensite is depicted in Figure 4a-c to demonstrate the wide range of 
microstructures seen in austenitic stainless steels. 
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Figure 4: Optical micrographs of  
austenitic stainless 301 after various 
heat treatments showing  widely 
different microstructures:  a) pure 
solution-treated austenite with low 
defect density b) ~ 95% shear-reversed 
austenite with high defect density c) 
Cold-worked austenite with a high 
defect density and partially 
transformed to martensite (~ 37%) 

2.5.2. Martensitic transformation 

As previously discussed, the austenitic stainless steels are susceptible to 
martensitic transformation. The stable grades will only form martensite upon 
cooling to cryogenic temperatures, but the less stable grades are prone to 
both a spontaneous transformation upon cooling and deformation-induced 
martensitic transformation. The term martensitic transformation is general 
and is applicable to many materials. The martensitic transformation is a 
cooperative movement of atoms without any long range diffusion, where the 
speed of transformation has been reported as 1100 m/s (Bunshah and Mehl, 
1953). The lack of diffusion creates a very precise orientation relationship 
between the parent austenite and the product martensite, a fact which was 
recognized by Bain who introduced a theory on how to transform the face-
centered cubic (fcc) austenite, to the body-centered cubic (bcc) or body-
centered tetragonal (bct) ’-martensite by a cooperative movement of atoms 
(Bain, 1924). The Bain theory was adopted because it demonstrated 
theoretically the martensitic transformation with a minimum of atomic 
movement. Later, it was further suggested that the Bain distortion was not 
complete, since it did not produce any invariant plane (habit plane), and 
other theories were introduced building on the shape change plus a twinning 
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shear to produce a similar structure to what had been found experimentally. 
Reed (1962) investigated an austenitic 18/8 steel and found the habit plane 
to be {225}, but other habit planes have also been reported. Further, the 
crystallographic relationship between the austenite and martensite phases has 
been determined as:

(111) || (011) and [101] || [111] (Kurdjumov and Sachs)  (4) 
(111) || (011) and [110] || [101] (Nishiyama-Wasserman)  (5) 

These two orientations differ about 5° around [111]  (Porter and 
Easterling, 1993). The experimental findings lead to the phenomenological 
theory, which incorporates both the Bain distortion and accounts for the 
invariant plane. The phenomenological theory states that the martensitic 
transformation is accomplished by the Bain distortion and a shear 
deformation at the interface between austenite and martensite. The shear at 
the interface occurs by either slip or twinning (Fig. 5). 

a) b) c)

Figure 5: Schematic of the martensitic transformation (a) the shape change 
predicted by Bain (b) shear at the interface between austenite and ’-
martensite (c) twinning at the interface of austenite and ’-martensite.

The austenitic stainless steels are also prone to a third type of martensitic 
transformation; the reverse transformation from martensite to austenite, 
which can also be a martensitic transformation, i.e. diffusionless. The reverse 
martensitic transformation has received renewed attention recently due to 
the possibility to control microstructure, or to obtain ultra-fine grain size in 
austenitic stainless steels (Di Schino et al., 2002a, b; Di Schino et al. 2003a, 
b), or to produce local areas of austenite in a martensitic structure for good 
formability with a maintained high strength (Johannsen et al., 2006). 

The reverse martensitic transformation from martensite to austenite 
produces a significantly different structure than the solution-treated austenite 
if the recrystallization temperature of the austenite is higher than the 
martensite reversion temperature. The reverse austenite will in such case 
resemble a martensite structure, i.e. the reverted austenite has a highly faulted 
structure. In fact, the fcc structure formed after the reverse martensitic 
transformation was called fcc martensite (Nishiyama 1978). 
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The mechanisms of the reverse martensitic transformation and the 
resulting microstructures have been investigated for a number of pure Fe-Ni 
and Fe-Ni-Cr alloys (Krauss, 1963; Kessler and Pitsch, 1967; Apple and 
Krauss, 1972; Guy et al., 1983). It was found that there are two competing 
mechanisms for the reverse martensitic transformation, where one is diffusion 
controlled and the other is diffusionless. Guy et al. (1983) used in situ
transmission electron microscopy during heating of the samples, finding that 
the retained austenite front grew at the expense of the martensite via a 
diffusion mechanism. The microstructure of the reverted austenite produced 
from the diffusion mechanism also resembled a lath martensite structure with 
the orientation relationship between austenite and martensite typical for the 
diffusionless transformation. Thus, the reverse martensitic transformation 
from martensite to austenite is possibly controlled by two different 
mechanisms and the respective microstructures resemble each other with an 
inherited lath structure. The heating rate has been found an important 
consideration when evaluating the acting mechanisms. However, in most 
practical applications both mechanisms are likely to contribute (Tomimura et 
al., 1991). 

The diffusion reversion occurs in a quite broad temperature range by 
nucleation and growth of austenite grains from the original martensite. The 
rate of the diffusion reversion is clearly higher at elevated temperatures, but it 
has been reported to start at about 400°C (Takaki et al., 1994). In contrary, 
the diffusionless reverse transformation occurs in a narrow temperature range 
(Tomimura et al., 1991). Furher, this temperature range is composition 
dependant and a low Ni/Cr ratio increases both the diffusionless reversion 
start temperature (As´) and the diffusionless reversion finishing temperature 
(Af´).

2.5.3. Mechanical Properties 

The numerous alloying elements, phases and defect structures of the 
austenitic stainless steels will of course also generate a wide range of 
mechanical properties. Various empirical relations for the yield and tensile 
strength based on chemical composition and microstructural features have 
been proposed: 
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The parenthesis indicate the alloying elements in wt%, d is the mean 
linear intercept of the grain diameter in mm, -ferrite is the fraction in wt% 
and t is the twin spacing in mm. According to these simple empirical 
relations, more alloying elements, especially carbon and nitrogen, impose 
higher strength due to solid solution strengthening. The proof strength is also 
increased by -ferrite, and small grain size. The ultimate tensile strength is 
increased by -ferrite, but the twin spacing is more relevant than the grain 
size in this case (Marshall, 1984). 

These relations are however an oversimplification of the strength in 
austenitic stainless steels. The martensite that can form during deformation is 
for instance not included in these equations even though it will contribute 
greatly to the strength (Talonen, 2007). Other simple formulas where 
martensite is taken into account have been proposed (Marshall, 1984), but it 
can generally be said that a more comprehensive theory is needed for 
accurate predictions of the steel strength. Nevertheless, simply put, the lean 
grades of austenitic stainless steel have high strain hardening due to the 
strain-induced martensite, leading to good ductility and formability. 
Contrarily, the highly alloyed stable austenitic grades have lower work 
hardening rates, but usually higher yield strength due to more solid solution 
strengthening. Thus, more alloying elements will generally generate higher 
yield strength, but lower tensile strength due to suppressed martensite 
transformation.  

2.6. Duplex stainless steels 

The duplex stainless steels constitute of nearly equal amounts of austenite 
and ferrite. The first duplex grade was developed in 1927, but commercial 
production started in the 1930’s. However, it was the 1980’s when they first 
started to gain acceptance and become more frequently used (Lippold and 
Kotecki, 2005). Today, the duplex stainless steels are recognized for their 
good corrosion resistance and mechanical properties. In comparison to the 
pure austenitic grades they have a better resistance to stress-corrosion 
cracking and pitting corrosion, especially in chloride atmospheres. In 
particular, the super duplex stainless steels (PRE>40) are well suited for use 
in seawater e.g. as pipelines. In general, the duplex grades are well suited for 
applications in the petrochemical and off-shore industries, with often equally 
good or better corrosion resistance than the austenitic grades, and lower price 
than the high nickel containing austenitic grades (Nilsson, 1992). 
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2.6.1. Microstructure 

During the solidification of the duplex stainless steels pure ferrite solidifies 
first and when the temperature drops below the solvus line of ferrite, 
austenite islands can subsequently nucleate and grow in the ferrite matrix. 
The ferrite and austenite phases will constrain each other and inhibit grain 
growth, and thus the grain size in both phases is generally small. The hot 
rolling and cold rolling of the duplex grades will often create a characteristic 
banded structure of elongated grains and phase islands along the rolling 
direction. Clearly this affects the texture of the duplex grades and a texture of 
{100} <001> in ferrite and {110} <112> in austenite have been reported 
for cold rolled sheet of 22Cr-5Ni-3Mo (Nilsson, 1992). 

The large amount of precipitate phases that can form above about 300°C 
in the duplex stainless steels will impose restrictions on the service 
temperature. The , ’, Cr2N, , R and  phases may all deteriorate the 
duplex stainless steels’ corrosion resistance and mechanical properties via 
embrittlement, hence, the use of the solution-treatment and rapid quenching 
to avoid these unwanted phases (Lippold and Kotecki, 2005).   

2.6.2. Mechanical Properties 

The duplex stainless steels’ mechanical properties are a combination of the 
pure phases’ properties. The composite structure with austenite and ferrite 
phases will impose constraint strengthening and thus the yield strength of the 
duplex stainless steels is superior to both pure ferritic and pure austenitic 
grades. Typical yield strength of the duplex grades are above 425 MPa, but 
their strain hardening and ductility is lower than that of the austenitic 
stainless steels, especially the metastable austenitic grades. The reason for the 
lower strain hardening, compared to the metastable austenitic grades is the 
lack of martensite transformation in duplex stainless steels. The austenite 
stabilizing elements are mainly situated in the austenite structure and this 
gives a rather stable austenitic phase not prone to deformation-induced 
martensitic transformation. 

The anisotropic mechanical properties of duplex stainless steel SAF 2304 
were comprehensively studied by Moverare (2001). The significant 
anisotropy found upon testing of tensile properties along the rolling 
direction, transverse direction and 45° from the rolling direction was 
attributed to the different texture in austenite and ferrite, constraint between 
the two phases, and residual macro- and micro-stresses in the two phases. 

The ferrite phase in the duplex stainless steels makes them susceptible to a 
ductile to brittle transition temperature. This ductile to brittle transition and 
the previously mentioned formation of unwanted precipitates restricts the 
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service temperature of the duplex grades. Normally this service temperature 
is limited to between -40 and 280°C (Lippold and Kotecki, 2005). 
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Chapter 3.    Deformation behavior of polycrystals 

As presented in the preceding chapter: the alloy composition, phase 
constituents and initial microstructure generate different mechanical 
properties for the different stainless steel types, but also differences between 
grades of the same type. All the steels investigated in this thesis are 
polycrystalline and aggregates of crystals under load have significantly 
different load response compared to single crystals. Researchers have long 
been interested in developing the understanding of how single crystals 
interact within an aggregate (Hosford, 1993). The steels investigated in this 
thesis are multi-phase in addition to being polycrystalline, and the metastable 
austenitic stainless steels can partially transform to martensite during 
deformation. These steels are therefore excellent model materials for 
investigating the complex deformation behavior of polycrystalline aggregates 
with multiple phases, which in addition to the normal plastic deformation by 
slip can suffer permanent deformation by other mechanisms such as twinning 
and strain-induced martensite. 

The purpose of this chapter is to review the current understanding of 
multi-phase polycrystalline materials, which in addition to slip can suffer for 
instance deformation-induced phase transformation. First, the comparison 
between single crystals and polycrystal is made and this is subsequently 
expanded to the multi-phase polycrystals. Thereafter, strain-induced 
martensite and the different factors affecting the transformation are briefly 
explained. The intent is to provide an insight into the complex deformation 
behavior of the duplex and the metastable austenitic stainless steels 
investigated throughout this thesis.

3.1. Single crystals and polycrystalline aggregates 

Single crystals can deform without any constraint from the neighborhood, 
excepting the load fixture. Contrarily, the crystals in a bicrystals constrain 
each other and there has to be a continuity of strain across the grain 
boundary, otherwise cracks and voids would form between the grains. A 
grain with an initially favorable orientation for slip deformation will therefore 
be constrained by another grain less favorably oriented for slip. This 
constraint between neighboring grains in a bicrystal is demonstrated in 
Figure 6. Three strain conditions need to be fulfilled in order to have 
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continuity across the grain boundary between the two grains: y
I = y

II, z
I =

z
II and yz

I = yz
II. Grains I and II have different initial orientations, i.e. their 

Schmid factors are different, and upon deformation the grain with a less 
favorable orientation for slip will restrict the deformation of the other grain 
according to the continuity conditions. The yield strength and the work 
hardening of the bicrystal will therefore be higher than for a single crystal of 
the same material. 

In the case of a polycrystalline aggregate, the constraint will be even 
higher, since the single crystal is completely embedded within a three-
dimensional network of other single crystals. Hence, the deformation of a 
polycrystal is more restricted and thus the yield strength and work hardening 
is significantly higher than for single crystals or bicrystals (Courtney, 2000). 

I II

F

F

y
x

z

Figure 6: Schematic of a bicrystal, which consists of two single crystals (I and 
II), under tensile load (F). The continuity condition across the grain 
boundary states that y

I= y
II, z

I= z
II and yz

I= yz
II and this increases the yield 

strength and strain hardening compared to a single crystal, after Courtney 
(2000)

Hook and Hirth studied the behavior of high purity bicrystals of Fe-3% Si 
during applied compressive load up to small plastic strains. The behavior of 
the bicrystals was investigated in terms of anisotropy between the crystals and 
continuity across the grain boundary. They found that the elastic interaction 
stresses acting at the grain boundary between the two crystals could activate 
slip on slip systems not predicted in single crystals with similar orientation. 
The magnitude of the interaction stresses depends both on the applied stress 
and the incompatibility between the two crystals (Hook and Hirth, 1967a, 
b).

The grain interaction has been investigated by many more researchers, but 
it is only recently that investigations of single grains within the bulk of 
polycrystals became possible. Since then, it is possible to follow the elastic 
lattice strain evolution of individual grains during tensile loading, as in 
Margulies et al. (2002), Martins et al. (2004) and Lienert et al. (2004). Thus, 
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it is now possible to follow the elastic interaction stresses within the bulk of 
polycrystals. 

3.1.1. Modeling of polycrystalline plasticity 

The first attempt to predict polycrystalline behavior from single crystal 
behavior was made by Sachs in 1928 (Sachs, 1928). The Sachs-model 
assumes that only one slip system is active and it can therefore not account 
for the shape change and the continuity across grain boundaries. In 1938, 
Taylor proposed another theory for the prediction of polycrystalline 
behavior. The basis for this model was the virtual work principle, which 
predicts the slip systems capable of producing the shape change with a 
minimum amount of consumed energy to be active (Taylor, 1938). Thus, 
the continuity condition is fulfilled, but there is no considerations as to 
whether the acting stress could physically activate these slip systems. Bishop 
and Hill further investigated Taylor’s assumption when they derived a theory 
relying on the same principles as Taylor and produced similar predictions, 
but used a slightly different calculation procedure (Hosford, 1993). 

Eshelby introduced the self-consistent models, where the interaction 
between an ellipsoidal inclusion and a homogeneous surrounding media is 
considered. This formulation was considered a general approach in the 
physics of solid materials (Eshelby, 1957) and this solution approach has been 
used by numerous authors with somewhat different formulations for various 
applications. The self-consistent approach was applied to polycrystalline 
deformation by Kröner, who used an elasto-plastic self-consistent model to 
predict the polycrystal behavior from the single crystal properties (Kröner, 
1961). Lebensohn and Tome instead used a visco-plastic self-consistent 
model to predict the texture development in zirconium alloys (Lebensohn 
and Tomé, 1993). 

The current state-of-the-art models are taking the actual grain interaction 
into account when predicting the polycrystalline behavior. These models are 
finite-element based and they have been used to predict deformation textures 
in fcc polycrystals (Sarma and Dawson, 1996; Mika and Dawson, 1998). 
These models do however put huge demands on computational power and 
still have to be evaluated with suitable experimental data. This type of 
evaluation can be conducted with the three-dimensional x-ray diffraction 
(3DXRD) data of elastic strain evolution as produced by Lienert et al. 
(2004). They compared their 3DXRD data with finite-element modeling of 
the individual grain behavior, and a fair agreement between modeling and 
the experimental data was found.     
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3.1.2. Lattice strain evolution in polycrystalline austenitic stainless steels 

The residual and evolved lattice strain in polycrystalline aggregates is an 
important topic since it is vital for the determination of residual macrostresses 
from diffraction measurements, and it can give information about the 
micromechanical behavior which is relevant for the elasto-plastic response of 
the polycrystal as outlined in above. 

Daymond et al. (1997) used neutron diffraction to investigate the hkl-
dependent lattice strain evolution in an austenitic stainless steel during tensile 
loading to 2% strain. They used Rietveld refinement to further couple the 
hkl-dependent lattice strains to the bulk elastic response of the steel. Clausen 
et al. (1999) also used neutron diffraction to measure the lattice strain 
evolution in a weakly textured austenitic stainless steel. They compared the 
measured lattice strains to elasto-plastic self-consistent models and found 
reasonable agreement between measured and calculated lattice strain 
response. The lattice strain measured along the tensile direction agreed better 
with the modeling than the lattice strains perpendicular to the tensile 
direction. Daymond et al. (2000) tested the lattice strain evolution in a 
textured austenitic stainless steel using neutron diffraction. The three times 
random texture was considered to have a low impact on the measured and 
modeled lattice strains, in comparison with the residual strains induced by the 
cold rolling reduction. 

Pang et al. (2000) investigated the lattice strain evolution in austenitic 
stainless steel 309H and in contrast to previous studies they deformed to 
larger strains (13%). They used the elasto-plastic self-consistent model by 
Turner and Tome (1994) for comparison between measured and simulated 
lattice strains and found the model to overestimate the intergranular strains 
perpendicular to the tensile direction. The lattice strain evolution in 
austenitic stainless steels have also been investigated during cyclic loading 
(Lorentzen et al., 2002) and at elevated temperatures (Daymond and 
Bouchard, 2006).

3.2. Multi-phase polycrystals 

The behaviour of polycrystals is further complicated when multiple phases 
are present, and this is the case in the duplex stainless steels and the cold 
worked metastable austenitic stainless steels investigated in this work. Their 
deformation behaviour resembles other multi-phase materials like the dual-
phase carbon steels and the -  titanium alloys. The strengthening of two-
phase structures is also realized in the metal matrix composites (MMC) 
(Warren, 1999). In the MMCs a “soft” metal is often strengthened via 
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“hard” ceramic reinforcements. This multi-phase strengthening mechanism 
was deliberately introduced, unlike the strengthening due to multiphases 
discovered in the duplex and metastable austenitic stainless steels, which is 
now manipulated to their advantage.

The types of strengthening mechanisms vary amongst multi-phase 
materials and the acting strengthening mechanisms are mainly controlled by 
the phase fractions, elasto-plastic properties, and the size/morphology of the 
phases. The MMCs can be used as an example, where the hard ceramic fibers 
are able to carry more load than the metal matrix and thus the strengthening 
is called load transfer strengthening. The ceramic fibers will also act as a 
constraint for plastic deformation of the matrix and this strengthens the 
matrix via a mechanism called constraint strengthening. It resembles the 
constraint strengthening discussed in Section 3.1, where the bicrystals restrict 
the deformation of the individual single crystals due to the continuity 
condition.

In addition to the constraint from different crystallographic orientation 
between grains, multi-phase alloys also have different elastic and plastic 
properties of the two phases and the multi-phase alloys are therefore likely to 
experience even higher constraint strengthening compared to single phase 
polycrystals. Small amounts of dispersed particles can strengthen the matrix 
phase considerably. However, small amounts (i.e. a few percent) of dispersed 
phases cannot carry any significant load and thus the load transfer 
strengthening is negligible (Courtney, 2000). 

3.2.1. Elasto-plastic behavior of two-phase structures 

In the following section the elasto-plastic behavior of two-phase 
polycrystalline materials will be outlined. Different formulations used to 
calculate and predict the elasto-plastic behavior will also be outlined. For 
more details, the reader is directed to the comprehensive review of the 
mechanical behavior of alloys consisting of two ductile phases in Ankem et 
al. (2006). 

The simplest way to predict the elastic properties of a two-phase structure 
is by using a rule of mixture, where either an isostrain condition (i.e. equal 
strain in all grains) or an isostress condition (i.e. equal stress in all grains) is 
assumed. This leads to a predicted Young’s modulus (E) of: 
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Where f is the phase fraction and the indices (a, b) denote the two phases. 
The assumptions of isostrain and isostress can provide reasonable estimation 
of the Young’s modulus in some cases, but they are generally considered to 
be the upper and lower bounds of the Young’s modulus of the composite 
structure. More sophisticated methods to derive the elastic properties of a 
composite structure are also available. For instance, Chawla et al. (2004) used 
a three-dimensional finite-element model of the microstructure (determined 
by serial sectioning) to simulate the stress-strain curve of a SiC reinforced 
aluminum composite. They found a good agreement between the calculated 
and the measured Young’s modulus. 

Ankem and co-authors have investigated the elastic interaction stresses in 
two-phase materials and as presented previously the interaction can be 
greater than for single-phase polycrystals. They investigated the elastic 
interaction stresses in -  titanium alloys during loading and found that the 
constraint between the two phases will induce additional stresses in the -
phase and decreased stresses in the -phase, relative to the applied stress. 
Even though the additional elastic interaction stresses are small in comparison 
to the applied stress it may be sufficient to induce plastic deformation on slip 
systems not predicted by the Schmid factor. This means that the material 
could yield even though the applied stress is below the yield strength. 

Further, Ankem et al. have investigated the behavior of tricrystals 
compared to bicrystals and also different morphologies using finite-element 
modeling. One of their findings was that the decay distance of the elastic 
interaction stresses increases as the volume fraction of the minor phase 
decreases (Ankem et al., 2006). 

The rule of mixture is generally not applicable to predict the plastic 
deformation of multi-phase polycrystals. This is especially true for the steels 
investigated in this thesis, since the plastic deformation can occur by several 
mechanisms. First, there is the normal plastic deformation by slip, where 
dislocations form and move on specific crystallographic planes in specific 
directions, i.e. dislocation movement on slip systems. The active slip system 
depends on the Peierls-Nabarro stresses in the crystal and the shear stress 
acting on the slip system, which is determined by the Schmid factor 
(Hertzberg, 1996). In addition to this, the elastic interaction stresses can also 
contribute to alter the prediction from the Schmid factor. 

Another important mechanism for plastic deformation is twinning, which 
means that a portion of the original crystal deforms to have a mirror 
relationship to the original crystal. In a similar way to slip, the elastic 
interaction stresses can generate twinning of a bicrystal or polycrystal, 
although the applied stress is not sufficient to induce twinning in a single 
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crystal of the same material. This behavior has been seen in -  titanium 
(Ankem et al., 2006). 

The deformation-induced martensite which can occur in metastable 
austenitic stainless steels is also a permanent deformation mechanism and for a 
complete description of the plastic deformation this needs to be considered. 
The strain-induced martensite can occur as two different phases, either 
hexagonal close packed or body centered cubic and clearly this is highly 
relevant for the plastic deformation behavior of austenitic stainless steels. The 
strain-induced martensite is investigated in four of the appended papers and 
thus Section 3.3 is solely devoted to the deformation-induced martensitic 
transformation. 

The modeling of mechanical behavior for multi-phase polycrystals can in 
general be conducted according to the principles outlined in Section 3.1.1, 
with the only major difference being the assignment of different elastic and 
plastic properties to the elements. 

3.2.2. Lattice strain evolution in two-phase duplex stainless steels 

Researchers have lately focused much attention on the load partitioning 
between austenite and ferrite phases in duplex stainless steels (Jia et al, 2006, 
Dakhlaoui et al., 2006, Dakhlaoui, 2007, Lillbacka et al., 2007). The reason 
behind this interest is that the load partitioning is an important aspect to 
consider in the elasto-plastic response to an applied load for the duplex 
stainless steels. In addition, the composite structure of austenite and ferrite is 
a good model material to learn more about the general elasto-plastic behavior 
of two-phase structures. 

The residual stress state in the duplex steels after solution-treatment and 
subsequent rapid quenching is rather well established. The ferrite phase will 
be put in compression and the austenite in tension. This is due to the 
difference in thermal expansion between the two phases, where ferrite has a 
lower thermal expansion than austenite (Johansson et al., 1999; Harjo et al., 
1999). The response of the individual phases to an applied load is however 
disputed. Some researchers have claimed that the ferrite is the stronger phase 
(Harjo et al., 2001) and others have claimed the austenite to be stronger 
(Johansson et al., 1999). The reason behind these differences in reported 
results is that the hardness and strength of the respective phases is very 
sensitive to the exact chemical composition. In particular, nitrogen is 
important since it is an austenite stabilizer and will mainly be situated in the 
austenite phase. Being a strong solid solution strengthener, small changes in 
nitrogen content can change the austenite from being the weaker phase to 
become the stronger phase. 
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3.3. Strain-induced martensite 

As mentioned in the previous chapter, the deformation-induced 
martensitic transformation is of considerable importance for the mechanical 
behavior of austenitic stainless steels. It is therefore an attractive topic for 
many research reports, even though the phenomenon has been known for 
some time now. A comprehensive presentation of the strain-induced 
martensite and the strengthening effect of metastable austenitic stainless steels 
can be found in Talonen (2007). 

The austenitic stainless steels are generally stable at room temperature and 
will only form martensite upon cooling to subzero temperatures. The 
spontaneous martensite transformation starts at the Ms-temperature, but the 
martensitic transformation can also be induced with the aid of deformation at 
higher temperatures. An applied stress will generate a positive contribution to 
the driving force for austenite to martensite transformation and thus elastic 
deformation will generate stress-assisted martensitic transformation at 
temperatures above Ms but below the Ms –temperature. The stress-assisted 
martensitic transformation is generally considered to start at the same sites 
responsible for spontaneous martensite nucleation, e.g. nucleation can occur 
at grain boundaries.

Martensitic transformation can also occur above the Ms –temperature and 
then it is called strain-induced martensitic transformation. The requirement 
for this type of martensitic transformation is that it is preceded by plastic 
deformation and hence the strain-induced ’-martensite transformation 
nucleates at sites generated by the plastic deformation, e.g. twins, stacking 
faults and -martensite (hcp). These nucleation sites are often grouped under 
the name shear-bands, and the nucleation is believed to occur at the 
intersection of these shear-bands (Olson and Cohen, 1972). The nucleation 
process of martensite has been studied in detail by e.g. Brooks et al. (1979a, 
b; Staudhammer et al., 1983). 

The upper limit for the strain-induced martensitic transformation is the 
Md-temperature and thus no martensite will form in the metastable austenitic 
stainless steels above this temperature. 

The deformation-induced martensitic transformation and its three 
principally different martensitic transformation events are plotted 
schematically in Figure 7. Below the Ms-temperature martensite will form 
spontaneously without the aid of stress. Between the Ms- and Ms -
temperatures martensite will form with the aid of applied stress. The stress 
necessary to initiate transformation increases with increasing temperature, 
which means that yielding becomes easier with decreasing temperature 
below Ms . Above Ms yielding occurs first by slip and then martensite can 
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form at the potent nucleation sites newly generated by the slip. The yield 
stress decreases with increasing temperature above Ms  and the stress 
necessary to initiate strain-induced martensite is close to the yield stress at 
temperatures just above Ms , but it is significantly higher than the yield stress 
at higher temperatures. 
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Figure 7: Martensitic transformation in metastable austenitic stainless steels, 
after Olson and Cohen (1972) 

The Md-temperature was found to be an inconvenient measure of the 
austenite stability since it is hard to measure, hence Angel (1954) introduced 
the Md30-temperature, which is the temperature where 50% martensite will 
form at 30% true strain. Angel formulated an empirical relation for the Md30-
temperature:

Md30=413-462(C+N)-9.2(Si)-8.1(Mn)-13.7(Cr)-9.5(Ni)-18.5(Mo)  (10) 

The alloying elements are here given in wt%. Angel performed a rather 
comprehensive investigation of the effect of temperature on the strain-
induced martensitic transformation during tensile loading and found the 
amount of martensite transformation to decrease with an increase of 
temperature, see Figure 8. The grain size of the austenite is another 
important factor to consider and most researchers have found that a decrease 
of the grain size will generate less strain-induced martensitic transformation 
(Huang et al., 1991, Guimaraes and Werneck, 1978). The reason behind the 
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grain size dependence is that the grain boundaries serve as effective obstacles 
for the growth of martensite laths. 

Figure 8: The deformation induced martensitic transformation in metastable 
austenitic stainless steels is enhanced by low temperatures, from Angel (1954) 

The strain rate and the stress state are two additional factors which will 
influence the strain-induced martensitic transformation. The strain rate is 
believed to have two different effects. First, high strain rates will induce 
adiabatic heating of the alloy and this restricts the amount of strain-induced 
martensite formed (Peterson et al., 1997; Hecker et al., 1982; Murr et al. 
1982; Talonen et al., 2005; Azrin et al., 1976; Livitsanos and Thomson, 
1977). Secondly, the higher strain rate is believed to promote formation of 
shear-bands, which would aid the strain-induced martensitic transformation 
due to the formation of more nucleation sites. Patel and Cohen (1953) have 
investigated the effect of the applied stress for the martensitic transformation 
and found biaxial stress to produce more martensite than uniaxial stress or 
compression. 

The dominant martensitic phase formed in metastable austenitic stainless 
steels is ’-martensite, which is body-centered tetragonal (bct). The small 
amounts of interstitial carbon will however make the ’-martensite structure 
close to body-centered cubic (bcc), and this is also the general 
approximation. Hexagonal close packed (hcp) -martensite can also form in 
the metastable austenitic stainless steels, but this phase will generally form in 
only small amounts at room temperature. The formation can however be 
significantly higher at cryogenic temperatures. It should also be noted that 
the -martensite can be hard to detect with traditional characterization tools, 
since it generally forms in such low amounts. 
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3.3.1. Modeling strain-induced martensite 

As mentioned, the mechanical properties of the metastable austenitic 
stainless steels are highly dependent on the strain-induced martensitic 
transformation. It is therefore of utmost importance to predict the amount of 
martensite phase to thereby enable accurate predictions of the mechanical 
response. This is why modeling the strain-induced martensitic transformation 
has been the focus of much attention by researchers. There are today 
empirical, physical-based models and micromechanical models available for 
the prediction of strain-induced martensite. Nevertheless, there is a lot of 
ongoing effort in this area since the current attempts are often not capable of 
providing good predictions, especially when the properties of real 
components are modeled using finite-element modeling (Schedin, 2004). 

Probably the most well known model was originally developed by Olson 
and Cohen (1975) and it is a physical-based model. They assumed that the 
nucleation of martensite occurs at shear-band intersections and the rate of 
martensite formation will therefore be proportional to the rate of shear-band 
intersection formation. The stability of the austenite in the Olson-Cohen 
model is considered to be an effect of the alloy composition and the 
temperature.

The Olson-Cohen model formed a basis for continued development of 
strain-induced martensite modeling, and Stringfellow et al. extended the 
Olson-Cohen model to incorporate the effect of stress state on the driving 
force for martensite formation (Stringfellow et al., 1992). Tomita and 
Iwamoto (1995) extended this further to incorporate strain rate dependence 
and later the effect of stress state on the shear-band formation (Iwamoto et 
al., 1998). In 2000 Iwamoto also included the effect of grain size on the 
strain-induced martensite transformation (Iwamoto et al., 2000). 

Empirical models adjust a number of parameters to fit the calculated 
strain-induced martensite curve to the measured curve. One of these models 
has also been implemented in the finite-element simulation of an industrial 
muffler component (Schedin, 2004). If the strain-induced martensite is 
predicted with accuracy it is possible to use the procedures described in 
Section 3.2 to predict the mechanical properties of the two-phase structure 
of austenite and martensite. This principle was utilized in Domkin (2005), 
who used a radial return stress-strain algorithm to calculate the mechanical 
properties. There are also micromechanical models aiming at the prediction 
of texture, microstructure, and the strain-induced martensitic phase 
transformation, but there is still work to be done with the evaluation and 
improvement of these, especially if they are to be implemented in the 
simulation of industrial components (Cherakoui et al., 1998). 
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3.3.2. Lattice strain evolution in metastable austenite 

The residual lattice strain in the austenite phase was tested using neutron 
diffraction for a cold rolled metastable austenitic stainless steel with around 
38% martensite after rolling, by Wang et al. (1999). They found high 
anisotropy of the hkl-dependent stresses and hence the traditional methods to 
calculate the stress were found to be inadequate. Wang et al. further studied a 
similar type of steel and then constructed a strain orientation distribution 
function to evaluate the intergranular stresses (Wang et al., 2002). They 
found the orientation anisotropy to be an effect of the selective martensitic 
phase transformation during cold rolling. Spencer et al. used neutron 
diffraction to investigate the phase stresses of austenite and martensite during 
tensile loading (Spencer et al., 2004). They found the martensite to act as 
reinforcement for the austenite structure, but the martensite did plastically 
deform.
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Chapter 4.    High-energy x-ray characterization 

The development of large-scale experimental facilities such as third- 
generation synchrotron sources has provided new and unique possibilities to 
probe the bulk structure of engineering materials. This has generated data 
that improves on the current state-of-the-art knowledge which has most 
often been obtained from traditional near-surface experimental methods. 
This chapter explains the novel experimental techniques used in this thesis 
and tries to highlight the subsequent benefits provided for structural 
characterization of stainless steels.  

4.1. High-energy x-rays 

High-energy x-rays such as those produced from a third-generation 
synchrotron source provide considerable advantages compared to lower 
energy x-rays. There are today three high-energy synchrotron sources, 
namely the ESRF in France, the Spring8 in Japan and the APS in the US 
(Bilderback et al., 2005). The highly energetic x-rays available at the 1-ID 
beamline at the APS where the experiments in this thesis were conducted, 
for example, are between 50-100 keV, which are comparable to 
conventional CuK  radiation of ~ 8 keV. The higher energy of the x-rays 
from the 1-ID beamline increases the penetration power significantly, 
allowing several millimeters of steel to be penetrated. This is very useful 
when investigating the bulk structure of materials, where it is well known 
that the surface material might suffer from anomalous behavior such as stress 
relaxations or other phenomena, hence probing by conventional x-ray 
diffraction or scanning electron microscopy may not be representative of the 
bulk structure (Poulsen et al., 1997). The absorption of high-energy x-rays is 
comparable to neutrons; and although the penetration power of neutrons is 
higher (i.e. centimeters of steel) the high flux and the possibility to focus x-
rays provide the means to perform studies where faster kinetics and smaller 
length-scale measurements can be obtained which are usually unfeasible 
using neutrons (Haeffner et al. 2005). 
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In addition, the scattering process using high-energy x-rays is simplified 
compared to lower energy x-rays, and kinematical diffraction theory applies 
well in most cases. A further benefit is the small scattering angles resulting 
from diffraction of the high-energy x-rays, which gives forward scattering at 
low angles and hence it is possible to collect the diffraction signal from high 
index crystallographic planes or to collect full two-dimensional Debye rings 
on an area detector. The downside of the small Bragg angles is that the probe 
volume is often elongated along the beam direction, and the E-2 dependence 
of the integrated intensity from a diffracting volume (Poulsen et al., 1997, 
Poulsen, 2004). 

4.2. Three-dimensional x-ray diffraction (3DXRD) 

The demand for an experimental method capable of probing the meso-
scale structure in the bulk of polycrystalline materials was the reason behind 
the development of the three-dimensional x-ray diffraction (3DXRD) 
technique. The advent of high-energy synchrotron sources during the 1990s 
was a precursor for the technique’s development, which emerged through a 
collaborative effort by the Risø National Laboratory in Roskilde, Denmark, 
and the European Synchrotron Radiation Facility (ESRF) in Grenoble, 
France. It was realized that high-energy x-rays specifically in the energy 
range between 60-100 keV generated enough penetration power to probe 
the bulk structure of materials. In addition, the high flux of x-ray photons 
allows the use of a small probe of focused x-rays which facilitates probing of 
the meso-scale (e.g. individual grains and dislocations structures) of the 
materials (Poulsen et al., 1997). 

Several synchrotron-based micro-diffraction techniques have been 
proposed (Larson et al., 2002; Wcislak et al., 2002), but 3DXRD is the 
technique which has received most interest from the research community to 
date, perhaps due to the relative simplicity of this method which utilizes 
monochromatic x-rays and which is based on traditional diffraction 
principles. Regardless, 3DXRD fills the gap between established high 
resolution but ‘surface’ techniques such as scanning electron microscopy and 
bulk analysis via neutron diffraction which is limited by low spatial 
resolution. It can also be noted that three-dimensional structural 
characterization is possible by other methods such as focused ion beam 
sectioning combined with scanning electron microscopy (Uchic et al., 2006), 
but most often these techniques are destructive and incapable of following 
structural evolution (Juul Jensen et al., 2006).
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4.2.1. Basic principle 

The joint effort between the ESRF and Risø resulted in the development 
of the first 3DXRD microscope, commissioned during 1999 at the beamline 
ID11 at the ESRF in Grenoble, France (Lienert et al., 1999). The 3DXRD 
microscope has since been used for numerous applications concerning 
mapping of the meso-scale structure of polycrystalline materials (e.g. 
Margulies et al., 2001 and Offerman et al., 2002). Experiments have also 
been performed at the 1-ID beamline at the APS (e.g. Hedström et al., 
2007b; Jakobsen et al., 2006), where a slightly different setup using a three-
axis Eulerian cradle is available (Jakobsen et al., 2007a). 

This section presents the principles of the technique as developed at the 
3DXRD microscope at ESRF,which is largely similar to the technique used 
at 1-ID at the APS for this work. Any deviations from the standard ESRF 
techniques as used in this work will be highlighted.

The high-energy x-rays generated from the synchrotron source insertion 
device are monochromatized and passed through various optics, all designed 
to maintain the high brilliance of the x-rays (Haeffner et al., 2005). Different 
monochromator settings are used to select a monochromatic x-ray beam 
suitable for the experiments at hand. The monochromatic x-ray beam with 
the desired beam size defined by slits then impinges on the specimen and is 
scattered. The high-energy of the x-rays makes the diffracted signal occur 
mainly at low angles in the forward direction and these diffracted x-rays are 
collected behind the sample using an area detector. The requirement of the 
3DXRD diffraction patterns is that they are spotty, i.e. the diffraction from a 
small number of individual grains and their specific crystallographic planes 
needs to be resolved. This is a prerequisite for further evaluation of 
individual grain characteristics and naturally depends on the probe size and 
the specimen studied. Thus the beam size needs to be tailored to the grain 
size, mosaicity of grains and the thickness of the specimen, otherwise there 
will be overlapping diffraction spots which leads to errors in the data 
evaluation and which can make resolution of the meso-scale structure 
impossible (Schmidt et al., 2003). The 3DXRD measurements are always 
conducted using the rotation technique, where diffraction patterns are 
collected for different -angles of the sample. 

The detector configuration is an important parameter, since this will 
define the type of information that can be extracted from the experiment. 
The first configuration used at ESRF consisted of several semi-transparent 
detectors placed behind each other. By recording the diffraction spots on 
several detectors it is possible to use a tracking procedure and to triangulate 
the spatial position of the diffracting volume (e.g. individual grain or 
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dislocation structure) within the three-dimensional structure (Lauridsen et al., 
2001). The accuracy of such a grain boundary mapping experiment was 
evaluated by comparing the x-ray tracking and electron back-scattered 
diffraction (EBSD) signals, and the spatial resolution of the grain boundary 
positions from the x-ray tracking was found to be 26 m (Poulsen et al., 
2001). The spatial resolution was further improved to about 5 m by 
incorporation of an algebraic reconstruction method (Poulsen and Fu, 2003; 
Fu et al., 2003). 

The use of only one detector placed rather closely behind the specimen 
makes the elastic strain contribution to the diffracted spots negligible, hence 
the only information contained in the spotty diffraction patterns stem from 
the crystal structure and the crystallographic orientation of the probed grains. 
Poulsen et al. (2003) used such a setup to successfully investigate the rotation 
of 95 individual grains embedded in an aluminum tensile specimen during 
loading up to 6% strain. 

If the detector is moved to an intermediate distance behind the sample it 
becomes more sensitive to the elastic strains which change the lattice spacings 
of the grains, and this configuration has been used in Margulies et al. (2002), 
and Martins et al. (2004) to follow the elastic strain evolution of polycrystals. 

By moving the detector even further away from the sample and increasing 
the resolution of the detector, the diffraction data also contains information 
about the dislocation structure of the grains. This configuration makes 
rotation of the sample along more rotation axes than  necessary and thus an 
Eulerian cradle is required and has been used to investigate the elastic strain 
and dislocation densities in subgrains of a copper specimen (Jakobsen et al., 
2007a), and the deformation structure of individual grains in an aluminum-
magnesium alloy specimen (Jakobsen et al., 2007b). 

4.2.2. Graindex 

In addition to the requirement of spotty diffraction patterns for 3DXRD, 
it is also necessary to have computer analysis tools to obtain useful 
information on the individual grain level. Software for this purpose is 
presented in this section. 

The elucidation of the crystal structure and orientation of single crystals 
from single crystal diffraction patterns is a standard technique with much 
software widely available for this purpose. However the identification of 
diffraction spots belonging to individual grains in a spotty diffraction pattern 
recorded from a polycrystalline material, is far from trivial, but is a 
prerequisite for the 3DXRD technique. Specific hkl-reflections from 
individual grains must be identified in the polycrystalline material, hence one 
of the major components of the 3DXRD microscope project was the 
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development of appropriate software. The first software developed for this 
purpose was Graindex (Lauridsen et al., 2001), which has been used 
throughout this work. A new software package is now also available 
(FABLE, 2007) for the same purpose. 

Graindex makes several important assumptions: that kinematical scattering 
theory applies, which means that extinction and absorption effects are 
negligible; that the energy bandwidth and the angular divergence of the 
incoming x-ray beam are negligible; that the x-ray beam is a uniform field; 
and that the setup is perfectly aligned and the detector is ideal. Furthermore, 
the crystallographic space groups of the phases present must be known in 
advance (Poulsen, 2004). 

Graindex is implemented in the commercial software Image Pro Plus 
from Media Cybernetics and the Graindex analysis consists of three basic 
steps. First, the diffraction spots in the spotty diffraction patterns must be 
identified. This is a critical step in the Graindex analysis and to avoid 
erroneous spot identification the characteristics of what will pass as a defined 
spot need to be properly specified. There are several different parameters to 
specify for spot identification such as diffraction intensity thresholds, and 
allowable area and aspect ratios of the spots can be selected to avoid spot 
overlap and thus false assignment of spots. The definition of spot 
characteristics will depend on the experimental setup, e.g. usage of conical 
slit, and needs to be defined accordingly. 

The diffraction spots found according to the set definitions during spot 
search are assigned a centre of mass position (CMS), -angle, and integrated 
intensity. If spots are distributed over several images the intensity is summed 
and the weighted averages are used to define the centre of such spots. The 
angular spread of the diffraction spots depend on the mosaic spread of the 
grains, i.e. the orientation distribution within the grains, and this feature 
becomes particularly important upon severe plastic deformation since there 
will be spot overlap and thus great difficulty discriminating between 
individual diffraction spots. There are several potential ways to avoid spot 
overlap which is particularly important when deformation studies are 
conducted, since this deformation causes broadening of the diffraction spots. 
The sample thickness can be minimized, but it should be kept in mind that 
too-thin samples might display atypical bulk behavior. Minimizing the beam 
size is another way to restrict the number of grains contributing to the 
diffraction signal, and a third way is to use a conical slit, which will impose a 
spatial resolution limit along the beam direction of the order of 100 m.

If multiple detector positions are used for the collection of the diffraction 
data then the next step is ray tracing (Lauridsen et al., 2001). By ray tracing it 
is possible to find the origin of the diffraction signal, i.e. where the grain is 
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situated within the bulk of the sample. However, this is not possible when a 
single detector position is used. The next step of the procedure is the 
indexing algorithm. This can be performed by considering the spatial origin 
of the reflection and the crystallographic orientation of the grain. 
Throughout the present work one detector position was used, and thus only 
crystallographic indexing was performed. The identification of a grain 
orientation in crystallographic indexing is established by simulation of the 
scattering vectors over the three-dimensional orientation space and 
comparing this to the experimental scattering vectors found during image 
analysis. The main criteria for positive crystallographic identification are: 
(Poulsen, 2004) 

1. Completeness – The number of experimental spots found out 
of the total theoretical spots. 

2. Uniqueness – The identified spots (scattering vectors) for a 
grain have to be unique for this grain and not a subset of the 
scattering vectors for another grain. 

3. Least-squares fit – The match between simulated and observed 
CMS for the spots should be on the order of the experimental 
resolution.

4. At least three linearly independent reflections from a grain 
should be identified. 

The output from Graindex is a list of grains and their crystallographic 
orientation, together with a list of experimental and theoretical diffraction 
spots plus the validation parameters. This output can then be used for further 
evaluation of the properties of the individual grains. For instance, elastic 
strain, grain growth, phase transformations, grain rotation and crystal 
structure can be evaluated (Juul Jensen et al., 2006). 

4.2.3. Deformation and phase transformations 

The response of an individual grain to an applied load and the phase 
transformation of individual grains have received considerable attention since 
the advent of the 3DXRD technique. This is also the focus of the current 
work, in particular the elastic strain evolution and the strain-induced 
martensitic phase transformation in stainless steels. Therefore, a brief 
summary of the work related to these areas is summarized in this section. 

Margulies et al. (2001) investigated the rotation of individual grains in a 
high purity aluminum sample during tensile loading up to 11% applied strain. 
Their experimental results were compared with predictions from the classical 
Taylor model and the Sachs model and it was found that neither of these 
were capable of predicting the rotation of the individual grains. Poulsen et al. 
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(2003b) investigated the rotation of 95 individual grains in an aluminum 
sample during tensile loading up to 6% strain. The rotation of these 95 grains 
was found to clearly depend on the initial crystallographic orientation, but 
the grain interaction effects were found to be small. The experimental results 
were further used for a comparison of the models in Winther et al. (2004) 
and they found the Taylor model to predict accurate rotations for some 
initial crystallographic orientations, but for other orientations the discrepancy 
was large. 

The procedure for elastic strain determination of individual bulk grains 
was first demonstrated by Margulies et al. (2002). They presented a 
technique capable of following the elastic strain tensor evolution during 
tensile loading and results from one individual grain embedded in the bulk of 
a copper specimen were presented. A similar approach was used by Martins 
et al. (2004) who reported on the elastic strain tensor evolution of 10 
individual grains embedded in an aluminum specimen during tensile loading. 
Further, Lienert et al. (2004) used a different approach to test the evolution 
of the elastic strain component along the tensile direction for 20 individual 
grains embedded in a copper specimen during tensile loading. 

The deformation structure of individual grains has also been studied. 
Pantleon et al. (2004) reported on the x-ray peak shape analysis from 
measurements conducted in one individual grain in an aluminum sample 
during tensile loading up to 4.5% strain. Jakobsen et al. (2007a) reported on 
the elastic strain and dislocation density in individual subgrains in a copper 
specimen at 2% tensile deformation, but no dynamics were reported. In 
contrast, Jakobsen et al. (2007b) reported on the dynamics of deformation 
structure in individual grains situated in an aluminum-magnesium alloy 
during tensile loading to 10% strain. 

Offerman et al. (2004) reported on the austenite to ferrite phase 
transformation using the 3DXRD method. They found the growth of ferrite 
grains to be strongly correlated with the local carbon concentration and 
density of nuclei. This was further elaborated on by the investigation of the 
same phase transformation in three different steel grades. They concluded 
that the activation energy for ferrite nucleation as predicted by current 
models was significantly different from the measured values (Offerman et al., 
2006).
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Chapter 5.    Experimental procedure 

The procedures for the experiments and material modeling used in this 
thesis are outlined in this chapter. For further details refer to the appended 
papers.

5.1. X-ray diffraction measurements 

The high-energy x-ray diffraction measurements for this thesis were 
conducted at the Advanced Photon Source (APS), Argonne National 
Laboratory (ANL), Illinois, USA. The insertion device beamline 1-ID is 
dedicated for high-energy x-ray studies using x-ray energies from 50 to 100 
keV. The x-ray energies used in our investigations were 61.95 keV 
(0.2001Å) and 80.72 keV (0.1535Å). These high-energies enable the use of a 
transmission geometry setup possible to probe the interior of steel sheets. In 
our case the steel sheets ranged in thickness between 0.39 and 1 mm. The 
experimental setup is depicted in Figure 9 and only small adjustments were 
made to this setup between experiments. Three different detectors were used 
in the different experiments: image plate (IP) MAR345, CCD-detector 
Bruker6500, and an amorphous silicon area detector GE. 

The x-ray probe size could be changed by the use of optics and horizontal 
and vertical slits, ranging from 1 x 1mm2 down to 5 x 20 m2 and the probe 
size used was ultimately tailored to the experiment conducted. The average 
measurements were conducted using a rather large beam to probe a statistical 
amount of grains and on the other hand 3DXRD experiments were 
conducted with smaller probe to avoid spot overlap when too many grains 
contribute to the diffraction signal. The probe size was however always 
chosen to be larger than the individual grains to make sure that the 
diffraction signal comes from the complete grain. 

The average experiments were conducted without rotating the sample 
around the -axis. Instead, a large x-ray beam, and in one case translation of 
the sample during the measurements, was used to provide a diffraction signal 
from a statistically large number of grains. This enabled measurements during 
continuous tensile loading, but a drawback was the lack of three-dimensional 
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strain information. Thus, only the strain components in the xy-plane were 
calculated. 

The tensile specimens for high-energy x-ray diffraction studies were 
prepared by either pulsed Nd-YAG laser cutting or electro-discharge 
machining (EDM). This assured a low heat input and the macroscopic 
material properties were assumed unchanged. In addition, the heat affected 
zone was not probed by the x-ray beam. 

CeO2 powder was attached to all samples in order to calibrate the sample 
to detector distance and the detector tilts prior to any other data evaluation. 
This was performed using the FIT2D software (FIT2D, 2007) and thereafter 
data evaluation was conducted mainly using in-house MatlabTM (Matlab, 
2007) routines and occasionally using FIT2D. 

2

Area detector

diffracted beam

Load

2 1
3

RD
TD

NDIncident beam

Conical slit

Figure 9: General high-energy x-ray diffraction setup at the beamline 1-ID, 
Advanced Photon Source, used throughout this work. The conical slit was 
only used for Paper VI and otherwise a beam stopper sits in that position  

5.1.1. Procedure Paper I 

The in situ high-energy x-ray diffraction measurements during tensile 
loading conducted in Paper I were performed using an x-ray energy of 80.72 
keV (0.1535 Å). One CCD area detector (Bruker 6500) was placed 552 mm 
behind the specimen and all diffraction patterns were collected using the 
Bruker 6500 (Fig. 9). The tensile specimens were cut along the rolling 
direction from four AISI 301 steel sheets with different cold rolling 
reductions (2 to 42%) using pulsed Nd-YAG laser cutting. 

The strain rate during plastic deformation was 10-4s-1 and the applied strain 
was recorded by an extensometer. The load was continuously recorded from 
a load cell and diffraction patterns were collected every 30s during the in situ
loading. The probe volume was approximately 0.4 x 1.2 x sample thickness 
(0.58-0.98) mm3. This probe volume was obtained by a 0.4 x 0.4mm2 beam 
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size and by translating the sample during exposure of the detector. A CeO2

powder was attached to each sample and powder diffraction patterns from 
this powder were collected for calibration purposes. Prior to further analysis, 
all diffraction patterns were corrected for spatial distortion, and the geometry 
was calibrated using the CeO2 diffraction patterns. The two dimensional 
diffraction patterns were transformed from Cartesian to polar coordinates for 
1-D fitting of  the following peaks: {111} , {200} , {220} , {311} , {110}α’,
{200}α’, {211}α’, {100} , {101} and {102} . Diffraction rings were 
integrated over 3° wide azimuthal bins and the peaks were least square fitted 
to pseudo-Voigt functions. 

The phase fractions were determined using the direct comparison method 
(Cullity, 1967; De et al., 2004) and prior to calculating the volume fraction 
the integrated intensity for a given diffraction ring was summed over the 
entire azimuthal range Δ =0-360°.

The hkl-dependent lattice strains were evaluated using the equations 
presented in He and Smith (1998). 

5.1.2. Procedure Paper II 

The x-ray energy used in the experiments in Paper II was 61.95keV 
(0.2001Å) and an amorphous Si area detector (GE, Angio model) was placed 
at a distance of 740 mm from the sample for fast acquisition of two-
dimensional diffraction patterns (Fig. 9). The x-ray beam size was defined by 
horizontal and vertical slits to 1x1mm2. The tensile specimens of AISI 301 in 
solution-treated condition were produced by electro-discharge machining 
(EDM) and the samples were placed in a tensile load rig which was mounted 
on a three-axis translation stage. The strain was continuously measured using 
a combination of a miniature extensometer attached to the specimen (for low 
strains) and the cross-head displacement (for high strains). CeO2 powder was 
attached to all samples for calibration of the setup geometry. Three samples 
were tested using strain rates of ~ 10-4 s-1, 10-3 s-1, 10-2 s-1 and the diffraction 
patterns were recorded continuously during loading. 

The phase quantification was performed in a similar way as in Paper I, the 
only difference being that the two-dimensional diffraction patterns were first 
integrated over 360° in azimuthal angle before fitting pseudo-Voigt functions 
to the one-dimensional line-outs. The hkl-dependent lattice strain for 
austenite {311} and martensite {211} was also calculated by similar processes 
as in Paper I. The elastic strain was subsequently used to calculate the phase 
stresses by employing reference values of the x-ray compliance. 
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5.1.3. Procedure Paper III 

The conventional x-ray diffraction in Paper III was conducted using 
Philips X’Pert MRD and MPD x-ray sources and CuK -radiation. All 
specimens were prepared by careful mechanical polishing followed by 
electropolishing.

5.2. 3DXRD 

The three-dimensional x-ray diffraction (3DXRD) method was utilized in 
three of the Papers (IV, V, VI) presented in this thesis and the methodology 
used is briefly explained below. 

5.2.1. Procedure Paper IV 

In situ x-ray diffraction measurements were conducted at the 1-ID 
beamline using transmission geometry and x-ray energy 80.72 keV 
(0.1535Å). Two area detectors were placed at a distance of 552 mm and 
1240 mm behind the sample, respectively. The first detector, placed closest 
to the sample, was Bruker 6500 (CCD), and the rapid data acquisition of this 
detector was convenient for alignment of the setup and collecting diffraction 
data for Graindex analysis. The second detector was MAR345 (image plate) 
used for acquisition of diffraction data with high angular resolution for strain 
determination.

One tensile specimen of a heat treated SAF 2304 duplex stainless steel was 
produced by pulsed Nd-YAG laser cutting to assure low heat input. The 
specimen was then carefully polished mechanically, to the final thickness of 
0.46 mm using 0.06 m colloidal silica in the final polishing step.

A strain gage and CeO2 reference powder were attached to the tensile 
specimen to monitor the applied strain and the potential changes of 
experimental parameters (such as sample to detector distance), respectively. 
The tensile specimen was then placed in a tensile load rig and the specimen 
was held in place by hardened steel rods (3 mm in diameter). The specimen 
was preloaded to strain 10-4 to assure that the sample was reasonably stable 
during alignment of the setup. The first set of diffraction patterns were 
recorded with the Bruker 6500 using a beam size of 30 x 30 m2 while 
rotating the sample over ± 60° in  with =1° intervals. Prior to Graindex 
analysis, these diffraction patterns were spatially corrected and in the 
Graindex analysis a total of 20 grains with a high completeness and a good fit 
between experimental and calculated spots were found. From these 20 
grains, 1 austenite grain was selected to be the reference grain. Prior to 
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recording diffraction patterns for strain determination with the MAR345 the 
reference grain was always centered. The accuracy of the used centering 
procedure is estimated to be ~ 5 m. Hence, this centering procedure 
together with the use of a larger beam size of 100 x 100 m2 during 
diffraction data acquisition with the MAR345 assures that the investigated 
grains were always fully illuminated by the x-ray beam. The data collection 
at 0.0001 applied strain with the MAR345 was made while rotating the 
sample over ± 60° in  with =1° intervals. Then, tensile loading was 
initiated and similar data collection procedure was conducted at 7 load levels 
(0.0001, 0.001, 0.0025, 0.0054, 0.0101, 0.0152 and 0.0214).

 The setup parameters for input to Graindex and to the strain analysis 
were evaluated from CeO2 diffraction patterns at each load level. The 
diffraction spots associated with a particular grain and the orientation of these 
grains were evaluated by Graindex analysis. The Graindex analysis was 
performed separately for the austenite and ferrite phases. The output from 
Graindex was the 20 indexed grains, with crystallographic orientation and 
associated diffraction spots. For details on Graindex analysis see Lauridsen et 
al. (2001). 

The strain tensors of the 20 grains indexed by Graindex were evaluated at 
each load level. First, Fit2D was used to integrate over the whole diffraction 
spot of interest and create one-dimensional line-outs with diffracted intensity 
versus radial position. These one-dimensional images were then input to a 
Matlab routine and fit to pseudo-Voigt functions. The measured radial 
positions are related to sample orientation by the equation in He and Smith 
(1998).

The used unstressed spacings d0 were 3.59694 ± 0.00020 Å and 2.87355 
± 0.00018 Å for austenite and ferrite phases respectively (Moverare, 2001). 

The number of diffraction spots for each grain used for strain 
determination varied from 10 to 22. Each spot gives a linear equation of the 
projected strain tensor and geometric coefficients. Hence, the six strain 
components (fij) could be calculated through the use of the singular value 
decomposition method for over-determined equation systems (Press, 1986). 
The strain tensor for 15 out of the 20 probed grains was calculated 
accurately. The other 5 grains had too few reflections and the statistical 
accuracy for those grains was judged to be small.

5.2.2. Procedure Paper V 

One tensile specimen of AISI 301 with a thickness 0.98mm (cold rolling 
reduction 2%) was cut by pulsed Nd-YAG laser cutting. The in situ high-
energy x-ray diffraction measurements during tensile loading were performed 
at the 1-ID beamline and the x-ray energy used was 80.72 keV ( =0.1535
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Å). The beam size was confined to 180 m horizontally and 120 m
vertically. The measurements were performed in transmission geometry and 
a strain gauge and a CeO2 powder were attached to the sample for 
monitoring applied strain and instrumental calibration, respectively. The 
sample was mounted in a tension rig which had three translational and one 
rotational ( ) degrees of freedom. 

Two area detectors were used alternately to collect the diffraction 
patterns. A CCD-detector (Bruker 6500) and on-line image plate (MAR345) 
were placed at distances of 552 mm and 1240 mm from the sample, 
respectively. The faster CCD-detector was used for alignment of the sample, 
and it was mounted on a translation stage for movement in and out of the 
beam (1-direction). The MAR345 was used at all load levels to obtain data 
with high angular resolution for strain determination. 

The diffraction patterns from the Bruker 6500 were recorded while 
rotating the sample over ± 60° in  with =1° intervals. The diffraction 
patterns were corrected for spatial distortion and analyzed with the multi-
grain indexing software Graindex.  47  grains were indexed within the 
probe volume and one reference grain was selected, based on suitable 
diffraction spots for alignment. 

The reference grain was centered and a complete set of 120 diffraction 
patterns were recorded with the MAR345 for ± 60° in  and the tensile 
loading was subsequently initiated. The loading was performed in steps and 
diffraction patterns were recorded at six different load levels (corresponding 
to 0, 0.2, 1, 2, 3 and 5% applied strain). The reference grain was centered at 
every load level, prior to data collection, to ensure that the same volume was 
probed.

The -martensite was indexed with Graindex, and the reported 
orientation relationship between  and  was used to couple the two phases 
(Bhadeshia, 2001): 

(111)  || (0001)  and [110]  || [1 2 10]     (11) 

From the MAR345 diffraction patterns the austenite diffraction spots of 
interest were integrated azimuthally and the radial peak locations were then 
determined by a least squares fit to a pseudo-Voigt function. The CeO2

diffraction rings were fitted with the same procedure and used to calibrate 
the experimental parameters. The radial positions of the CeO2 diffraction 
rings were accurate within 1x10-4 for all load levels. This provides an 
estimate of the experimental accuracy of the x-ray elastic strains. The lattice 
strains were determined using the same procedure as in Paper IV and the 
unstressed spacing d0 used in the  phase was 3.5908 ± 0.0004 Å, determined 
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from the average lattice spacing using a large x-ray beam and 60° 
integration. Ten to seventeen diffraction spots per grain were used for strain 
determination. Each spot gives a linear equation of the projected strain tensor 
and geometric coefficients. The six fij were then determined through the use 
of the singular value decomposition method. 

5.2.3. Procedure Paper VI 

The in situ high-energy x-ray diffraction measurements in Paper VI were 
conducted at the 1-ID beamline using x-ray energy 61.95keV (0.2001Å). An 
amorphous Si area detector (GE, Angio model) was placed at a distance of 
740 mm from the sample for acquisition of two-dimensional diffraction 
patterns. One tensile specimen was produced from a metastable austenitic 
stainless steel AISI 301 by electro-discharge machining (EDM). The 
specimen was placed in a tensile load-frame, which was mounted on a three-
axis translation stage. A conical slit was mounted behind the specimen and in 
front of the detector in order to obtain spatial resolution along the beam 
direction, see Figure 12. CeO2 powder was applied to the downstream face 
of the specimen to provide fiducial patterns.  

First, the specimen was preloaded to approximately 50 MPa and then 
diffraction patterns were recorded with a beam size of 70x70 m2 while 
rotating the sample over ± 60° in  with =1° intervals. Prior to further 
analysis all diffraction patterns were corrected for spatial distortion. Then 
Graindex analysis was performed and 10 austenite grains with high 
completeness and good fit were found. The spatial positions of these grains 
were then determined by scanning the specimen in x, y and z while looking 
at suitable diffraction spots from the individual grains. Hence, estimates of 
the spatial position and the grain size could be obtained this way for 7 of the 
10 austenite grains. All 7 austenite grains were found to be in the vicinity of 
each other and thus suitable for analysis of grain interaction effects. The 
conical slit was now inserted in the beam path and thus only diffraction spots 
arising from fcc-austenite could be recorded. One reference spot was selected 
from one of the austenite grains and this could be followed during tensile 
loading and hence the sample movement could be compensated for by 
obtaining maximum intensity from this diffraction spot. The tensile loading 
was then initiated using a strain rate of 10-4 s-1.The tensile loading was 
interrupted at 10% applied strain and the reference grain was centered to 
high accuracy. Thereafter, diffraction patterns from the reference grain were 
recorded with a beam size slightly larger than the grain size of the reference 
grain. The spatial resolution along the x-ray beam was confined by the 
conical slit and estimated to 150 m. Thus, few diffraction spots aside from 
the ones originating from the reference grain were recorded. The positions 
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of the other austenite grains were then related to the reference grain position. 
Then, the next grain was centered and diffraction patterns were recorded 
while rotating the sample over ± 60° in  with =1°. The same procedure 
was repeated for all 7 austenite grains. The conical slit was then removed and 
the detector was exposed to see if any martensite diffraction spots were 
obtained. However, no α’-martensite was seen and the tensile loading was 
started again. 

The same procedure was then repeated for loading up to first 15% applied 
strain and then 20% applied strain. At 20% applied strain α’-martensite spots 
were distinguishable and therefore a complete set of diffraction patterns were 
recorded without the conical slit. Then, loading continued up to 30% 
applied strain and now new sets of diffraction patterns were recorded for 
both the 7 austenite grains with and without the conical slit to see α’-
martensite. On continued loading the diffraction spots from the reference 
grain was judged to be too broad and thus no more austenite diffraction data 
was recorded. The austenite reference grain was however followed and α’-
martensite scans without the conical slit and with the austenite reference 
grain centered were performed at 40% and 60% strain. 
The rotation of the 7 austenite grains was then determined by conducting 
Graindex analysis of the diffraction data for austenite and ferrite phases 
separately. The orientation relationship from Jaswon and Wheeler (1948) was 
subsequently used to couple the α’-martensite with the parent austenite 
grain.

5.3. Microscopy 

The samples for optical microscopy in this thesis were first cut and 
mechanically polished down to colloidal silica with grain size 0.06 m,
followed by electropolishing at 11.2 V in an electrolyte consisting of 110 ml 
perchloric acid, 180 ml ethanol and 710 ml methanol. Thereafter, the 
samples were grain boundary etched, martensite etched or carbide etched. 
The grain boundary etching was performed by electroetching in a solution of 
60% nitric acid and 40% water. The martensite etching was conducted in a 
solution of 10% HCl and 0.25% sodium metabisulfid. Carbide etching was 
performed by electro etching at 6 V and in a solution of 10 g ammonium 
persulfate and 100 ml distilled water. 10 s etching resulted in the colouring of 
carbides, e.g. M23C6 or M7C3.

The microscopy was performed using an Olympus vanox-T with an 
Olympus DP11 digital camera for the OM and a JEOL JSM-6460LV for the 
SEM.
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TEM samples were prepared by punching out 3 mm discs and 
mechanically thinning the discs to approximately 100 m using 1 m
diamond paste in the final polishing step. Final thinning to electron 
transparency was then performed by electropolishing in a Struers TenuPol-3 
at -7°C, 26 V and 0.1 A. The electrolyte used consisted of 590 ml iso-
Butanol, 350 ml methanol and 60 ml perchloric acid. The TEM 
investigations were performed using a JEOL JEM-2000EX, operated at 
200kV.

5.4. Martensite reversion heat treatments 

The isothermal heat treatments presented in Paper III were conducted in 
a Nabertherm furnace using a heating rate of 300°C/min and inert argon 
atmosphere. The samples were quenched in water after heat treatments. 

5.5. Differential scanning calorimetry (DSC) 

The differential scanning calorimetry (DSC) measurements in Paper III 
were performed using a Netzsch STA 449C. The experiments were 
conducted in helium with heating rates of 20 and 30°C/min, and using 150 
mg samples.

5.6. Material modeling  

The material modeling conducted in Paper II concerns the use of an 
extended Olson-Cohen model for the strain-induced martensite (Olson, 
1975), radial return algorithm for the stress calculations and finite element 
simulations to determine the temperature evolution in the samples. The 
strain-induced martensite model has been implemented in a Matlab™ 
toolbox for parameter optimization (Lindgren, 2003). Further, the phase 
specific stresses were calculated by an iso-work principle in the finite element 
code MSC.Marc (MSC.Marc, 2007). 

The finite element modeling conducted in Paper IV was performed by 
first fitting the macroscopic stress-strain curve from the measurements. Then 
15 individual grains situated in the bulk and in the vicinity of each other was 
modeled. The elastic lattice strain evolution was simulated up to 1% applied 
strain by using the constitutive equations formulated in (Sarma and Dawson, 
1996; Mika and Dawson, 1999) and by assuming dodecahedron shaped 
grains and random orientations of the surrounding grains. 
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Chapter 6.    Summary of appended papers 

This chapter briefly summarizes the six appended papers. The purpose, 
methods used, and the main conclusions are presented for each paper. 

6.1. Paper I

In situ high-energy x-ray diffraction during tensile loading has been used 
to investigate the evolution of lattice strains and the accompanying strain 
induced martensitic transformation in cold rolled sheets of a metastable 
stainless steel. At high applied strains the transformation to ’-martensite
occurs in stepwise bursts. These stepwise transformation events are correlated 
with stepwise increased lattice strains and peak broadening in the austenite 
phase. The stepwise transformation arises from growth of ’-martensite 
embryos by autocatalytic transformation. 

6.2. Paper II  

In situ high-energy x-ray diffraction and material modeling are used to 
investigate the strain rate dependence of strain-induced martensitic 
transformation and the stress partitioning between austenite and ’-
martensite in a metastable austenitic stainless steel during tensile loading.  
Moderate changes of the strain rate alter the strain-induced martensitic 
transformation, with a significantly lower ’-martensite formation observed 
at a strain rate of 10-2 s-1, compared to 10-3 s-1. This strain-rate sensitivity is 
attributed to adiabatic heating of the samples, and is found to be well 
predicted by the combination of an extended Olson-Cohen strain-induced 
martensite model and finite element simulations for the evolving temperature 
distribution in the samples. In addition, the strain rate sensitivity affects the 
deformation behavior of the steel. The ’-martensite transformation at high 
strains provides local strengthening and extends the time to neck formation. 
This reinforcement is witnessed by a load transfer from austenite to ’-
martensite during loading. 
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6.3. Paper III 

The reverse martensitic transformation in cold rolled metastable austenitic 
stainless steel has been investigated via heat treatments performed for various 
temperatures and times. The microstructural evolution was evaluated by 
differential scanning calorimetry, x-ray diffraction and microscopy. Upon 
heat treatment, both diffusionless and diffusion controlled mechanisms 
determine the final microstructure. The diffusion reversion from ’-
martensite to austenite was found to be activated at about 450°C and the 
shear reversion is activated at higher temperatures with Af´ ~600°C. The 
resulting microstructure for isothermal heat treatment at 650°C was 
austenitic, which inherits the ’-martensite lath morphology and is highly 
faulted. For isothermal heat treatments at temperatures above 700°C the 
faulted austenite was able to recrystallize and new austenite grains with a low 
defect density were formed. In addition, particle precipitation was observed 
for samples heat treated at these temperatures which lead to an increasing Ms-
temperature and new ’-martensite formation upon cooling. 

6.4. Paper IV 

In situ measurements of the elastic strain tensor evolution for 15 individual 
austenite and ferrite grains deeply embedded in the bulk of a duplex stainless 
steel have been investigated by high energy x-ray diffraction. These 
measurements are compared to previous studies of lattice strain evolution for 
average crystals in similar duplex stainless steel. In addition, finite element 
modeling is used to simulate the lattice strain response, considering grain 
interaction. The residual stress state found after heat treatment, with 
compressive residual stresses in ferrite grains and tensile residual stresses in 
austenite grains, is consistent with previous work on average crystal behavior. 
There is however a large difference in residual stress level between grains, 
and this difference grows upon deformation to a point where one grain can 
exhibit lattice strains two times higher than a grain with similar orientation. 

6.5. Paper V 

The (hcp) -martensite formation and the elastic strain evolution of 
individual (fcc) austenite grains in metastable austenitic stainless steel AISI 
301 has been investigated during in situ tensile loading up to 5% applied 
strain. The experiment was conducted using high-energy x-rays and the 
3DXRD technique, enabling studies of individual grains embedded in the 
bulk of the steel. Out of the 47 probed austenite grains, one could be 
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coupled with the formation of -martensite, using the reported orientation 
relationship between the two phases. The formation of -martensite occurred 
in the austenite grain with the highest Schmid factor for the active 
{111}<1 2 1> slip system. 

6.6. Paper VI 

The individual grain response of seven austenite grains embedded in a 
metastable austenitic stainless steel during tensile loading has been 
investigated using high energy transmission x-ray diffraction. The three-
dimensional x-ray diffraction method coupled with the diffraction spot 
identification software Graindex was applied. The use of a conical slit 
allowed for investigations of the material response to high strains (15%) and 
hence the rotation of the austenite grains could be followed during plastic 
straining. Further, -martensite transformation could be coupled to the 
individual austenite grains and thus this study shows the possibility to 
conduct investigations of plastic deformation and phase transformations in 
individual grains deeply embedded in the bulk of a polycrystalline material at 
high plastic strains. 

 .
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Chapter 7.    General conclusions 

The synchrotron x-ray based techniques used in this thesis have been 
demonstrated to be valuable to the structural characterization of stainless 
steels. These techniques provide great insight into the bulk behavior during 
kinetic activities in the stainless steels. Further, the capability of the three-
dimensional x-ray diffraction technique for commercial engineering materials 
has been validated by the current investigation. It should however be noted 
that the 3DXRD technique needs further development and the analytical 
routines need to be more automated before it can gain wider recognition 
outside the fundamental research activities. 

The work with the two interesting types of stainless steels, i.e. duplex and 
metastable austenite has been rewarding and from the studies of these 
materials, I would like to conclude: 

Autocatalytic ’-martensite transformation triggered by strains induced by 
the transformation itself in 301 is occurring and this was evidenced as bursts 
of ’-martensite transformation during tensile loading. To the author’s 
knowledge this behavior has not been previously reported, but it is of 
significant importance for the mechanical properties of the metastable 
stainless steels, since it provides strong local hardening, and increases the time 
to neck formation. 

Even moderate strain rates produce adiabatic heating sufficient to suppress 
the martensite formation. The strain-induced martensitic transformation and 
the stress-strain behavior was predicted by an extended Olson-Cohen model, 
finite element simulations for the temperature evolution and a radial return 
algorithm for the stress-strain behavior. The measured and modeled results 
were in good agreement. In addition, the phase specific stresses were 
measured during the experiments and these were in good agreement with 
the predicted results from the finite element model. Thus, it was concluded 
that the employed iso-work principle was a good assumption for the stress 
distribution between the phases. 

One way to tailor the metastable austenitic stainless steels microstructure 
with different phase fractions and deformation structures is by the reverse 
transformation from martensite to austenite. Two different mechanisms, 
where one was diffusion controlled and the other was a diffusionless 
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transformation were observed to control the reverse microstructure. The 
onset of the diffusion reversion was about 450°C and the shear reversion 
became active at higher temperatures. The microstructure of shear reversed 
austenite consists of highly faulted austenite with an inherited lath like 
structure.

The investigations of the lattice strain evolution in individual grains 
within a heat treated duplex stainless steel showed large intergranular stresses 
acting between grains. The finite element simulations show variations in 
lattice strains but to a lesser extent than what was experimentally observed. 

45 individual austenite grains in the bulk of 301 steel during tensile 
loading were also probed and one of the austenite grains was observed to 
form -martensite. The grain that formed -martensite had the highest 
Schmid factor for the active slip system during fcc to hcp transformation. 

The use of a conical slit have allowed for investigations of 301 material 
response during tensile loading to high strains (15%). The rotation of seven 
austenite grains could be followed and ’-martensite transformation was 
coupled to the individual austenite grains. Thus, it was demonstrated that it is 
possible to investigate the three-dimensional structure evolution and 
deformation-induced phase transformations during tensile deformation to 
high strains. 
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Chapter 8.    Future work 

This thesis has investigated the complex behavior of polycrystalline multi-
phase stainless steels. The prediction of mechanical properties for these steels 
is important when considering industrial implementation of these steels. 
Therefore, I think more effort should be put into the building and evaluation 
of models to predict the properties after forming, welding and during service 
for these alloys. It is important to establish physical-based fundamental 
equations capable of predicting the properties accurately, but also important 
is the industrial implementation of these models. Some of the most powerful 
models are far too demanding for industrial implementation and it is 
therefore a key interest to transfer the fundamental scientific knowledge for 
industrial applications. 

The work with high-energy x-ray diffraction has been proven a powerful 
technique to investigate the behavior of stainless steels during different 
thermo-mechanical conditions. Further investigations are however necessary 
to get a comprehensive understanding of the microstructure, texture, phase 
and stress/strain evolution during various conditions. It would be very 
interesting to investigate the behavior during more complex thermo-
mechanical conditions, i.e. closely related to real forming operations or 
service conditions. 
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Abstract
In situ high-energy x-ray diffraction during tensile loading has been used to 

investigate the evolution of lattice strains and the accompanying strain induced 
martensitic transformation in cold rolled sheets of a metastable stainless steel. At high 
applied strains the transformation to -martensite occurs in stepwise bursts. These 
stepwise transformation events are correlated with stepwise increased lattice strains 
and peak broadening in the austenite phase. The stepwise transformation arises from 
growth of -martensite embryos by autocatalytic transformation. 

Keywords: Stainless steels, Strain induced martensitic transformation, Phase 
transformation kinetics, X-ray diffraction (XRD), Synchrotron radiation. 

Metastable stainless steels are fully austenitic ( -phase, face centered cubic) in their 
annealed condition, but they partially transform to martensite during deformation. 
This transformation affects the mechanical properties significantly, from large 
ductility after annealing to high strength after cold rolling, due to densified 
dislocation structure and increased martensite volume fraction [1]. 

The martensitic transformation in metastable stainless steels is strain induced at 
ambient temperature, and stress assisted at low temperature [2]. The speed of 
transformation has been reported to be 1100 m/s [3], and this high speed is due to 
the diffusionless nature of the martensitic transformation. Two types of martensite 
can form, where the first is a body centered cubic -martensite ( ) and the second is 
a hexagonal close-packed -martensite ( ). The nucleation sites for  are proposed 
to be dislocation pile-ups on active slip planes, while  is believed to form from 
overlapping stacking faults [4]. The strain induced martensitic transformation is 
affected by many parameters including alloy composition, temperature, strain, stress, 
strain rate, grain size and deformation mode [5-8]. 
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Despite the importance of the local stress and strain on the strain induced 
martensitic transformation in metastable stainless steels, only a few studies have 
measured these quantities in situ during deformation [9, 10]. 

In the present work, we report on the lattice strain evolution and accompanying 
strain induced martensitic transformation in metastable stainless steel AISI 301 
during deformation. High-energy x-ray diffraction is used to probe the bulk 
response of (poly-phase) crystallites under in situ tensile deformation, for samples 
having different initial cold rolling reductions. These measurements are 
complemented with ex situ microstructural characterization. 

Metastable stainless steel AISI 301, supplied in sheet form by Outokumpu Stainless 
was investigated. The composition by wt% was aside the balancing Fe:  17.55 Cr, 
7.67 Ni, 1.23 Mn, 0.55 Si, 0.31 Mo, 0.25 Cu, 0.1 Co, 0.095 C, 0.022 N and 0.008 
Nb, with other elements less than 0.1. The sheets were multi-pass cold rolled from 
the initial thickness of 1 mm to four different reductions, labeled A-D (A=2%, 
B=23%, C=36% and D=42%). The  grain size was ~40 m for sheet A, as depicted 
in Fig. 1. The mechanical properties were determined by ex situ tensile testing 
along the rolling direction, according to ASTM-standards (Fig. 2). 

Figure 1: Micrograph of AISI 301, at 2% cold rolling reduction 
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Figure 2: Stress-strain curves for the 4 investigated sheets of AISI 301 

Transmission electron microscopy (TEM) samples from the four sheets were studied 
both before and after uniaxial tensile deformation. Samples were prepared by 
cutting 3 mm discs, mechanically polishing ending with 1 m diamond paste, and 
then final thinning by electro polishing on a Struers dual jet electro polisher. 
Settings for the electro polishing were 12V, -20°C and the electrolyte was 125 ml 
perchloric acid, 200 ml ethanol and 800 ml methanol. TEM investigations were 
performed with a JEOL JEM-2000EX, operated at 200kV. 

For in situ high-energy x-ray diffraction experiments, tensile samples were cut along 
the rolling direction from the four steel sheets using pulsed Nd-YAG laser cutting. 
In situ experiments were carried out at the 1-ID beamline, Advanced Photon 
Source (APS). The used x-ray energy was 80.72 keV (0.1535 Å), which enabled a 
transmission geometry setup and bulk measurements (Fig. 3). The probe volume 
was approximately 0.4 x 1.2 x sample thickness (0.58-0.98) mm3.

2

Area detector

diffracted beam

Load

beam stopper

2 1
3

RD
TD

NDIncident beam

Figure 3: High-energy x-ray diffraction setup at 1-ID, Advanced Photon Source 
(APS)
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The strain rate during plastic deformation was 10-4s-1 and the applied strain was 
recorded by an extensometer. The load was continuously recorded from a load cell 
and diffraction patterns were collected every 30 s during the in situ loading by an 
area detector (Bruker 6500 CCD), placed 552 mm behind the sample. In addition, 
CeO2 powder was attached to each sample and the powder diffraction patterns were 
collected for calibration purposes. 

All diffraction patterns were corrected for spatial distortion, and the geometry was 
calibrated using the CeO2 diffraction patterns. The two dimensional diffraction 
patterns were transformed from Cartesian to polar coordinates for 1-D fitting of  the 
following peaks: {111} , {200} , {220} , {311} , {110} , {200} , {211} , {100} ,
{101}  and {102} . Diffraction rings were integrated over three degrees wide 
azimuthal bins and the peaks were least square fitted to pseudo-Voigt functions. 

The phase fractions were determined using the direct comparison method [11]. 
Here, the integrated intensity for a given diffraction ring was summed over the 
entire azimuthal range =0-360° and the volume fraction of the individual phases 
was calculated by: 
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Where n is the number of hkl peaks for a given phase, V the volume fraction, I the 
integrated intensity and R is the calculated theoretical intensity. The validity of this 
procedure has been demonstrated for highly anisotropic, two-phase steels by 
Dickson [12]. 

The hkl-dependent lattice strains were determined from the orientation dependence 
of the respective lattice spacing. For area detectors, the measured diffraction ring 
distortions, the sample orientation, and the strain tensor are related by the 
expression [13]: 
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  (2) 

Where fij are geometric coefficients determined by the sample orientation and 
detector azimuthal angle. The strain free angle 0 (and related unstressed spacing d0)
was determined experimentally from the strain-stress free direction * [14]. Hence, 
three strain coefficients ( 11, 12, 22) could be calculated from the over-determined 
equation system of 120 Bragg angles (azimuthal bins) for the {111} , {200} ,
{220} , {311} , {200} , and {211}  reflections, using the singular value 
decomposition method. 
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The transformations of  to  and  are depicted in Fig. 4. For sample A, distinct 
stages of  to  are observed. In the first stage only small amount of  forms, while a 
linear increase of the  fraction occurs above ~20% applied strain. The third stage, 
above ~60% strain, is characterized by stepwise transformations, wherein bursts of 
form followed by yielding without any transformation. The phase evolutions for 
samples with higher initial cold rolling reduction (B-D) are qualitatively similar, but 
quantitatively distinct from those of sample A. Clearly, the initial fraction of 
increases with increasing cold rolling reduction. Since a considerable amount of 
deformation already has occurred for samples B-D, the first plateau stage is absent. 
Transformation curves of B and C start in the second, linear transformation stage, 
while D with the highest cold rolling reduction (42%) starts from a plateau in the 
stepwise transformation stage. The rate of transformation in the linear 
transformation stage also differs between the samples, possibly due to different 
amount of nucleation sites generated in cold rolling and tensile loading. The 
transformation from  to  is distinct from that of  to . This transformation starts 
at near-zero applied strain, and all samples show a parabolic transformation behavior 
until reaching a  saturation level of 4 to 5.3%. No stepwise transformation events 
are observed in this transformation. However, the low volume fraction of 
generates a larger scatter in experimental data, compared to the  transformation. 

0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8
0

5

10

15

20

25

30

35

40

45

Applied strain

al
ph

a−
m

ar
te

ns
ite

 fr
ac

tio
n 

[%
]

A
B
C
D

0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8
0

1

2

3

4

5

Applied strain

ep
si

lo
n−

m
ar

te
ns

ite
 fr

ac
tio

n 
[%

]

A
B
C
D

Figure 4: Phase fraction as a function of applied strain for sample A-D (a)  (b) 

For all samples tested, the hkl-dependent lattice strains in  were observed to rise 
monotonically at low applied strain, but then change in a stepwise fashion at high 
strains. In a similar manner, the FWHM values of  reflections increase stepwise at 
high applied strains, with slight decreases in FWHM values between steps. This 
behavior is shown in Fig. 5 for 311  in sample B, where the change to stepwise 
behavior occurs above app~17%.  Also overlaid in Fig. 5 is the -phase fraction for 
this sample, and it is clear that these stepwise increases in both lattice strain and 
FWHM are correlated with the stepwise formation of .
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Figure 5: FWHM for 311 , lattice strain for 311  and -phase fraction in sample B. 
The values are normalized and offset for clarity. 

Ex situ microscopy revealed slip bands, extensive stacking faults and a rather low 
dislocation density in sample A after 2% cold rolling reduction but prior to tensile 
loading, Fig. 6a. Both  and  were distinguished in the microstructure, and the 
was located primarily at dislocation pile-ups, in agreement with previous findings 
[4]. As the cold rolling reduction increases, the dislocation structure gets more dense 
and entangled, and the amount of  increases. The slip band formation is more 
obvious in sample B, Fig. 6b. A tight banded structure is distinguished, consisting of 
both dislocations and . This well defined banded structure break up, however, 
with further cold rolling reduction as in sample D (Fig. 6c). When excessive 
amounts of  have formed, the banded structure vanishes and a block-shaped 
morphology of  are observed, as in sample A after tensile loading to fracture (Fig. 
6d).
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Figure 6: TEM micrographs (a) sample A - 2% cold rolling reduction (b) sample B - 
23% cold rolling reduction (c) sample D - 42% cold rolling reduction (d) sample A 
after tensile loading to fracture. 

The present study showed that both  and  form in AISI 301 during deformation. 
The phase fractions were continuously determined during tensile loading, revealing 
that the transformation from  to  has a parabolic transformation behavior and the 
fraction saturates at 4 to 5.3%. This behavior is consistent with the work by Sipos et 
al. [15], who studied the transformation behavior of a prestrained Fe-Mn-C steel. In 
contrast, we find the  to  transformation to occur in three characteristic stages. 
The difference in transformation behavior between  and  leads to a commonly 
discussed topic, whether  is a transition phase. The above observations reveal this 
to be unlikely for AISI 301 under tensile deformation. While the  transformation 
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occurs in a stepwise manner,  transformation reaches a saturation level and remains 
quite stable afterwards.  If  would form from , the transformations should be 
coupled. For example, when  suddenly increases,  would suddenly decrease, 
which is not seen. It is therefore more reasonable to believe that  and  form 
independently, not consecutively. 

To the author’s knowledge, the stepwise transformation of  in metastable stainless 
steels has not been reported previously, but it is proposed to be a consequence of 
growth of  embryos starting autocatalytic martensitic transformation in neighboring 
grains. Staudhammer et al. [16] have investigated the formation of , by 
transmission electron microscopy. They observed the formation of  embryos (~50-
70 Å) at small strains, with these embryos coalescing to form a block-shaped 
morphology at higher strains. This behavior is consistent with the microstructure 
evolution observed in the present study. During stage one, embryos of  may form 
at dislocation pile-ups, but the increase in -phase fraction is too small to be 
detected. During stage two, many  embryos form and grow moderately in size. 
When the  fraction becomes higher, roughly 20%, it becomes energetically more 
favorable to grow the existing embryos rather than forming new embryos, which 
marks the end of stage two. During the subsequent (third) stage, the  growth is 
rapid, and involves coalescence of  along the slip bands and across to parallel slip 
bands, depicted in Fig. 6c. The rapid growth of  is a consequence of autocatalytic 
martensitic transformation where the growth of  in one grain is transferred to the 
surrounding  grains, causing them to transform. The plateau after a burst is 
probably caused by heat generated in the transformation [17]. This transformation 
behavior is evidenced as stepwise bursts of  formation in Fig. 4a. 

The observed lattice strain and peak broadening evolution in  reflections supports 
the proposed theory. During stages one and two the formed  embryos remain 
relatively small and the lattice strain raises monotonically with applied strain, but in 
the third stage the rapid growth of  generate sudden increases of microstrains in ,
observed as steps in both lattice strain and FWHM in Fig. 5. This increase of 
strain/stress in the neighborhood of the  transformation starts the autocatalytic 
martensitic transformation spreading rapidly in this region of the sample [18]. The 
sudden increase in lattice strains can be explained by either the differences in 
volume between - and -phase or by changes in coherency. Information about 
phase coherency can be gleaned from the results. During stages I and II, when 
formed  embryos remain relatively small, the  remains coherent or semicoherent 
with the parent austenite. During the subsequent (third) stage, the /  interface is 
strained extensively, and when the  grows above a critical size the coherency is lost 
generating the drastic change of  lattice strain. The coherency loss causes 
dislocation pile-ups and misfit dislocations within  grains to either become part of 
the new interface or escape. Observed decreases in  peak width during the plateaus 
after stepwise transformation events are attributed to these -grain defect 
annihilation events (Fig. 5). These experimental findings, suggesting that there is an 
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initial coherency between  and  which becomes incoherent at later stages are 
supported by the work by Bunshah and Mehl [3], who did resistivity measurements 
in stainless steel. They observed an increase in resistivity during early stages of 
transformation, suggesting that  nuclei were coherent with the parent austenite, 
which generates coherency strains in the .

Finally, the TRIP effect providing the good ductility of the metastable stainless 
steels has previously been explained as an effect of strain hardening, which prolongs 
the time to neck formation [1]. This theory is supported by the present study. The 
bursts of  are localized and it provides a high hardening effect when neck 
formation is about to start. This increases the ductility since the localized hardening 
due to  formation redistributes the load to another part of the sample. 

From the present study, it is concluded that: 
Both -martensite and -martensite form in metastable stainless steel 
AISI 301. 
At high applied strain the transformation from austenite ( ) to -
martensite occurs in stepwise bursts. This stepwise behavior is a 
consequence of autocatalytic martensitic transformations, initiated by 
growth of -martensite embryos. 
The transformation from austenite ( ) to -martensite occurs in a 
parabolic transformation behavior for samples suffering initial cold 
rolling reduction. 
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Abstract
In-situ high-energy x-ray diffraction and material modeling are used to investigate 
the strain rate dependence of strain-induced martensitic transformation and the stress 
partitioning between austenite and ’-martensite in a metastable austenitic stainless 
steel during tensile loading.  Moderate changes of the strain rate alter the strain-
induced martensitic transformation, with a significantly lower ’-martensite 
formation observed at a strain rate of 10-2 s-1, compared to 10-3 s-1. This strain-rate 
sensitivity is attributed to adiabatic heating of the samples, and is found to be well 
predicted by the combination of an extended Olson-Cohen strain-induced 
martensite model and finite element simulations for the evolving temperature 
distribution in the samples. In addition, the strain rate sensitivity affects the 
deformation behavior of the steel. The ’-martensite transformation at high strains 
provides local strengthening and extends the time to neck formation. This 
reinforcement is witnessed by a load transfer from austenite to ’-martensite during 
loading.

Keywords: Martensitic transformation, strain rate, stainless steels, x-ray diffraction, 
finite element modeling, stress 

Introduction
Metastable austenitic stainless steels are used as engineering materials due to their 
combination of good formability, as-formed strength and corrosion resistance. Their 
good mechanical properties are, to a large extent, due to the three phase composite 
structure evolved during deformation, where the original ductile austenite partially 
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phase transforms to the stronger ’-martensite (bcc or bct) and -martensite (hcp). 
This martensitic transformation is strain-induced at ambient temperature, which 
means that the martensite is formed at nucleation sites generated by the plastic 
deformation, e.g. shear band intersections [1]. The strain-induced martensite 
strengthens the original austenite and it can improve the ductility via the TRIP-
effect [2].  Bressanelli et al. [3] found both the onset and the rate of martensite 
formation to be vital for obtaining good ductility.  Furthermore, Hedström et al. 
recently suggested that autocatalytic martensitic transformation improves ductility 
[4]. These characteristics of the strain-induced martensitic transformation can to 
some extent be tailored by the austenite stability, which is controlled by alloy 
composition and microstructure [5]. However, there are additional parameters such 
as temperature [6], stress state [7] and strain rate [8] that affect the strain-induced 
martensitic transformation. Increasing the strain rate will alter the strain-induced 
martensitic transformation behavior, due to the exothermic martensite 
transformation and the heat generated from the plastic deformation. In addition, it 
has been proposed that an increase of strain rate increases the amount of shear bands, 
which have been proosed as favorable nucleation sites for the martensite, and thus 
enhances the degree of martensitic transformation [1]. The strain-induced 
martensitic transformation contributes to the considerable complexity in the 
deformation behavior of metastable austenitic stainless steels; it is vital to understand 
the parameters controlling this behavior in order to predict the mechanical 
properties of this important material system. In addition, fully coupled thermo-
mechanical material models are needed to accurately describe the evolution of the 
critical parameters in the underlying material state [9].  

In the present work, we report on x-ray diffraction measurements and material 
modeling of the strain-induced martensitic transformation and the deformation 
behavior of metastable austenitic stainless steel AISI 301. In-situ bulk synchrotron 
measurements of the strain-induced martensite and the load partitioning between 
austenite and ’-martensite during tensile loading are performed. The measurements 
are conducted using different strain rates to evaluate the strain rate sensitivity of the 
deformation behavior. The thermo-mechanical properties are further evaluated by 
material modeling using the generalized Olson-Cohen model [1] for strain-induced 
martensite, developed by Iwamoto et al. (e.g. [10]), and a radial-return stress-strain 
algorithm. The parameter fitting procedure [11] is combined with finite element 
modeling of the tests in order to obtain the temperature evolution and the stress 
partitioning between austenite and ’-martensite phases.  
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Experimental procedure 

Material
The material investigated was metastable austenitic stainless steel AISI 301 
manufactured by Outokumpu Stainless, Avesta works.  Steel sheets of 1 mm 
thickness were delivered in the solution treated condition, and the chemical 
composition is given in Table 1. The as-received microstructure is depicted in 
Figure 1, and the average grain size is ~33 m.

Table 1: Chemical composition in wt% 
Fe Cr Ni Mn Si Mo Cu Co C N Nb 

Bal. 17.55 7.67 1.23 0.55 0.31 0.25 0.1 0.095 0.022 0.008 

Figure 1: Optical micrograph of the solution-treated metastable austenitic stainless 
steel AISI 301. The sample was first mechanically polished and then electro-polished 
with an electrolyte consisting of 125 ml perchloric acid, 200 ml ethanol and 800 ml 
methanol; at 12V and -20°C. The sample was subsequently electro-etched using an 
etchant consisting of 60% nitric acid and 40% water; at 1V and room temperature, 
to reveal the grain boundaries. 

X-ray diffraction measurements 
High-energy x-ray diffraction experiments were conducted at the 1-ID beamline at 
the Advanced Photon Source (APS), Argonne, IL. The x-ray energy used was 
61.95keV (0.2001Å), which is sufficiently high to probe the full sample thickness 
(Figure 2). An amorphous Si area detector (GE, Angio model) was placed at a 
distance of 740 mm from the sample for fast acquisition of two-dimensional 
diffraction patterns. The x-ray beam size was defined by horizontal and vertical slits 
to 1x1mm2. The tensile samples were produced by electro discharge machining 
(EDM) and the sample size is indicated in the inset of Figure 2. The samples were 
placed in a tensile load-frame, which was mounted on a three-axis translation stage. 
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The strain was continuously measured using a combination of a miniature 
extensometer attached to the specimen (for low strains) and the cross-head 
displacement (for high strains). CeO2 powder was applied to the downstream face of 
all samples to provide fiducial patterns. Three samples were tested using strain rates 
of ~10-4 s-1, 10-3 s-1, 10-2 s-1 and the diffraction patterns were recorded continuously 
during loading. 
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Figure 2: The experimental setup used at 1-ID, Advanced Photon Source for in-situ 
x-ray diffraction during uniaxial tensile tests. The inset is a sketch of the tensile 
specimen, cut by electro discharge machining (EDM). Specimen thickness (t) is 1 
mm.

Phase fractions 
To determine the martensite content, diffraction patterns were analyzed by first 
integrating over 360° in azimuth to produce one-dimensional line-outs from the 
two-dimensional diffraction patterns. The diffraction peaks were then least-squares 
fitted to pseudo-Voigt functions. The peaks used for the austenite were the {111}, 
{200}, {220}, {311}; for the ’-martensite {110}, {200}, {211} and for the -
martensite {100}, {110}. The phase fractions were subsequently calculated by the 
direct comparison method, where the integrated intensity of a diffraction peak in a 
sample with random crystal orientation is formulated as [12]: 
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Where K2 is an instrument factor,  the linear absorption coefficient, I the 
integrated intensity, X the volume fraction and R is the theoretical intensity, given 
by:

( )
( )

mepF
v

R 2
2

2
2

2 cossin
2cos11 −⋅

⋅
+⋅⋅=

θθ
θ

  (2) 
Where v is the volume of the unit cell, F the structure factor, p the multiplicity, 
(1+cos22 )/sin2 cos ) the Lorentz-polarisation factor and e-2m is the temperature 
factor. The integrated intensity of , ’ and  is then formulated as:  
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Where the volume fractions follow X +X ´+X =1 (6).  K2 and  are constants and 
since all measurements were performed at room temperature, the relatively small 
difference in e-2m was neglected. Thus, the volume fraction of the individual phases 
is calculated by [13]: 
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  (7) 
The validity of this procedure to derive volume fractions for even highly textured 
two-phase steels (up to 93% cold rolling reduction) was demonstrated by Dickson 
[14].

Stress measurements 
The phase specific stresses of austenite and ’-martensite were determined from the 
measured lattice strains of {311}  and {211} ’ reflections and elasticity theory. These 
lattice strains were determined by a procedure similar to those presented in Young 
et al. [15] and Almer et al. [16]. First, the diffraction rings were integrated over 3° 
wide azimuthal bins and the peaks were fitted to pseudo-Voigt functions. The short 
wavelength of the x-rays generates small diffraction angles, and thus the scattering 
vectors are nearly coincident with the x1-x2 plane (where x1 is along the loading 
direction, x2 is along one transverse direction and x3 is the beam direction). All 
strain components except 11, 12 and 22 are therefore negligible in the two-
dimensional diffraction patterns and a crude assumption of rotational symmetry 
around the load axis ( 22= 33) together with the use of a “stress-strain free angle” 
[17, 15] enabled the calculation of the three strain coefficients using the equations in 
He and Smith [18]. The phase specific stresses along the tensile direction for the 
uniaxial stress state and assumed isotropic properties were then calculated by: 

1111 εσ ⋅= E   (8) 

Where Young’s modulus (E) was taken from the literature as 188 GPa for austenite 
as experimentally determined for {311} reflection [19], and for ’-martensite the 
bulk modulus at room temperature (217 GPa) from Tomita et al. [20] was used.  

Physically based material models 
The Olson-Cohen model [Olson] has been generalized in consecutive steps by 
Stringfellow et al. [21] who introduced stress state dependence of the driving force 
for martensite transformation, and Iwamoto et al. who first incorporated strain rate 
sensitivity [10] and later stress state dependence of shear band formation [22]. This 
extended model is now used to predict the strain-induced martensitic 
transformation. The model has been implemented in a Matlab™ toolbox for 
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parameter optimization [11]. Moreover, the radial-return logic [23, 24, 25] is used 
to compute the uniaxial stress evolution in this tool. 

Strain-induced martensite 
The small amounts of -martensite (<2.5%) is neglected throughout the modeling 
and only the austenite ( ) and the ’-martensite ( ’) are considered. Hence, 

1´ =+ αγ XX  (9) 
The ´-martensite is assumed to nucleate at shear band intersections and the amount 
of shear bands formed is related to the plastic strain by 

γεα )1( sbsb XX −=  (10) 

where sbX  is the volume fraction of shear bands, γε is the effective plastic strain in 
austenite and α is a factor depending on the stacking fault energy. The shear band 
intersections are related to the number of shear bands. However, it has been 
previously demonstrated that the initial shear bands tend to be parallel and the 
intersections will be more frequent when secondary slip systems are activated [1]. 
The shear band intersections are therefore related to the volume fraction of shear 
bands by 

1)( −= n
sbsbI XnX η  (11) 

Where  and n are geometrical constants and n is a value larger than 3 due to the 
formation of predominantly parallel shear bands in the initial stages. 
The factor  in equation (10) is assumed to depend on temperature, stress state and 
strain rate as 
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αα γ
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 (12) 
Where the function a(T) is taken as a piecewise linear function as described in 
chapter 5.3. The temperature increase is obtained from finite element simulations, 
described later. M is a strain rate sensitivity exponent. 
The triaxiality factor (K ) in eq. 12 is constant in the uniaxial tensile setup: 
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Not every shear-band intersection will generate a ’-martensite embryo and 
therefore a probability (p) of martensite embryo formation is introduced 
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The total driving force (g) of martensite embryo formation was derived in [21], but 
here a simplified expression is used 

σKgTg 1+−=  (15) 
where T is the temperature in Kelvin. The final equation becomes 

))(1( ´´ σγαα ε KBAXX +−=  (16) 
with
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Deformation behavior of austenite and ´-martensite
The Young’s modulus is calculated by a mixture rule as 

)()()1( ´´´ TEXTEXE ααγα +−=  (19) 
With [10]: 

1000)0692.07.215()( ⋅⋅−= TTEγ [MPa] (20) 
1000)0692.03.237()(' ⋅⋅−= TTEα [MPa] (21) 

The thermal dilatation is computed as 
)()()1( ´´´ TXTX ththth

ααγα εεε +−=  (22) 
With [26]: 

TTth ⋅+−= 0000173.0015.0)(γε  (23)  
TTth ⋅= 000011.0)('αε  (24) 

The flow stress relations by Tomita and Iwamoto were adopted [10]. These are 
formulated as 
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The yield stress of the composite structure is computed by 
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The distribution of plastic strain between the two phases is assumed to be 
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and the macroscopic effective plastic strain increment is calculated by a mixture rule 

pp
y

p dXdXd ´´ ααγ εεε +=   (29) 
Additive decomposition of the strain rates are assumed and in the one-dimensional 
case this gives, 

thpe εεεε ++=   (30) 
Where ε  is the total strain rate, 

eε  the elastic strain rate, 
pε  the plastic strain rate 

and 
thε  the rate of thermal dilatation. 

The stress update algorithm is based on the radial return method using one trial, 
elastic predictor followed by a plastic corrector.  The latter is only needed when it is 
found that the trial state gives an effective stress that is larger than the yield limit. 
The consistency condition is applied to find the amount of plastic deformation in 
the corrector step. The consistency condition in the theory of plasticity is that the 
effective stress is equal to the yield limit during plastic deformation. The model uses 
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a nonlinear hardening model and an explicit treatment of the martensite fraction, 
assuming the increments are small, and hence the initial martensite fraction is used 
to update the stress in an increment. The martensite fraction is updated after 
updating the stress in each increment. For the stress updating itself an implicit 
approach is used when solving the plastic strain increments numerically. Details of 
the stress update algorithm are found in [25] together with an algorithm for implicit 
treatment of the martensite fraction during the stress update, useful when larger 
strain increments are used in the calculations. 

Finite element simulations 
Temperature changes during deformation associated with plastic dissipated energy 
and latent heat of the martensite formation were computed using the implicit finite 
element code MSC.Marc. This data was needed for the parameter optimization in 
the developed Matlab™ tool [12]. The model accounts for large strains and 
deformations. The coupled thermo-mechanical problem was solved by a staggered 
approach where the geometry is fixed during the thermal part of the analysis and 
updated in the mechanical part. The flow stress model, described above, was 
implemented in the user routine WKSLP. The explicit/implicit version of the 
algorithm in [25] was used also in the finite element analysis. This means that the 
phase fractions at the beginning of a time step were used to update the stress state 
and the implicit radial return method [24] was used for the latter. 

A 2-dimensional model with four node plane stress elements was used to model one 
quarter of the test specimen as symmetry conditions were utilized. The model is 
shown in Figure 6 where prescribed displacements were applied on the nodes at the 
top of the model. These displacements were taken from the experimental data.  The 
total elongation and time were 10.7 mm and 90 s, 13.9 mm and 1160 s and 14 mm 
and 8690 s for the nominal strain rates of 10-2 s-1, 10-3 s-1 and 10-4 s-1, respectively. 

The temperature evolution at the centre of the test specimen was of primary interest 
and used in the parameter fitting process. Since the temperature evolution depends 
on the material parameters, iterations between the parameter optimization in the 
Matlab™ tool and the finite element simulations were required to obtain the 
temperature evolution and material properties. This process was fairly 
straightforward and needed only to be repeated five times. Then the prescribed 
temperatures in the parameter fitting procedure were the same as those computed in 
the finite element simulations using the obtained material properties.  

Results

Phase evolution measurements 
Figure 3 demonstrates the transformation behavior from austenite to ’-martensite 
and -martensite for the three tensile tests with strain rates 10-4 s-1, 10-3 s-1 and 10-2 s-

1. The -martensite has a parabolic transformation behavior with a saturation level of 
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about 0.025 volume fraction. This amount is however slightly decreased for high 
strains. There is no distinguishable difference between the strain rate 10-4 s-1 and 10-3

s-1 concerning the -martensite behavior, but for strain rate 10-2 s-1 there is a steeper 
gradient of the parabolic function at low strains, i.e. more -martensite forms during 
early plastic deformation. The correlation between strain rate and the transformation 
behavior from austenite to ’-martensite is however stronger. The final volume 
fraction of ’-martensite for strain rate 10-4 s-1 is about 8% lower than for strain rate 
10-3 s-1, but the major difference concerns the transformation behavior, where 
tensile loading at strain rate 10-3 s-1 produces significantly more ’-martensite during 
early plastic deformation (<0.5 true strain). On the other hand, the tensile loading at 
strain rate 10-4 s-1 gives a more rapid transformation at true strains above 0.5. 
Increasing the strain rate even further to 10-2 s-1 gives significantly lower ’-
martensite volume fraction at fracture. The early transformation behavior resembles 
that of strain rate 10-3 s-1 with almost identical ’-martensite transformation curves. 
Note also that the stepwise transformation behavior is only observed during loading 
at the two slower strain rates (10-4 s-1 and 10-3 s-1) and not during loading at the 
highest strain rate (10-2 s-1). The origin of the stepwise transformation is discussed 
elsewhere [4]. 
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Figure 3: Experimental and computed martensite volume fractions for uniaxial 
tensile loading at strain rates 10-4, 10-3and 10-2 s-1
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Figure 4: Experimental and computed stress-strain curves for uniaxial tensile loading 
at strain rates 10-4, 10-3and 10-2 s-1

Deformation behavior measurements 
The true stress-strain curves for tensile loading at strain rates 10-4 s-1, 10-3 s-1 and 10-2

s-1 are depicted in Figure 4. Loading at strain rate 10-4 s-1 gives a true fracture strain 
of 0.69 which is the highest observed ductility. A slight decrease of the true fracture 
strain to 0.65 is seen when the strain rate is increased to 10-3 s-1, but increasing the 
strain rate further to 10-2 s-1 reduces the true fracture strain markedly to 0.5. The 
strain hardening for the three different tests are quite similar, with only slightly 
higher stress levels for the test with strain rate 10-2 s-1 just after yielding. The fracture 
strength is however divergent since the sample loaded at a strain rate of 10-2 s-1

fractures much earlier than the other two samples. 

The deformation behaviors of the individual austenite and ’-martensite phases are 
depicted in Figure 5a-c. The phase specific stress in the austenite is close to the 
macroscopic stress level of the composite at early stages of deformation. When ’-
martensite formation starts it is able to carry more load than the austenite and thus 
the stress level of the ’-martensite is considerably higher than for austenite. There 
is a noticeable load transfer from the austenite to the martensite at about 0.5 true 
strain for strain rates of 10-4 s-1 and 10-3 s-1. This is however not true for loading at a 
strain rate of 10-2 s-1 where the austenite stress evolves quite linearly all the way to 
fracture.
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macroscopic stress-strain curve during uniaxial tensile loading. a) 10-2 s-1 b) 10-3s-1 c) 
10-4s-1



Paper II 

98

Material model parameter optimization and finite-element simulations 
The optimized parameters for the strain-induced martensite model are presented in 
Table 2. The function a(T) in equation 12 was considered as piecewise linear 
between the given values at 20ºC ( 20), 30ºC ( 30) and 40ºC ( 40). These values are 
also given in Table 2. As mentioned previously, the parameter optimization and the 
finite element simulations for temperature evolution in the specimens were iterated, 
since these parameters are interlinked. The temperature increased from 20 ºC to 40 
ºC for the strain rate of 10-2 s-1 and to 25 ºC for 10-3 s-1 and 23 ºC for 10-4 s-1. The 
strain-induced martensite model curves are presented in Figure 3 together with the 
experimental values and the computed values agree well with the experimental 
values.

The strain-induced martensite transformation was then used as the input to calculate 
the stress-strain curves and thus the optimized parameters for the stress-strain model 
are presented in Table 3. The predicted stress-strain curves are presented together 
with the measured stress-strain curves in Figure 4. There is a good agreement 
between experimental and computed curves, but the model overestimates the stress 
at high strains for strain rate 10-3 s-1 and 10-2 s-1.

The tensile specimen at the end of the test for finite element simulations, using 
strain rate 10-2 s-1, is shown in Figure 6. The distribution of plastic strain is depicted 
in Figure 6a, temperature distribution in Figure 6b and ’-martensite fraction in 
Figure 6c. The distributions of ’-martensite fraction, temperature and plastic strain 
were fairly homogenous for the two lower strain rates 10-3 s-1 and 10-4 s-1.

Table 2: The optimized strain-induced martensite parameters for AISI 301 

20α 30α 40α σα η n
3.7 3.5 3.3 7.15 11 4.5 

gσ 0g 1g M refε
40 -262 73.8 0.11 0.0001  

Table 3: The optimized stress algorithm parameters for AISI 301 

1C 2C 3C 4C 5C
γ 1235 1.1 0.75 1360 0.0065 

m 1860 17 3.58 5505 0.0165 
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Figure 6: Finite element model of the tensile test specimen. Only one quarter of the 
sample needed to be analyzed due to symmetry conditions (see figure showing 
sample geometry). Prescribed displacements (from experimental data) were applied 
on the upper surface. a) effective plastic strain at 0.5 strain, 10-2 s-1 b) temperature 
distribution at 0.5  strain, 10-2 s-1 c) ’-martensite distribution at 0.5 strain, 10-2 s-1

Discussion

Strain-induced martensitic transformation 
The experimental results clearly demonstrated strain rate sensitivity of the strain-
induced martensitic transformation. There was no clear difference in -martensite 
formation between strain rates 10-3 s-1 and 10-4 s-1, but -martensite was observed to 
form more rapidly at low strains when the strain rate was increased to 10-2 s-1. This 
is consistent with previous findings where an increased strain rate promotes the 
formation of shear bands (i.e. stacking faults, twins and -martensite) instead of 
normal slip [27]. In addition, the shear bands are believed to be favorable nucleation 
sites for the ’-martensite [1] and as seen in Figure 3 the ’-martensite 
transformation starts earlier for strain rate 10-2 s-1 than for the two slower strain rates. 
This is consistent with the prediction by Olson and Cohen that more shear bands, 
in this case in the form of -martensite, will create more ’-martensite. The trend of 
increasing -martensite leading to more ’-martensite was not seen when strain rates 
10-3 s-1 and 10-4 s-1 were compared. However, these two strain rates demonstrated 
significantly different transformation behavior and final volume fractions of ’-
martensite. The ’-martensite transformation start earlier for strain rate 10-3 s-1 and 
also reaches a higher volume fraction at fracture, consistent with Olson and Cohen’s 
prediction. It was however not correlated with higher shear band formation ( -
martensite) for a strain rate of 10-3 s-1 versus 10-4 s-1. That said, a lack of shear band 
increase cannot be excluded since it might occur in the form of stacking faults and 
twins, i.e. defects not measured during these experiments. 
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Increasing the strain rate to 10-2 s-1 caused a significant decrease of the ’-martensite 
volume fraction from 0.5 (strain rate 10-3 s-1) to 0.25 (strain rate 10-2 s-1) at fracture. 
This is caused by the heat generated from both the plastic deformation and the 
exothermic martensitic transformation. Heating of the sample occurs at this strain 
rate since the generated heat is not transferred out of the sample fast enough. Finite-
element simulations estimated a sample temperature of ∼40ºC at maximum strain 
for a strain rate of 10-2 s-1. Similar behavior with a decreased ductility has been 
observed for experiments conducted with a similar strain rate (0.5min-1) by Azrin et 
al. [28]. They found a lower bound for the temperature increase to be 44ºC, and 
attributed this rise to cause a significant decrease of the ductility. Hecker et al. 
performed tensile tests at strain rates 10-3s-1 and 103s-1 together with comprehensive 
microstructural investigations [29]. They found a considerable decrease of the ’-
martensite fraction when increasing the strain rate from 10-3s-1 to 103s-1, due to 
adiabatic heating. In addition, a number of authors have done similar experiments 
[30, 31] and concluded that adiabatic heating occurs at high strain rates. It should 
however be noted that the temperature can locally be higher than the measured 
macroscopic values [32], especially if there is an autocatalytic martensitic 
transformation occurring where many grains transform simultaneously, generating 
large amounts of local heat [4]. The heating of the samples has two possible effects 
on the transformation kinetics. First, it decreases the chemical driving force G ’

for the transformation and secondly, it increases the stacking fault energy (SFE). The 
first explanation has been the most commonly-used for decreased martensitic 
transformation with increasing strain rate, but recently Talonen argued that the 
increase of stacking fault energy is more important [33]. 

The modeling of the strain rate sensitivity for the strain-induced martensite agrees 
well with the experimental results. The model is able to accurately predict the 
transformation behavior during tensile loading, considering both the effect of the 
adiabatic heating and the increased shear band formation. The synchrotron 
measurements give local information when compared to the macroscopic modeling, 
and thus the (local) stepwise transformation behavior for strain rates 10-3 s-1 and 10-4

s-1 was not captured in the modeling results. The absence of stepwise transformation 
behavior for strain rate 10-2 s-1 is probably due to fracture before burst 
transformations commence. These bursts are observed to occur when the amount of 
’-martensite reaches about 25%, which is the fraction where ’-martensite starts to 

transform from a fine-scale lath morphology to block shaped morphology by 
coalescence of ’-martensite laths to neighboring shear bands [4]. This type of 
restricted coalescence of ’-martensite due to adiabatic heating has been seen 
previously in Murr et al. [27], and Talonen et al. discussed this behavior of the 
strain-induced martensite in terms of the percolation theory. They found that a 
continuous network of ’-martensite forms above 0.3 ’-martensite volume 
fraction [33]. 
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Deformation behavior 
The strain-induced martensitic transformation has a clear impact on the deformation 
behavior of the metastable austenitic stainless steels. The -martensite can contribute 
to the deformation behavior predominantly via two mechanisms. First, the -
martensite can produce subdomains able to obstruct dislocation movements. 
Secondly, the -martensite transformation has been suggested to provide easy 
deformation pathways during initial straining, thus lowering the work hardening 
rate [34]. The -martensite will however not carry any substantial load due to the 
low volume fraction (in this study below 2.5%). Hence, the hardening contribution 
from -martensite was accounted for by the standard hardening model and the 
potential contribution from -martensite load sharing was neglected. This 
assumption for the composite behavior was found reasonable as seen in the 
predicted stress-strain curves (Figure 4). 

The main reason for the drastic change of ductility for strain rate 10-2 s-1 compared 
to lower strain rates is attributed to the reduction in ’-martensite formation. The 
adiabatic heating of the sample suppressed the martensitic transformation at high 
strains and hence the TRIP-effect was greatly reduced. This may be due to lack of 
autocatalytic martensitic transformation [4]. In addition, delayed ’-martensite 
formation is beneficial to ductility [3]. This was seen when comparing the sample 
loaded at 10-4 s-1 and the sample loaded at 10-3 s-1. The rapid ’-martensite 
transformation was delayed in the case of strain rate 10-4 s-1 giving an increase of 
ductility by 0.05 true strain. 

The stress-strain curves were well predicted by the simple stress-strain model used. 
The only discrepancy was seen for strain rates 10-3 s-1 and 10-2 s-1 where the model 
overestimated the stress levels at high strains. Considering the stress partitioning 
between austenite and ’-martensite, it was observed that the austenite transfers load 
to the ’-martensite when this phase forms. The stress level in the ’-martensite is 
more than twice the stress levels in the austenite. Similar behavior was also seen by 
Spencer et al who investigated the work hardening behavior of alloys 304L and 
316L using neutron diffraction [35]. The two slower strain rates display similar 
behavior, where the austenite stress follows the macroscopic stress quite closely until 
about 0.5 true strain when the austenite deviates from the macroscopic stress curve. 
A true strain of about 0.5 corresponds to highest rate of ’-martensite 
transformation in the sigmoidal transformation behavior, and is also approximately 
the onset of stepwise transformation behavior. It is possible that this deviation of the 
austenite stress occurs when the ’-martensite starts to form a more continuous 
network in the structure as described above. Thus the load is more effectively 
transferred from the austenite to the ’-martensite. This behavior is not seen for the 
highest strain rate, where the austenite stress instead follows the macroscopic stress 
levels in a linear way, suggesting that the load transfer is not as effective in this case. 
The fact that the phase-specific stresses derived from finite element simulations 
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agree well with measured values gives validation to the employed iso-Work 
principle, with assumption of equal mechanical work increments in each phase. 

Conclusions
The strain rate sensitivity of the strain-induced martensitic transformation in 
metastable austenitic stainless steels is high. Even moderate strain rates of 10-

2 s-1 will suppress the ’-martensite transformation due to adiabatic heating 
of the samples.  
During loading the austenite was seen to transfer the load to the ’-
martensite as it forms and the ’-martensite carries more than twice the 
stress, compared to the austenite. 
The strain-induced martensitic transformation and the deformation 
behavior of the metastable austenitic stainless steel was well-predicted by the 
combination of the generalized Olson-Cohen strain-induced martensite 
model, finite-element simulations for the temperature evolution and a 
simple stress-strain algorithm. 
The phase specific stresses from finite element simulations and x-ray 
measurements show a reasonable match. Thus, despite the simplicity of the 
employed iso-Work principle, it is relevant to describe this system. 
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Abstract
The reverse martensitic transformation in cold rolled metastable austenitic stainless 
steel has been investigated via heat treatments performed for various temperatures 
and times. The microstructural evolution was evaluated by differential scanning 
calorimetry, x-ray diffraction and microscopy. Upon heat treatment, both 
diffusionless and diffusion controlled mechanisms determine the final 
microstructure. The diffusion reversion from ’-martensite to austenite was found 
to be activated at about 450°C and the shear reversion is activated at higher 
temperatures with Af´ ~600°C. The resulting microstructure for isothermal heat 
treatment at 650°C was austenitic, which inherits the ’-martensite lath morphology 
and is highly faulted. For isothermal heat treatments at temperatures above 700°C 
the faulted austenite was able to recrystallize and new austenite grains with a low 
defect density were formed. In addition, particle precipitation was observed for 
samples heat treated at these temperatures which lead to an increasing Ms-
temperature and new ’-martensite formation upon cooling. 

Keywords: Metastable austenitic stainless steel, Reverse martensitic phase 
transformation, Heat treatment, Microstructure. 

Introduction
The possibility to generate an ultra-fine grain size by utilizing the reverse martensitic 
transformation has revived interest in the phase transformation from martensite to 
austenite in both carbon steels [1] and metastable austenitic stainless steels [2, 3]. 
This phase transformation has also been considered for applications where a local 
grain refinement in a martensitic structure would yield good formability without 
loss of strength [4]. 

The reverse ’-martensitic transformation mechanisms and resulting microstructures 
have been investigated for a number of pure Fe-Ni and Fe-Ni-Cr alloys [5-7]. The 
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bcc -martensite reversion to fcc austenite is reported to occur by two different 
mechanisms; diffusion and shear transformation [6]. The diffusion transformation 
proceeds by nucleation and growth of austenite grains from the original martensite 
grains. This transformation is active over a relatively large temperature range, but 
clearly the rate of transformation is higher at elevated temperatures. On the other 
hand, the shear transformation is diffusionless and hence it is considered time 
independent. The time required for the shear transformation from austenite to lath 
martensite has been estimated to be 10-5s [8]. The reverse shear transformation can 
be assumed to have similar speed of transformation. The reverse shear 
transformation occurs in a narrow temperature range and this temperature range has 
been found to be composition dependent. A low Ni/Cr ratio increases both the 
shear reversion start temperature (As´) and shear reversion finishing temperature 
(Af´) [6]. It has also been demonstrated that a combination of shear reversion and 
diffusion reversion is often active and this depends on the temperature and time for 
heat treatment. Hence, the reverse martensitic transformation is complex for the 
simple two- or three-component alloys and clearly when more alloying elements 
are added, as in a commercial metastable austenitic stainless steel it becomes even 
more intricate [4, 9]. In addition, there is a limited amount of published studies on 
the reverse martensite in these types of steels and hence more work is needed to 
establish how the two possible mechanisms of reversion control the final 
microstructure. 

In the present work, the transformation from martensite to austenite in a metastable 
austenitic stainless steel AISI 301 is investigated. The reversion mechanism and the 
resulting microstructure with respect to cold rolling reduction, annealing 
temperature and annealing time are investigated. 

Experimental procedure 
Steel sheets of AISI 301 from Outokumpu Stainless have been investigated. The 
chemical composition is given in Table 1 and the Ms-temperature is about -158°C, 
calculated using Equation 1 [10]. The steel was studied in the solution-treated 
condition and three different cold rolling conditions, see Table 2. 

[ ] )(16671.368.273.331.617.411578 NCMoSiMnNiCrKM s +−−−−−−=         (1) 

Table 1: Chemical composition of the investigated AISI 301 
Fe Cr Ni Mn Si Mo Cu Co C N Nb 

Bal. 17.55 7.67 1.23 0.55 0.31 0.25 0.1 0.095 0.022 0.008 
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Table 2: The four investigated AISI 301 steel sheets 
Sample ID Thickness (mm) Condition 
A 1 Solution-treated
B 0.77 23% reduction 
C 0.58 42% reduction 

D 0.39 61% reduction 

Isothermal heat treatments for 1h at temperatures from 500 to 900°C were 
performed for all three cold rolled steel sheets. Heat treatments were conducted in a 
Nabertherm furnace using a heating rate of ~300°C/min. The samples were 
quenched in water after heat treatments. 

The resulting microstructures were investigated by optical microscopy (OM), 
scanning electron microscopy (SEM), transmission electron microscopy (TEM) and 
x-ray diffraction (XRD). All OM and SEM samples were first cut and mechanically 
polished using 0.06 m colloidal silica in the final step, followed by electropolishing 
at 11.2 V in an electrolyte consisting of 110 ml perchloric acid, 180 ml ethanol and 
710 ml methanol. Thereafter, the samples were grain boundary etched, martensite 
etched or carbide etched. The grain boundary etching was performed by electro-
etching in a solution of 60% nitric acid and 40% water [11]. The martensite etching 
was conducted in a solution of 10% HCl and 0.25% sodium metabisulfite [12]. 
Carbide etching was performed by electro-etching at 6V and in a solution of 10 g 
ammonium persulfate and 100 ml distilled water. A 10s etching time resulted in the 
colouring of carbides, e.g. M23C6 or M7C3 [13]. The microscopy was performed 
using an Olympus vanox-T with an Olympus DP11 digital camera for the OM, and 
a JEOL JSM-6460LV for the SEM. TEM samples were prepared by punching out 3 
mm discs and mechanical thinning the discs to approximately 100 m using 1 m
diamond paste in the final polishing step. Final thinning to electron transparency 
was then performed by electropolishing in a Struers TenuPol-3 at -7 °C, 26 V and 
0.1 A. The electrolyte used consisted of 590 ml iso-Butanol, 350 ml methanol and 
60 ml perchloric acid. The TEM investigations were performed using a JEOL JEM-
2000EX, operated at 200kV. 

The x-ray diffraction samples were produced according to the same routine as for 
the microscopy samples, i.e. first mechanical polishing and then electropolishing. 
This assures testing of the sample’s interior structure, unaffected by surface 
phenomena. Philips X’Pert XRD (MPD and MRD) with x-rays of wavelength 
1.5418 Å (CuK ) was used for the x-ray diffraction measurements. The diffraction 
patterns were analyzed by least squares fitting to pseudo-Voigt functions and the 
phase proportions could subsequently be calculated using the direct comparison 
method [14]. This method assumes randomly oriented grains and the volume 
fraction (V) of phases is calculated using Equation 2. 
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Where I is the integrated intensity for {hkl} planes, R the theoretical intensity from 
the same {hkl} planes, calculated using equation 3.  
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     (3) 
Where F is the structure factor, p the multiplicity, v the volume of the unit cell, 
(1+cos22 /sin2 cos ) the Lorentz-polarisation factor and e-2M is the temperature 
factor approximated to unity, since all measurements were performed at room 
temperature. 

We have previously determined the phase contents in these steels by XRD using 
synchrotron radiation and there are three phases present ( , ’, ) where hcp 
martensite ( ) constitutes only a few volume percent [15]. In the current study, 
these small amounts of hcp martensite ( ) were therefore neglected. The phase 
quantification was performed using the following reflections and their 
corresponding R-values: {111} , R=222.23; {200} , R=100.64; {220} , R=55.18; 
{311} , R=67.13; {222} , R=20.37; {110} ’, R=277.38; {200} ’, R=39.22; 
{211} ’, R=75.98; {220} ’, R=26.7. The strong texture induced by the cold rolling 
of these steels makes accurate phase quantification harder, but Dickson 
demonstrated the current method’s validity for heavily cold rolled steel samples 
when enough diffraction peaks are considered [16]. This was assured here by 
comparing the results when all peaks were included in the quantification and when 
one austenite and one ’-martensite were absent. Thus, the accuracy of phase 
quantification is estimated to ±3%. 

To further investigate the reverse martensite transformation and to see the effect of 
different heating rates, differential scanning calorimetry (DSC) measurements were 
performed using a Netzsch STA 449C. The experiments were conducted in helium 
with heating rates of 20 and 30°C/min, and using 150 mg samples.

Results

Microstructure of as-received steel sheets 
The as-received microstructures of the steels investigated are depicted in Fig. 1. The 
solution-treated steel without cold rolling reduction demonstrated a pure austenitic 
structure of equiaxed grains with an average grain size of ~33 m (Fig. 1a). The 
grains in the cold rolled samples are stretched along the rolling direction and the 
amount of ’-martensite increases with cold rolling reduction, see Fig. 1 b-d. The 
’-martensite content as determined by x-ray diffraction is plotted in Fig. 2 and 
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23%, 42% and 61% cold rolling reduction produces 7%, 23%, and 37% ’-
martensite, respectively. 

Fig. 1: Optical micrographs of the initial microstructures for samples a) A in 
solution-treated condition b) B with 23% cold rolling reduction c) C with 42% cold 
rolling reduction d) D with 61% cold rolling reduction. 

Microstructure after 1h isothermal heat treatments 
The ’-martensite volume fraction after isothermal heat treatments for 1h at 
temperatures from 500 to 900°C is plotted in Fig. 2. For samples C and D the ’-
martensite content is drastically decreasing for temperatures above 600°C. The ’-
martensite content rises again at 750°C and decreases gradually at higher annealing 
temperatures. The ’-martensite phase fraction in sample B shows a small decay. 
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Fig. 2: ’-martensite content versus annealing temperature for 1 hour heat 
treatments 

The x-ray diffraction patterns revealed a significant change of texture during 
annealing. The heavy cold rolling in the D samples produced a significant texture, 
where for instance the {200}  shows almost no diffraction intensity, i.e. almost no 
{200}  planes are oriented parallel to the sample surface. Despite a considerable 
increase of austenite at 650°C, the texture remains strong and there is still almost no 
diffraction intensity from {200}  planes. This is however changed at annealing 
temperatures above 700°C, where the strong original texture is replaced by a less 
pronounced texture, which suggests that recrystallization has occurred.  

The steels heat treated at 650°C for 1h had a high volume fraction of austenite 
(about 95%), but the microstructure is quite different from the original 
microstructure of the solution-treated steel. The elongated grain shape generated by 
the heavy cold rolling is still visible even though there has been a phase 
transformation from austenite to ’-martensite and back again. In addition, a highly 
faulted microstructure is evident from the optical micrograph in Fig. 3a. This defect 
structure was also investigated more closely by transmission electron microscopy and 
in Fig. 4 the defect structure of the austenite is depicted. This TEM micrograph 
displays an austenitic structure (validated by SAD), which has inherited the previous 
martensite lath structure with a high amount of defects. The broad diffraction peaks 
in the SAD-pattern are indicative of many dislocations and low-angle boundaries. 
All the samples (B-D) show a similar microstructure, and the amount of defects is 
lower for the samples with lower initial cold rolling reduction. 

D samples heat treated for 1h above 700°C showed a microstructure consisting of 
mainly austenite grains with a rather small grain size and a low density of defects. In 
addition, particle precipitation both at austenite grain boundaries and within 
austenite grains was observed (Fig. 5). The numbers of particles were found to 
depend on annealing temperature, annealing time and initial cold deformation. The 
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particle precipitation for D samples heat treated for 1h at 800°C is depicted in Fig. 
6a, and fewer particles were observed for D samples heat treated for 1h at 900°C 
(Fig. 6b). The particle precipitation in B samples heat treated for 1h at 800°C is 
small (Fig. 6c) and it is concentrated more at grain boundaries than for D samples. 
In addition, B samples heat treated at 800°C had areas with both elongated grain 
shape and relatively high amount of defects in the austenite, and areas with 
recrystallized austenite. 

Fig. 3: Micrographs of D samples heat 
treated at 650°C a) Optical micrograph 
for annealing time of 6 min b) Optical 
micrograph for annealing time of 1 h c) 
Optical micrograph for annealing time of 
5 h
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Fig. 4: TEM micrograph of D sample         Fig. 5: TEM micrograph of D sample 
heat heat treated isothermally for 1 h at 650°C  treated isothermally for 1h at 800°C 

Fig. 6: a) Optical micrograph showing 
carbide precipitation in D sample heat 
treated isothermally for 1h at 800°C b) 
Optical micrograph showing carbide 
precipitation in D sample heat treated 
isothermally for 1h at 900°C c) Optical 
micrograph showing small amount of 
carbide precipitation in B sample heat 
treated isothermally for 1h at 800°C 
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Time dependence of martensite reversion 
The evolution of phases and microstructure was evaluated by differential scanning 
calorimetry (DSC) and isothermal heat treatments of D samples at 650°C using 
different holding times. From x-ray diffraction measurements it was found that the 
amount of ’-martensite decreases drastically to about 8% after 6 min and then there 
is a small decay of the ’-martensite to about 3% after 90 h annealing, see Fig. 7. 
The microstructure for the short annealing times (6 min) (Fig. 3a) is similar to the 
microstructure for samples annealed for 1 h (Fig. 3b), but when the annealing time 
is increased to 5 h, newly formed, small, equiaxed austenite grains start to appear 
(Fig. 3c). The amount of new austenite grains and their size increased after 90 h 
anneals. 

The results from DSC measurements are depicted in Fig. 8 and there are two 
distinguishable reactions for both heating rates. The first (I) is an endothermic 
reaction, starting at ~470°C (30°C /min) and the second (II) is an exothermic 
reaction, starting just before 600°C for both heating rates. The lower heating rate 
(20°C/min) shifts the first peak slightly towards lower temperatures and it seems 
reasonable to assume that the much larger heating rate used in the isothermal heat 
treatments would cause an even larger shift. 
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Discussion

Heat treatment at temperatures up to 700°C 
The endothermic reaction starting at about 450°C in the DSC experiments (Fig. 8) 
is probably generated by the reverse martensitic transformation. This endothermic 
reaction seems to extend until an exothermic reaction starts at about 600°C. This 
exothermic reaction is most likely to be the recovery of the reverse austenitic 
structure, but could also correspond to the formation of carbides. We propose that 
the diffusion controlled reversion starts at the onset of the endothermic reaction, i.e. 
450°C. The shear reversion is activated at higher temperatures and Af´ is ~600°C, as 
estimated from the DSC curves. However, in the present study the two mechanisms 
for martensite reversion are superimposed and it is therefore not possible to establish 
As´. The assumed Af´ temperature is further supported by the isothermal heat 
treatments at 650°C and 700°C which do not show any further decrease of ’-
martensite. In addition, samples heat treated at 650°C show the same amount of ’-
martensite after 6 min annealing as for 1h annealing. However, when the annealing 
time is increased further at 650°C a slow decrease of the ’-martensite volume 
fraction was observed (Fig. 5). This indicates that there is a combination of the two 
mechanisms acting at these temperatures and for long annealing times there is a slow 
diffusion reversion of the remaining ’-martensite. This is consistent with previous 
investigations were the diffusion mechanism has been reported to occur over a 
broad temperature range [7], but the shear reversion acts in a much narrower 
temperature range, reported as 50°C [6]. The temperature regimes for these two 
mechanisms are however dependant on the chemical composition of the steel, and 
also on the experimental procedure, method for As determination, and heating rate. 
For instance Guy et al. reported in situ TEM observations during annealing and 
they found the diffusion reversion to start at 540°C (As) for an 18/8 steel [17]. On 
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the other hand, Tavares et al. found the diffusion reversion to start at 435°C (As) by 
magnetization saturation measurements in AISI 304 steel [18]. 

The diffusionless shear reversion is believed to be dominant when the heat 
treatments occur close to or above Af´. The microstructures of samples heat treated 
at 650°C are therefore dominated by the shear reversion. These samples 
demonstrated a high amount of austenite, which had inherited the martensite lath 
morphology with lots of defects. The previous grain boundaries from the cold-
rolled austenitic structure are still visible, but dense deformation structures are now 
protruding in the structure. This is consistent with previous investigations where the 
microstructure of the shear reversed austenite is reported to have original grain 
boundaries still visibile and a high density of defects [5]. When looking at the 
microstructure at higher magnification by TEM it is seen that the defects are located 
at both the prior lath boundaries of the ’-martensite and within the austenite sub-
domains. The shear reversed austenite is believed to nucleate within martensite laths 
[17]. The austenite will then grow until it reaches the lath boundary, which consists 
of defects and is thus an effective barrier for austenite growth. This results in an 
austenitic microstructure with subdomains of austenite, corresponding to the 
previous martensite laths with boundaries decorated with defects, which is 
consistent with our observations. The diffusion reversion can also inherit the 
martensite lath structure, but the reversion mechanism in this case occurs by the 
propagation of a retained austenite boundary. Moreover, since this is a nucleation 
and growth process it will generate austenite with considerably less defects. The 
austenitic structure for samples heat treated at 650°C might have formed by both 
mechanisms, but the highly faulted austenite is dominant and the main part of the 
reversed austenite must therefore have formed via shear reversion. This austenitic 
structure has many low-angle boundaries and the orientation of the shear reversed 
austenite is similar to the orientation of the austenite in the solution-treated 
microstructure. This is due to the orientation relationship between austenite and 
martensite upon shear transformation, both from austenite to ’-martensite and the 
reverse transformation. The many dislocations and twins at the interfaces of laths 
will however, create broadening of the SAD-patterns both due to dislocation 
broadening and due to small orientation differences between the austenite laths. 
There can also be high-angle boundaries within the previous austenite grains since 
blocks (aggregate of laths with the same crystallographic variant) and packets 
(aggregate of blocks with the same habit plane) might be separated by high-angle 
boundaries [1]. When the shear reversed austenite is heat treated at 650°C for long 
times the austenite will recover and eventually new recrystallized austenite grains 
will form, which was seen in D samples heat treated for 5h and 90h. 

Heat treatments at temperatures above 700°C 
The samples heat treated above 700°C have similar transformation behaviour as the 
samples heat treated at slightly lower temperatures. However, the recovery and 
recrystallisation is considerably faster at these temperatures and D samples heat 
treated isothermally for 1h between 750°C and 900°C show a recrystallized 
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structure with rather small equiaxed austenite grains with low defect density, but 
also ’-martensite rich areas. This structure is most likely caused by a shear reversion 
initially and then new austenite grains are nucleated at the numerous defects formed 
within the shear reversed austenite. The defects are however also good nucleation 
sites for precipitates of carbides and nitrides, and precipitates were observed by OM 
(Fig. 6) and TEM (Fig. 5) for samples heat treated at 750 to 900°C. It is reported in 
the literature that carbides will form at extended times from a temperature of about 
400°C and they form rapidly at temperatures between 700°C and 850°C. At high 
temperatures (~900°C) there is also dissolution of carbides and hence the carbide 
precipitation decreases [19, 20]. 

In the present study carbide precipitation was observed for heat treatment above 
750°C and it was most pronounced at ~800°C. Earlier reports have shown that 
these precipitates are most often iron-chromium-molybdenum carbides of the type 
M23C6 or M7C3. This formation of carbides will thus change the local chemical 
composition of the steel. 

In addition to the formation of carbides, samples heat treated above 750°C 
demonstrated an increase of ’-martensite fraction compared to the samples heat 
treated between 600 and 700°C. This is most likely connected to the formation of 
carbides and the local changes of chemical composition which will alter the Ms-
temperature. Hypothetically, if one assumes that all C and N in the steel is depleted 
into nitro-carbides the calculated Ms-temperature using equation 1 is 37°C, i.e. parts 
of the austenite would transform to ’-martensite again during quenching. 
However, no re-transformation was observed for the B sample and the reason is 
believed to be the relatively low initial cold rolling reduction of this sample. This 
sample has a much lower defect density and it is also possible that the interfaces 
between phases are more coherent, as suggested in Hedström et al. [15]. The lower 
amount of defects means less nucleation sites for the carbides and also much lower 
diffusion rates, since diffusion along dislocations is considerably faster than volume 
diffusion [21]. In addition, it is considerably slower to create precipitates at coherent 
phase boundaries than incoherent boundaries [19]. Hence, it is possible that the C 
and N depletion is very small in sample B and therefore no detectable re-
transformation to ’-martensite occurs upon quenching. The assumed low degree of 
precipitation was confirmed by optical microscopy in Fig. 6c. Some precipitation 
was seen, but it was considerably less than for samples suffering higher initial cold 
rolling reduction and it was mostly concentrated at the grain boundaries. This 
confirms the importance of the dislocation structure for precipitation. 

The effect of cold rolling 
The amount of cold work has been mentioned as important for the diffusion 
reversion from ’-martensite to austenite [7]. High cold rolling reductions will 
change the original lath martensite structure to a dislocation cell type martensite and 
this structure has much higher defect density. Hence, the dislocation cell type 
martensite will generate more nucleation sites for austenite and is favourable when a 
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small austenitic grain size is desired. In the present study, high cold rolling 
reductions were observed to enhance the precipitation and recrystallization processes 
since both are diffusion controlled. 

As mentioned earlier the ’-martensite reversion was mostly dominated by the shear 
reversion in the heat treatments conducted in the present study. No evidence that 
cold work would affect this shear reversion was found. There was always retained 
’-martensite after heat treatment and no difference in the amount of retained ’-

martensite was discernible for different initial cold rolling reductions. The retained 
’-martensite could only be reduced by extended heat treatments via diffusion 

reversion. This is consistent with previous works where it has been found that the 
shear reversion only reverse 90 – 98% of the martensite and a complete reversion 
can only be achieved by diffusion reversion for long holding times [6, 17, 22]. The 
reason for the remaining martensite has yet to be understood, but the present study 
suggests that it is unaffected by the initial amount of cold work.  

Conclusions
The transformation from ’-martensite to austenite during heat treatment starts at 
~450°C by a diffusion reversion. The shear reversion becomes active at higher 
temperatures and Af´ was determined to be ~600°C. However, there is still retained 
’-martensite after heat treatment at Af´ and this can only be reduced via a diffusion 

reversion for extended annealing times. The microstructure of shear reversed 
austenite inherits the martensite lath morphology and is highly faulted. Carbide 
precipitation was pronounced at temperatures between 750°C and 900°C. This 
leads to a local change of the chemical composition and thus the Ms-temperature of 
the austenite is increased. Therefore some austenite was observed to retransform to 
’-martensite upon quenching after heat treatments. 
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Abstract
The elastic strain tensor evolution for 15 individual austenite and ferrite grains 
deeply embedded in the bulk of a duplex stainless steel has been investigated by in 
situ high-energy x-ray diffraction during tensile loading up to 0.02 applied strain. 
The residual stress state found after heat treatment, with compressive residual stresses 
in ferrite grains and tensile residual stresses in austenite grains, is consistent with 
previous work on average phase behavior. However, there is a large difference in 
the residual elastic strain (stress) level between grains, and this difference grows upon 
deformation to a point where the lattice strains of grains with similar orientation 
deviate by a factor of two. These measurements are in accord with previous studies 
of lattice strain evolution for average crystals in similar duplex stainless steel but also 
points out the complex nature of the stress state in a polycrystalline material. We 
observe that some austenite grains strain-harden while others strain-soften. The 
ferrite grains all show a nearly ideal plastic behavior within the load range studied 
but with different yield strain. In addition, finite element modeling is used to 
simulate the lattice strain response taking in to account the individual grain 
orientation determined from the x-ray study and material properties collected from 
the literature. The simulated lattice strains show variation between the grains but to 
a lesser extent than what was experimentally observed. 

Keywords: Strain, Single grains, X-ray diffraction, 3DXRD, Synchrotron radiation, 
Duplex stainless steel, Finite-element simulations 

Introduction
The duplex stainless steels yield at higher stresses and are less sensitive to stress 
corrosion cracking compared to pure austenitic grades. This together with their 
high general corrosion resistance and good mechanical properties makes them 
suitable for applications in corrosive atmospheres as load bearing structures, e.g. in 
the off-shore industry. The attractive, but anisotropic mechanical properties of 
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duplex stainless steels are a consequence of their intricate microstructure with small 
grain sizes, residual macro- and microstresses partitioning between austenite and 
ferrite phases, elastic constraint between the two phases, morphological and 
crystallographic texture in both ferrite and austenite [1-4]. 

The residual stresses after heat treatment in duplex alloys were investigated by Harjo 
et al., who manufactured alloys with varying ferrite content. They found 
compressive residual stresses in the ferrite and tensile residual stresses in the austenite 
[5]. These stresses are due to a lower coefficient of thermal expansion of the 
austenite compared to the ferrite and their results were found to agree well with 
Eshelby theory [6]. A similar residual stress state has also been determined by 
Johansson et al. [3]. In addition to the residual stresses after heat treatment, the 
evolution of macro- and microstresses within the two phases during loading is of 
interest, since this load partitioning contributes greatly to the deformation behavior 
of duplex stainless steels. Harjo et al. investigated the evolution of residual stresses by 
in situ neutron diffraction during tensile loading. They found ferrite to be the 
stronger phase, i.e. plastic deformation occurred in austenite preferentially [7]. 
Moverare et al. did nanoindentation measurements of both austenite and ferrite and 
found austenite to be slightly harder than the ferrite. Despite this, most plastic 
deformation occurred in the austenite phase due to the initial tensile residual stresses 
in the austenite phase [3]. There are also other studies where ferrite has been 
observed to suffer the most plastic deformation [8]. Some of these differences in 
hardness and strength, in the different studies, can be attributed to the different 
duplex grades, with slightly different chemical compositions, where particularly 
nitrogen is important to the slip behavior of the austenite phase. 

Despite the numerous studies of load partitioning between austenite and ferrite 
phases in duplex stainless steels, there are no studies of the local stress partitioning 
between grains or phase domains. The dislocation structure has been investigated by 
transmission electron microscopy, but these studies are restricted to thin foils and 
may not represent the interior structure [3]. Hence, there is a need for stress 
partitioning studies of meso-scale structures deeply embedded in the bulk of the 
duplex stainless steels. These types of investigations have quite recently been enabled 
by the development of the three-dimensional x-ray diffraction (3DXRD) technique 
[9, 10]. 

Besides the technical relevance of further insight into the load partitioning in duplex 
stainless steels, there is also an outstanding fundamental question concerning the 
elasto-plastic modeling of polycrystalline metals, in particular multi-phase metals 
[11]. The classical models predict similar behavior for individual grains with similar 
orientation in crystalline aggregates [12, 13]. This description has been proven 
inadequate to predict every feature of texture evolution in polycrystalline aluminum 
[14, 15]. The analytical models are contrasted by the more recent finite element 
polycrystalline plasticity models, where the behavior of individual grains depends on 
both the grain orientation and the local surrounding [16]. The finite element 
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models are however not validated and optimized, due to scarce data from 
deformation behavior of individual grains situated in the bulk of crystalline 
aggregates. The elastic strain tensor evolution of one individual grain embedded in 
copper specimen during tensile loading was investigated by Marguiles et al. [17]. A 
similar procedure was used by Martins et al. who probed the strain tensor evolution 
of 10 grains in an aluminum specimen during tensile loading [18]. Lienert et al. used 
a different approach to investigate solely the elastic strain along the tensile direction 
of 20 bulk grains in a copper specimen [19]. They compared the elastic strain 
response to finite element simulations and found fair agreement. To date, there is 
however no experimental data from the elastic strain response of individual grains 
deeply embedded in a two-phase structure, such as the duplex stainless steel. 

In the present work, we report on three-dimensional x-ray diffraction (3DXRD) 
elastic strain (stress) measurements of individual grains in a two-phase duplex 
stainless steel during tensile loading. 8 austenite (FCC) grains and 7 ferrite (BCC) 
grains embedded in the bulk of the steel are measured and compared to finite 
element simulations.  

Experimental procedure and modeling 

Material
1.5 mm thick sheet of duplex stainless steel SAF 2304 was supplied by Outokumpu 
Stainless, Avesta works [8]. The as-received steel was heat treated at 1050°C for 
prolonged time to increase the grain size and facilitate 3DXRD measurements. The 
steel was subsequently quenched in water to avoid precipitation of unwanted phases. 
The grain sizes in the heat treated steels were estimated from electron back-scattered 
diffraction (EBSD) to be 20 m along the rolling direction, 10 m along the 
transverse direction, and assumed thin (~5 m) along the normal direction, for both 
austenite and ferrite phases. The chemical composition of the steel is compiled in 
table 1, and the phase fractions of austenite ( ) and ferrite ( ) phases were calculated, 
with the direct comparison method, to Vf , ~ 0.5, using diffraction data collected 
with a large x-ray beam. The preferred crystallographic orientation in the steel was 
weak after heat treatment and the texture is therefore assumed negligible during 
modeling. One tensile specimen was produced by pulsed Nd-YAG laser cutting 
(Figure 1a). This assured low heat input, and thus no precipitation of unwanted 
phases in the probe volume. The specimen was then carefully polished 
mechanically, to the final thickness of 0.46 mm using 0.06 m colloidal silica in the 
final polishing step. The thinning of the specimen, i.e. fewer grains contribute with 
diffraction spots, and the precaution to avoid cold deformation during polishing of 
the specimen, was made to avoid spot overlap during 3DXRD measurements. 
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Table 1: Chemical composition in wt% 
Fe Cr Ni Mn Si Mo Cu C N 

Bal. 22.8 4.9 1.5 0.37 0.31 0.26 0.022 0.098 

2 (RD)
1 (TD)

3 (ND)

Scattered beam

Beam stop

CCD
(Bruker 6500)

Applied load

Direct beam

Image Plate
(MAR345)

Figure 1: a) High-energy x-ray diffraction setup at the 1-ID beamline at the 
Advanced Photon Source (APS) used for the 3DXRD measurements. b) Small 
tensile specimen cut by pulsed Nd-Yag laser cutting and used for 3DXRD 
measurement during tensile loading.  

Diffraction measurements 
In situ x-ray diffraction measurements were conducted at the 1-ID beamline at the 
Advanced Photon Source (APS), Argonne, IL. The experiments were performed in 
transmission mode at x-ray energy 80.72 keV (0.1535Å). The experimental setup 
(Figure 1b) demonstrates the placement of two area detectors at a distance of 552 
mm and 1240 mm behind the sample, respectively. The first detector, placed closest 
to the sample, was a Bruker 6500 (2D-CCD), and the rapid data acquisition of this 
detector was convenient for alignment of the setup and collecting diffraction data to 
determine grain orientations. The second detector was a MAR345 (image plate) 
used for acquisition of diffraction data with high angular resolution for strain 
determination.  

A strain gage and CeO2 reference powder were attached to the tensile specimen to 
monitor the applied strain and the potential changes of experimental geometry (such 
as sample to detector distance), respectively. The specimen was placed in a tensile 
load rig and held in place by hardened steel rods (3 mm in diameter). The specimen 
was preloaded to a strain of 10-4 to assure that the sample was reasonably stable 
during alignment of the setup. The first set of diffraction patterns were recorded 
with the Bruker 6500 using a beam size of 30 x 30 m2 while rotating the sample 
over ± 60° in  with =1° intervals. Prior to grain orientation determination by 
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Graindex analysis [10], these diffraction patterns were spatially corrected. Then, 
Graindex analysis was conducted to find the crystallographic orientation of 
individual grains [10]. The output from Graindex analysis was a total of 20 grains 
with high completeness and a good fit between experimental and calculated spots. 
From these 20 grains, one austenite grain was selected to be the reference grain. 
Prior to recording diffraction patterns for strain determination with the MAR345 
the reference grain was always centered, i.e positioned at the intersection of the -
axis and the x-ray beam. The accuracy of the used centering procedure is estimated 
to be ~ 5 m. Hence, this centering procedure together with the use of a larger 
beam size of 100 x 100 m2 during diffraction data acquisition with the MAR345 
assures that the investigated grains were always fully illuminated by the x-ray beam. 
An initial data collection at the 10-4 pre-load strain was made with the MAR345 
while rotating the sample over ± 60° in  with =1° intervals. Then, tensile 
loading was initiated and a similar data collection procedure was conducted at 8 load 
levels (0.0001, 0.001, 0.0025, 0.0054, 0.0101, 0.0152, 0.0214 and 0.03 strain). The 
spot overlap at 0.03 strain was however judged too large, and only 7 load levels 
were further evaluated. 

Data analysis 
The setup parameters, for input to Graindex and to the strain analysis, were 
evaluated from CeO2 diffraction patterns at each load level using the following 
method. First, approximate beam center in 1- and 2-directions, detector tilt and 
sample distance parameters were found using one of the CeO2 images and the 
software Fit2d. These nominal values were then input to a Matlab transformation 
routine, where the transformation from polar to Cartesian coordinates was 
performed. Then, pseudo-Voigt functions were fit to five CeO2 peaks {111}, 
{220}, {311}, {331}, {420} and the radial peak positions versus azimuthal angle 
were obtained. While the detector tilts were kept constant, the beam center 
positions and the sample to detector distance were refined from the azimuthal 
dependence of the radial peak positions. CeO2 images collected at all load levels 
were analyzed using the same procedure and the xy beam position was found stable. 
The sample to detector distance on the other hand varied slightly between load 
levels and this was accounted for. Once all the calibration parameters were found 
for all load levels the data was validated by examining the CeO2 data. All radial data, 
with exception of {111}, have relative radial positional errors less than 1x10-4.

As mentioned, all diffraction data from the Bruker 6500 were spatially corrected 
prior to further analysis. In contrast, the MAR345 has virtually no spatial distortion 
and this data could be treated directly. The diffraction spots associated with a 
particular grain and the orientation of these grains were evaluated by Graindex 
analysis. The Graindex analysis was performed separately for the austenite and ferrite 
phases. The output was the crystallographic orientation and associated diffraction 
spots for the 20 indexed grains. For a detailed description of Graindex analysis see 
Lauridsen et al. [10]. 
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The strain tensors of the 20 grains were evaluated at each load level. First, Fit2D 
was used to integrate over the whole diffraction spot of interest and create one-
dimensional line-outs with diffracted intensity versus radial position. A Matlab 
routine was then used to fit pseudo-Voigt functions to the obtained one-
dimensional diffraction patterns. The measured radial positions (diffraction angles 2
are related to the strain tensor and the sample orientation by the expression [20] : 

=+++++
θ
θεεεεεε

sin
sin

ln 0
333323231313222212121111 ffffff

   (1) 

where fij are the individual strain coefficients determined by the sample orientation 
and azimuthal detector angle.. The stress free d0 for austenite was determined from 
an austenitic powder prepared by selective dissolution of the ferritic matrix, and the 
stress free d0 for ferrite was calculated from stress equilibrium conditions by 
assuming that the macroscopic stress normal to the surface is zero for surface x-ray 
measurements with CuK -radiation [3]. The unstressed spacings d0 were 3.59694 ± 
0.00020 Å and 2.87355 ± 0.00018 Å for austenite and ferrite phases respectively. 

The number of diffraction spots well separated from other spots varied from 10 to 
22 per grain, and these spots were used for strain determination. Each spot gives a 
linear equation in the projected strain tensor and geometric coefficients. Hence, the 
six strain components ( ij) could be calculated through the use of the singular value 
decomposition method for over-determined equation systems [21]. When 9 or 
more diffraction spots are measured it is also possible to determine the spatial origin 
of the grains. Therefore, the strain tensor and grain position was fitted iteratively 
according to the procedure in Martins et al. [18]. This refinement did however not 
improve the strain analysis further, since the resolution of the measurement is of the 
same order as the radial offset created by the small grain offset from the rotation 
centre. Instead, the strain tensor was solely fitted and the strain tensors for 15 out of 
the probed 20 grains had acceptable statistical errors. The other 5 grains had too few 
reflections and the statistical accuracy for those grains was judged to be insufficient. 
The strain component along the tensile direction showed the largest response to the 
applied load, as demonstrated in Figure 2, and this strain component is therefore 
used in the discussion of the results. 
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Figure 2: Elastic strain tensor evolution for austenite grain 4 

Finite element modeling 
The constitutive model for the finite element simulation is described in detail in 
[16, 22-23]. Only a brief description is presented here. To evaluate the influence of 
grain orientation and local environment on the lattice strain evolution in the tested 
alloy, the 15 individual grains were assumed to be in the vicinity of each other and 
their respective crystallographic orientations, determined experimentally, were 
assigned to each grain. The surrounding grains were assigned a random orientation 
in accordance with the experimental observations. The FEM-mesh is depicted in 
Figure 3, and each grain is represented by dodecahedron with uniform surface shape 
and size. The dodecahedron is composed of 48 10-noded tetrahedral elements, 
where the same orientation and phase are assigned to represent a grain. In the mesh, 
there are a total of 2360 grains. The number of full grains, which are represented by 
48 elements, is 1098, and the number of the partial grains is 1262. The modeling 
parameters for the duplex stainless steel were determined by fitting the macroscopic 
stress-strain curves for the pure phases (austenite and ferrite). The data from 
Moverare et al. was used for this purpose, since they recorded data from the same 
duplex grade in as-received condition [3]. The slip system strength was determined 
to be 230 MPa and 275 MPa for ferrite and austenite respectively by a Voce model. 
The model further assumes ideal plastic behavior of the slip inside each grain and 
the macroscopic hardening occurs due to the geometrical compatibility across grain 
boundaries. Anisotropic elastic moduli with cubic symmetry from [3] were used to 
relate stress and elastic lattice strain. The calculated lattice strains up to 0.01 applied 
strain could then be compared to the three-dimensional x-ray diffraction data. 
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Figure 3: Finite element mesh and the modeled 15 grains embedded within the 
polycrystalline two-phase duplex stainless steel. Blue grains are austenite and red 
ferrite.

Results
The macroscopic yield strength was about 350 MPa, which is considerably less than 
what Moverare reported for the same duplex stainless steel in as-received condition 
[3]. This is due to the heat treatment performed, which resulted in the intended 
enlarged grain size. The steel strain hardens after yielding and when the tensile 
loading is interrupted at 0.021 strain the stress has increased 100 MPa to 450 MPa. 
During this loading sequence, the elastic strain response of the 15 individual grains 
was followed. The initial crystallographic orientation of the grains is depicted in the 
inverse pole figure (Figure 4). Figure 4a shows the orientations of the 8 austenite 
grains and Figure 4b shows the orientations of the 7 ferrite grains. 

1

2

3 4

5

7

8

10

a)

110100

111

23

60

113
6

22

103

47

b)

110

111

100

Figure 4: a) Inverse pole figure of the 8 austenite grains b) inverse pole figure of the 
7 ferrite grains.

To enhance the readability of the elastic strain evolution, the results from grains 
with similar initial orientation are grouped together. The measured elastic lattice 
strain tensor component along the tensile direction showed the largest response to 
the applied load and it is therefore plotted in Figure 5 (austenite grains) and in 
Figure 6 (ferrite grains). Austenite grains 1 and 3; 4 and 10; 2 and 8 are according to 
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the traditional models predicted to have similar response to the applied load. Grains 
5 and 7 have orientations alike the other grains and they were therefore grouped 
together. Ferrite grains 6 and 113; 47, 22 and 60 are supposed to have similar 
behavior according to the traditional models and grains 23 and 103 were grouped 
together, since no other grains had similar orientations. The Young’s moduli (E) 
along the tensile direction for the 15 individual are given below Figures 5 and 6. E 
was calculated by a coordination transformation operation using the austenite grain 
orientations and the compliance matrix for single crystal austenite from Johansson et 
al. [3]. 

Among the austenite grains, one pair was seen to have common behavior. Grains 4 
and 10 have almost identical residual lattice strains after solution treatment and their 
lattice strain evolution during tensile loading is also close to identical. It should be 
emphasized that this pair are in fact two different grains, verified by their slightly 
different orientations and thus their different diffraction spots. Conversely, the two 
other groups of austenite grains with a similar orientation show quite different load 
response. Grains 3 and 1 both have tensile residual lattice strains with a relatively 
small difference. This difference increases slightly during straining. Grain 2 and 8 
exhibit totally different residual stresses and in fact grain 8 seems to be under 
compressive residual lattice strains, though the error bars are quite large. Their 
response to the applied load resembles each other, but due to the difference in 
residual lattice strain they will also experience different lattice strain at maximum 
load.

All ferrite grains experience compressive residual lattice strains between about -
0.0005 and -0.00015. In the case of grains 6 and 113 they have identical residual 
strains, but at 0.021 applied strain the difference in elastic strain is about 0.0007. The 
strain path is however quite similar with almost ideal plastic behavior after yielding. 
Grains 22, 47 and 60 have very different lattice strain evolutions. They all have 
compressive residual lattice strains, but grain 47 demonstrates almost no response to 
the applied load, with only a slight increase of lattice strain from -0.0005 to 0.0003. 
The other two grains have much more significant response to the applied load and 
in fact their curves are almost identical when the initial residual strain is disregarded.  

The simulated lattice strains for the 8 austenite grains are depicted in Figure 7a and 
b. The austenite grains with a similar initial orientation demonstrate rather equal 
lattice strain response. Austenite grains 1 and 3 have almost identical lattice strain 
evolution and grains 2 and 8 show similar responses. Austenite grain 10 does 
however show a notable smaller lattice strain than grain 4 though they have similar 
initial orientations. Austenite grain 7 show a similar load behavior to grains 1 and 3 
and the initial orientation of grain 7 is rather close to the orientations of grains 1 and 
3. The lattice strain response of austenite grain 5 is however significantly higher 
than for the other measured austenite grains, and the orientation of grain 5 is 
markedly different from the other austenite grains. Similar behavior with relatively 
small grain interaction effects for the different grains is also seen in the ferrite. The 
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lattice strain evolutions of the seven ferrite grains is depicted in Figure 7c and d. 
Ferrite grains 22, 47 and 60 show almost identical lattice strain evolutions and this is 
also true for the ferrite grains 6 and 113, which have similar initial orientations. 
Ferrite grains 23 and 103 have a considerably different initial orientation compared 
to the five other ferrite grains and thus comparisons are difficult. The lattice strain 
response of ferrite grain 103 is however significantly lower compared to the other 
ferrite grains.
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Figure 5: Lattice strain evolution for 8 individual austenite grains embedded in the 
bulk of stainless steel 301. Grains are grouped according to initial orientation. a) 
E1=119.2537 GPa and E3=113.7708 GPa b) E4=178.6769 GPa and E10=162.8783 
GPa c) E2=200.6705 GPa and E7=134.9808 GPa d) E5=273.3289 GPa and 
E8=202.6075 GPa. 
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Figure 6: Lattice strain evolution for 7 individual ferrite grains embedded in the 
bulk of stainless steel 301. Grains are grouped according to initial orientation. a) 
E6=225.1140 GPa and E113=224.8576 GPa b) E47=204.3755 GPa, 
E22=220.4075 GPa and E60=226.4182 GPa c) E23=158.7123 GPa and 
E103=220.4708 GPa. 
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Figure 7: Calculated lattice strain evolution along tensile direction from the finite 
element model, austenite (a) and (b) ferrite (c) and (d)  

Discussion
The subject matter of stress and strain partitioning has received considerable 
attention recently, since it markedly affects the mechanical behavior in terms of 
yielding and hardening in two-phase polycrystalline aggregates [24-25]. The 
limitations of the investigations so far are that, either the average stress and strain 
within and between crystals of similar crystallographic orientation are measured [26-
28], or the data come from surface near methods [29]. In contrast to these studies, 
we here report on the elastic strain evolution in 15 individual bulk grains in a 
duplex stainless steel during tensile loading. This set of data represents the first bulk 
elastic strain partitioning measurements of single grains in a two-phase 
polycrystalline aggregate, and shows that the grain interaction is considerable and 
increase with increasing applied load.  
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The residual lattice strains (stresses) found in the austenite grains were tensile for all 
but one grain (grain 8). In contrary, all ferrite grains experienced a compressive 
residual lattice strain. It should be noted that the first measurements were conducted 
at 10-4 applied strain, but this is small compared to the measured strains. The residual 
stress state with compressive stresses in the ferrite and tensile residual stresses in the 
austenite is consistent with previous investigations on the average stress level in 
similar type of alloys. The austenite has a larger thermal expansion coefficient than 
the ferrite and thus the observed residual stress state is expected after heat treatment 
at 1050°C and quenching in water. The average residual stress, along the tensile 
direction, found in the 8 austenite grains is 90 MPa, and this can be compared to 
the results found in Johansson et al. [3], who measured the microstresses 
(comparable to phase stresses in the present work) in the austenite phase to be 63 
MPa. The similar magnitude of the phase stresses in Johansson et al. and the present 
work is somewhat expected since it is the same steel, i.e. same chemical 
composition. It should however be noted that the as-received duplex stainless steel 
tested in Johansson et al. was additionally heat treated prior to the present study. 
This resulted in larger grain size and changed grain morphology, but also altered 
phase domain morphology. It can be speculated that the specific phase structure in 
the as-received material with small grains of austenite or ferrite located within 
domains of single-phase (austenite or ferrite) would create less residual stresses 
partitioning between austenite and ferrite than in the heat treated specimen where 
the grain size is enlarged and the typical structure with phase domains have been 
changed. There are three possible reasons behind this behavior. First, the grains 
within a phase domain have grown and thus all ferrite and austenite grains are now 
likely to be in contact with some grains from the other phase. The grain boundary 
contact with grains of a different phase, i.e. different elastic and plastic properties, 
may add to the incompatibility between grains and thus increase the elastic 
interaction stresses [30-31]. In addition, both grain size and grain morphology have 
been recognized as two factors contributing to the elastic interaction stresses [32-
33]. In particular, the interaction stresses were found to increase with grain size and 
pass through a maximum before decreasing. Hence, the slightly higher phase stresses 
in this work compared to Johansson et al. may be a consequence of the larger grain 
sizes here. 

Although the average residual stresses in the measured individual grains are roughly 
equal to the residual stresses determined in average measurements in duplex stainless 
steel [3, 5] there are large differences between individual grains. Clearly, grains with 
different orientation have different stresses, but also large differences between grains 
of a similar crystallographic orientation were found. The austenite grains 1 and 3 
have similar crystallographic orientation and thus their elastic and plastic properties 
should be similar, but the residual stress level of austenite 1 is almost twice as high as 
for austenite grain 3. The residual stresses will evolve during tensile loading of the 
specimen, and simplified it can be stated that the stress partitioning between grains 
will either evolve and become larger than the residual stress state or stay the same. 
This is believed to be a consequence of the local neighborhood and grains with a 
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highly incompatible local environment will experience large residual stresses, and 
these stresses will often evolve to become larger upon loading of the specimen. 
Grains with compatible properties with the surrounding grains, i.e. both in terms of 
elastic and plastic behavior, will not exhibit large residual stresses and neither will 
the interaction stresses evolve to become larger upon loading. Our observations are 
in part supported and partly contrasted by the work in Jia et al., who used neutron 
diffraction and self-consistent modeling to investigate the phase stresses and grain-
orientation dependent stresses in a duplex stainless steel during compression loading. 
They found phase stresses to arise due to the different thermal expansion and these 
phase stresses further increased during elastic loading and decreased during plastic 
deformation. The grain-orientation dependent stresses became significant in both 
austenite and ferrite phases after plastic deformation [24].  

The behavior during loading can also be correlated with transmission electron 
microscopy observations that have shown that austenite exhibits a planar slip in the 
beginning of plastic deformation. The pile-up of dislocations at grain boundaries 
will impose intergranular stresses at this stage. Further, an activation threshold strain 
of 0.015 for cross slip and multiple slip has been reported for austenitic stainless steel 
316L [34]. When the multiple slip and cross slip are activated, dislocation 
annihilation and generation processes will compete. This causes the intergranular 
stresses to increase to a maximum at 0.015 applied strain and then decrease. Above 
the threshold, the dislocation structures generated from the multiple slip will create 
a heterogeneous defect structure with increasing intragranular stresses. Our results 
show that this type of behavior is true also on the individual grain level, but only for 
some grains. Here we observed softening behavior for 3 out of the 8 austenite grains 
above approximately 0.01 applied strain. The ferrite grains, on the other hand, 
experience an almost ideal plastic behavior in the measured plastic strain range. 
Ferrite is known to form dislocation cells and walls during plastic straining, which 
strain hardens the ferrite phase. However, the plastic deformation is believed too 
small in the present study to observe this behavior of the ferrite grains. Instead, they 
deform in an almost ideal plastic behavior without any significant strain hardening. 
The simulated lattice strains were conducted under well defined conditions to 
investigate the effect of local environment and thus the compatibility constraint 
between the grains. The input data to the model was collected from the literature 
for the same steel grade but without the additional heat treatment. As a consequence 
the yield strength for all the grains is higher in the simulation compared to the 
experimental data. However, the general qualitative trends observed from the 
simulations are comparable to the experimental observations. The lattice strain 
simulations show a much weaker dependency of the local neighborhood of grains 
with only small differences in behavior for the grains with similar initial 
crystallographic orientation. This is however not in accordance with the measured 
lattice strain evolutions. This discrepancy between observed and simulated strains 
points towards a situation where crystallographic orientation of the grains can not 
describe the interaction stresses completely and that residual stress and hardening of 
individual grains contributes substantially to the load partitioning between grains. 
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This must be further investigated to fully understand the constraint between 
neighboring grains and measurements could be conducted where the spatial 
positions and grain size and morphology is followed [35]. Then finite element 
simulations could be refined to include these effects and the residual stress state. 
The importance of the local stress state and interaction stresses has been pointed out 
by several publications in terms of phase transformation [36], stress corrosion 
cracking [37], and fatigue [38] and our observations show that these stresses are 
high. In order to accurately predict the material behavior the models should capture 
the observed high and inhomogeneous local strain states.  

Summary
The elastic strain evolution of 8 individual austenite and 7 individual ferrite grains 
situated in the vicinity of each other and embedded in a duplex stainless steel during 
tensile loading has been reported. From the results presented the following can be 
concluded.
- Residual compressive stresses are present in all 7 ferrite grains after solution-

treatment and quenching. This is balanced by the tensile residual stresses present 
in 7 out of the 8 austenite grains. The 8th austenite grain demonstrated a small 
compressive residual stress and it may be a consequence of the local 
environment of this grain. 

- Large intergranular stresses are present between grains with different 
crystallographic orientation. In addition, grain with almost identical 
crystallographic orientation experience large differences in elastic lattice strain. 
These differences are inferred to be a consequence of the different elasto-plastic 
properties of the surrounding grains, but also the grain sizes and grain 
morphology. 

- The finite element simulations show variation of lattice strains between the 
grains but to a lesser extent than what was experimentally observed 
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Abstract
The (hcp) -martensite formation and the elastic strain evolution of individual (fcc) 
austenite grains in metastable austenitic stainless steel AISI 301 has been investigated 
during in situ tensile loading up to 5% applied strain. The experiment was 
conducted using high-energy x-rays and the 3DXRD technique, enabling studies of 
individual grains embedded in the bulk of the steel. Out of the 47 probed austenite 
grains, one could be coupled with the formation of -martensite, using the reported 
orientation relationship between the two phases. The formation of -martensite 
occurred in the austenite grain with the highest Schmid factor for the active 
{111}<1 2 1> slip system. 

Keywords: Martensitic transformation, X-ray diffraction, Strain, Synchrotron 
radiation, Stainless steels, 3DXRD 

Introduction
Metastable austenitic stainless steels are susceptible to a deformation-induced 
martensitic transformation, which alters mechanical properties. They have a high 
ductility in the annealed condition, but they strain harden considerably during 
deformation, due to dislocation and martensite formation. The martensitic 
transformation in iron-based alloys, coupled with the slip behavior of single crystals, 
is well investigated [1, 2]. However, to understand the martensitic transformation in 
an aggregate of crystals, it is necessary to investigate the behavior of individual grains 
in the bulk of polycrystals. Such studies have recently been enabled by the new 
3DXRD technique [3, 4]. 

In the present work, 3DXRD was used to investigate the deformation behavior of 
metastable austenitic stainless steel AISI 301 during tensile loading to 5% applied 
strain. The strain evolution and the -martensite formation in individual austenite 
grains embedded in the bulk are reported. 
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Experimental
Metastable austenitic stainless steel AISI 301 supplied by Outokumpu Stainless was 
studied. 1-mm-thick sheets were cold rolled to a reduction of 2%, yielding a 
thickness of 0.98 mm. This generated a microstructure consisting of three phases; 
(fcc) austenite ( ), (bcc) ’-martensite ( ’), and (hcp) -martensite ( ). The as-
received phase fractions are about 94% , 5% ’ and 1% , where the average grain 
size of  is about 40 m [5]. The tensile sample was cut using a pulsed Nd-YAG 
laser which ensured unaffected macroscopic mechanical properties, and the heat 
affected zone was not probed by the x-rays. 

In situ high-energy x-ray diffraction measurements during tensile loading were 
performed at the 1-ID beamline at the Advanced Photon Source (APS). The x-ray 
energy was 80.72 keV ( =0.1535 Å) and the beam size was 180 m horizontally 
and 120 m vertically. The measurements were performed in transmission geometry 
to test bulk grains, rather than surface grains. A strain gauge and a CeO2 powder 
were attached to the sample for monitoring applied strain and instrumental 
calibration, respectively. The sample was mounted on a tension rig which had three 
translational (123) and one rotational ( ) degrees of freedom, see Fig. 1. 

2 (RD)
1 (TD)

3 (ND)

Scattered beam

Beam stop

CCD
(Bruker 6500)

Applied load

Direct beam

Image Plate
(MAR345)

Figure 1: High-energy x-ray diffraction setup for individual grain studies in 
transmission geometry. 

Two area detectors were used alternately to collect the diffraction patterns. A CCD-
detector (Bruker 6500) and on-line image plate (MAR345) were placed at distances 
of 552 mm and 1240 mm from the sample, respectively. The faster CCD-detector 
was used for alignment of the sample, and was mounted on a translation stage for 
movement in and out of the beam (1-direction). The MAR345 was used at all load 
levels to obtain data with high angular resolution for strain determination. 
First, diffraction patterns were recorded on the Bruker 6500 while rotating the 
sample over ± 60° in  with =1° intervals. The diffraction patterns were 
corrected for spatial distortion and analyzed with the multi-grain indexing software 
Graindex [6].  47  grains were indexed within the probe volume and one reference 
grain was selected, based on suitable diffraction spots for alignment. 

The reference grain was centered by recording diffraction intensity of selected spots, 
while stepping in directions 1, 2 and 3. A complete set of 120 diffraction patterns 
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were recorded with the MAR345 for ± 60° in  and the tensile loading was 
subsequently initiated. The loading was performed in steps and diffraction patterns 
were recorded at six different load levels (corresponding to 0, 0.2, 1, 2, 3 and 5% 
applied strain). The reference grain was centered at every load level, prior to data 
collection, to ensure that the same volume was probed. 

At about 1% applied strain, weak -phase diffraction spots were identified. The 
intensity of the spots increased during further loading, but remained relatively weak 
even at 5%. The  grains were indexed with Graindex, and the reported orientation 
relationship between  and  (1) was used to couple the two phases [7]: 

(111)  || (0001)  and [110]  || [1 2 10]      
 (1) 

From the MAR345 diffraction patterns the austenite diffraction spots of interest 
were integrated azimuthally and the radial peak locations were then determined by a 
least squares fit to a pseudo-Voigt function. The CeO2 diffraction rings were fitted 
with the same procedure and used to calibrate the experimental parameters. The 
radial positions of the CeO2 diffraction rings were accurate within 1x10-4 for all load 
levels. This provides an estimate of the experimental accuracy of the x-ray elastic 
strains. 

The measured radial positions (diffraction angles ) are related to sample orientation 
by the expression [8]: 

=+++++
θ
θεεεεεε

sin
sin

ln 0
333323231313222212121111 ffffff

   (2) 

Where fij are the individual strain coefficients determined by the sample orientation 
and azimuthal detector angle. The unstressed spacing d0 used in the  phase was 
3.5908 ± 0.0004 Å, determined from the average lattice spacing using a large x-ray 
beam and 60°  integration. Ten to seventeen diffraction spots per  grain were 
used for strain determination. Each spot gives a linear equation of the projected 
strain tensor and geometric coefficients. The six ij were then determined through 
the use of the singular value decomposition method. However, the relatively low 
number of reflections, the limited rotation range, and the uncertainty of spatial 
position of a grain generated some strain components with a large statistical error 
(>4x10-4) which were disregarded. 

Results and Discussion 
The orientations of the probed 47  grains are displayed in Fig. 2. At 0% strain the 
and  fractions were below the detection limit in the probed  grains. During 
straining,  formation was distinguished and successfully indexed by Graindex. One 
 grain could be coupled with an extant  grain (#13) using the orientation 

relationship in eq. (1). The misorientation from the reported orientation relationship 
was 1.5° rotation around [1 1 1] and 1.1° around [2 1 1]. Diffraction spots from 
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other  grains were also observed in the diffraction patterns, but none of these 
grains were within the volume of the probed  grains, i.e. in the centre of rotation. 
Hence, it is argued that only 1 out of the 47 probed  grains formed  above the 
detection limit. Of all  grains examined, grain #13 had the highest Schmid factor 
for the active {111}<1 2 1> slip system during (fcc) austenite to (hcp) -martensite 
transformation [9], see table 1, and thus this grain had the most favorable orientation 
to undergo the -martensite transformation. 

10

13

15

18
2729 28

100

111

110

Figure 2: Orientations of the 47 probed  grains, looking along the tensile direction 
(2-direction). 

The measured x-ray elastic strain evolution along the 2-direction for the individual 
grains #13 and #18 are plotted together with the average x-ray elastic strain in Fig. 
3. The average strain was calculated using a biaxial analysis of the {220} diffraction 
ring, along with the d0 value reported here and the experimental data from [5]. The 
x-ray elastic strain of grain #18 and the average x-ray elastic strain demonstrate a 
hardening behavior, while grain #13 shows a near ideal plastic behavior. The x-ray 
elastic strain evolution of five additional  grains (#10, #15, #27, #28 and #29) was 
also calculated (table 1) and the yield strains were estimated from the derived stress-
strain curves such as in Fig. 3. These yield strains, calculated Young’s moduli along 
the 2-direction (E), and Schmid factors (m) for the 7  grains are given in table 1. 
The critical resolved shear stress ( CRSS) on {111}<110> (for normal slip) and 
{111}<1 2 1> (for hcp transformation), in a given grain could thus be estimated 
using the tabulated values and: 

mEyieldCRSS ⋅⋅= ετ        (3) 

The 7  grains were observed to yield between 0.2 and 2% applied strain, but the 
calculated CRSS upon yielding is divergent. We propose that these differences in 

CRSS, in addition to the martensitic phase transformation, are caused by 
microstresses within each  grain. In order to accommodate the stresses transferred 
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from the surrounding  grains with different elastic and plastic properties, 
intragranular stresses and localized plastic deformation is generated within the 
grains. This is supported by previous work on bicrystals, where the dislocation 
density was found to be higher at the grain boundaries than within the core of the 
grain [10]. Since the peak shift measurements in this study only provide the average 
strain within the individual  grains (type II stresses) and not the type III 
(intragranular) stresses [11] a common CRSS should not be expected.  
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Figure 3: The x-ray elastic strain evolution along the tensile direction is plotted for 
two individual austenite grains (#13 and #18) along with the average x-ray elastic 
strain. 
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Table 1: Experimental and calculated values for the 7  grains, where the x-ray 
elastic strain along the tensile direction (e22) is given as a function of applied strain. 

Grain 10 Grain 13 Grain 15 Grain 18 Grain 27 Grain 28 Grain 29 

e22 (0%) [10-4] -1 ± 2 5 ± 1 2 ± 2 1 ± 2 2 ± 3 6 ± 1 2 ± 1 
e22 (0.2%) [10-4] 14 ± 2 14 ± 1 18 ± 1 15 ± 3 9 ± 2 7 ± 3 8 ± 1 
e22 (1%) [10-4] 15 ± 2 14 ± 2 25 ± 2 25 ± 1 19 ± 3 17 ± 2 12 ± 4 
e22 (2%) [10-4] 12 ± 2 12 ± 2 24 ± 2 25 ± 1 22 ± 2 18 ± 2 15 ± 4 
e22 (3%) [10-4] 13± 2 12 ± 2 26 ± 2 25 ± 1 22 ± 4 17 ± 2 12 ± 1 
e22 (5%) [10-4] 16± 2 12 ± 1 29 ± 3 28 ± 2 25 ± 4 18 ± 3 12 ± 4 

yield [10-4] 14 14 25 25 22 17 12 
E [MPa] 186 196 141 131 107 168 103 
Schmid {111}<1-10> 0.4709 0.4475 0.4997 0.4371 0.4972 0.4119 0.4943 
Schmid {111}<1-21> 0.4909 0.4999 0.4532 0.4969 0.4472 0.4343 0.4553 

RSS {111}<1-10> [MPa] 123 123 176 143 117 117 61 
RSS {111}<1-21> [MPa] 128 137 160 163 105 124 56 

Conclusions
For the first time (hcp) -martensite formation has been investigated in individual 
(fcc) austenite grains embedded in the bulk of a polycrystalline steel. The formation 
of -martensite was determined as highly localized and only 1 out of 47 austenite 
grains formed -martensite. This austenite grain had a high Schmid factor for the 
active {111}<1 2 1> slip system during fcc to hcp transformation. 
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The individual grain response of seven austenite grains embedded in a metastable 
austenitic stainless steel during tensile loading has been investigated using high 
energy transmission x-ray diffraction. The three-dimensional x-ray diffraction 
method coupled with the diffraction spot identification software Graindex was 
applied. The use of a conical slit allowed for investigations of the material response 
to high strains (15%) and hence the rotation of the austenite grains could be 
followed during plastic straining. Further, ’-martensite transformation could be 
coupled to the individual austenite grains and thus this study shows the possibility to 
conduct investigations of plastic deformation and phase transformations in individual 
grains deeply embedded in the bulk of a polycrystalline material at high plastic 
strains. 

The metastable austenitic stainless steels partially transforms to martensite during 
deformation at room temperature. This strain-induced martensitic transformation 
generates good strain hardening of the metastable austenitic stainless steels [1]. 
Further, the local strengthening effect of the martensite [2] imposes good ductility 
and the general strengthening of martensite gives high strength in the as-formed 
condition. The formed martensite is either hexagonal close packed -martensite or 
body-centered cubic ’-martensite. These two phases respective influence on 
mechanical properties has been studied, but these studies are generally restricted to 
either surface measurements (x-ray diffraction or transmission electron microscopy) 
or average crystal bulk measurements (neutron diffraction). The single austenite 
grain behavior and their partial transformation to martensite in a polycrystalline 
aggregate, such as the metastable austenitic stainless steels, is therefore not well 
established. There has been a few studies dealing with elastic and plastic deformation 
of single grains within polycrystalline materials [3-5], but the current understanding 
needs to be improved for the next generation polycrystalline plasticity models, 
which are finite-element based and take under consideration the grain interaction 
during deformation [6]. The finite-element models are so far only incorporating slip 
deformation and other permanent deformation mechanisms such as twinning and 
strain-induced martensite must also be included [7]. We have previously reported 
on the elastic strain evolution and the -martensite transformation in individual 
grains of a metastable austenitic stainless steel up to 5% applied strain [8], but one 
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limiting factor in that study was spot overlap in the spotty diffraction patterns at 
higher applied strains. Thus, to study the ’-martensite transformation occurring at 
rather high strains in individual grains in metastable austenitic stainless steels the 
problem with spot overlap must be overcome. In such case valuable empirical data 
for the next generation finite element models could be obtained. Therefore, in the 
present work we report on the use of a conical slit to allow in situ deformation 
studies of single austenite grains in a metastable austenitic stainless steel up to ~20% 
applied strain. The results presented here represents the first data set from bulk 
crystals in a metal exhibiting deformation-induced martensitic transformation, and it 
is one step towards providing valuable input to the next generation of 
polycrystalline plasticity models also considering other permanent deformation 
mechanisms than slip. 

The material investigated was metastable austenitic stainless steel AISI 301 
manufactured by Outokumpu Stainless, Avesta works. Steel sheets of 1 mm 
thickness were delivered in the solution-treated condition, and the chemical 
composition is given in Table 1. One tensile specimen was produced from the as-
received steel by electro discharge machining (EDM). In situ high-energy 
transmission x-ray diffraction measurements were conducted during loading of this 
steel specimen using an x-ray energy of 61.95keV (0.2001Å) at the 1-ID beamline 
at the Advanced Photon Source (APS), IL, USA. Two-dimensional spotty 
diffraction patterns from the steel were collected using an amorphous Si area 
detector (GE, Angio model), placed 740 mm behind the sample. The tensile 
specimen was mounted in a load-frame with three-axis translation stage and -
rotation (Figure 1a). The probe size is confined in the 1 and 2 directions, but for 
spatial resolution along the beam (3-direction) a conical slit was used, see Figure 1b. 
This conical slits has previously been used for macroscopic x-ray measurements [9], 
but the current investigation provides a feasibility test for individual grain studies 
using a conical slit. A CeO2 reference powder was applied to the downstream face 
of the specimen to provide fiducial patterns. The specimen was then preloaded to 
~50 MPa and spotty diffraction patterns were collected using a beam size of 70x70 
m2 while rotating the sample over ± 60° in  with =1° intervals. Prior to 

further analysis all diffraction patterns were corrected for spatial distortion, and then 
the identification of individual grains was initiated using the software Graindex [10]. 
Seven austenite grains were found within the probe volume of ~150x70x70 m3.
These austenite grains were characterized by a high completeness, i.e. most 
theoretically predicted diffraction spots were observed in the experimental patterns, 
and the grain orientations were accurately fit witnessed by close relations between 
observed and predicted diffraction spots. The spatial position of the seven austenite 
grains and their respective size could be subsequently determined by scanning the 
specimen in 1, 2 and 3-directions while collecting suitable diffraction spots, i.e. 
spots with scattering vectors as close as possible to parallel with the translation axis. 
The position and the grain size of the austenite grains is depicted in Figure 2a, and 
this can be compared to the two-dimensional optical micrograph of the 
microstructure in Figure 2b. The seven austenite grains were found to be in the 
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vicinity of each other and thus they are suitable for analysis of grain interaction 
effects. The conical slit was now inserted in the beam path and this provides sole 
collection of diffraction spots from austenite grains located in the selected probe 
volume of ~150x40x40 m3. The beam size of 40x40 m2 was tailored to be slightly 
larger than the grain size of the selected austenite reference grain number 9, which 
has a red color in Figure 2a. One intense isolated diffraction spot from grain 9 was 
selected as an internal marker of the grain movements within the polycrystal during 
loading. The tensile loading was conducted at a strain rate of 10-4 s-1 and the marker 
reflection was collected continuously and the sample movements could be 
compensated for by making sure that the maximum intensity was collected for the 
marker reflection. The tensile loading was then interrupted at 10% applied strain 
and a centering procedure of grain 9 took place. The accuracy in spatial position for 
the centering procedure is estimated to ±5 m. Spotty diffraction patterns were 
then collected from grain 9 using a beam size slightly larger than the grain and while 
rotating the sample from -33 to 45° in  with =1° intervals. The smaller -
range used during the collection at this load level is due to the conical slit, which is 
situated closely behind the specimen and restricts its -rotation. The spatial position 
of the other six grains could then be related to the marker grain position and they 
were one by one centered and diffraction patterns were recorded using the same 
principle as for grain 9. Subsequently, the conical slit was removed from the beam 
path and prior to collection of diffraction patterns the austenite grain 9 was centered 
once again. Then spotty diffraction patterns for evaluation of -martensite grains 
were recorded using a beam size of 100x100 m2 while rotating the sample over 
± 60° in  with =1° intervals. The beam size was chosen to be slightly larger 
than the beam size used when collecting the first set of diffraction patterns to make 
sure that all seven austenite grains were fully immersed in the x-ray beam. 
Thereafter, loading was continued and the marker reflection was followed. The 
loading was then interrupted at 15% and 20% strain and the procedure used at the 
load level of 10% strain with centering of grains and collection of diffraction pattern 
were repeated. The loading was also continued to higher strains and the austenite 
grain 9 could be followed all the way to 60% strain, but the considerable broadening 
of the diffraction spots at these high strains makes analysis with the used procedure 
too inaccurate and is therefore not further studied here. The collected diffraction 
patterns were then evaluated using the software Graindex to identify both austenite 
and ’-martensite grains, and to determine their crystallographic orientations. 

The crystallographic orientations of the seven austenite grains are depicted in Figure 
3a. Their initial orientation is demonstrated by a point and the orientations at 10% 
strain is demonstrated by a point and the number of the grain, however, the 
orientation of austenite grain 9 is given at both 10 and 15% applied strain and the 
number 9 is therefore plotted next to the point at 15% strain. There are large 
differences in rotations among the grains with some grains only exhibiting small 
changes such as grain 37 and other grains such as 53 and 16 with large rotations up 
to 10% applied strain. The results obtained for the grain rotations resemble the 
results obtained from grain rotations in fcc-aluminum up to 6% applied strain [11]. 
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Grains 15 and 16 both reorient their tensile axis to become closer to the 111 corner 
of the inverse pole figure. In addition, grain 37 show a very small rotation, grain 5, 
9, 23 and 53 show widely different rotations even though they have rather similar 
initial orientations. This is very much like the results obtained in [11]. Their results 
were further compared to modeling using the Taylor-model and a self-consistent 
model, and it was found that the overall rotations were well predicted in many 
regions of the stereographic triangle by the Taylor-model, but e.g. in the 110 corner 
large deviations were observed. The self-consistent model was better at predicting 
the large variations in the 100 corner, but the directions of the rotations were not in 
agreement with the experimental results [12]. These findings are in agreement with 
our findings of the large differences in rotations between grains 5, 9, 23 and 53; 
which are located rather close to the 100 corner. The crystallographic orientation of 
the austenite grains was further coupled to the experimentally observed -martensite 
grains at 20% applied strain. First, hypothetical ’-martensite grain orientations were 
calculated using the orientation of the austenite grains at 10% strain and the 
orientation relationship between austenite and ’-martensite from Jaswon and 
Wheeler [13]. The hypothetical ’-martensite orientations (x) and the 
experimentally determined orientations of ’-martensite (.) are plotted together in 
Figure 3b. The predicted ’-martensite orientations from austenite grains 9 and 16 
agree well with two of the ’-martensite grains found experimentally and thus both 
austenite grain 9 and 16 have formed ’-martensite in amounts above the detection 
limit.

Table 1: Chemical composition in wt% 
Fe Cr Ni Mn Si Mo Cu Co C N Nb 

Bal. 17.55 7.67 1.23 0.55 0.31 0.25 0.1 0.095 0.022 0.008 

Figure 1: a) High-energy x-ray setup at the 1-ID beamline for 3DXRD 
measurements with a spatial resolution of ~20x5x100 m3 b) The tungsten conical 
slit produced by electro-discharge machining 
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Figure 2: a) The spatial position and estimated size of the 7 investigated individual 
austenite grains embedded in a 301 stainless steel specimen: red=9, blue=15, 
green=5, yellow=23, cyan=37, black=16, magenta=53. b) Optical micrograph of 
the 301 stainless steel specimen in solution-treated condition. 
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Figure 3: a) The initial crystallographic orientations and the rotation up to 10% 
applied strain for the 7 investigated individual austenite grains (grain 9 is shown up 
to 15% strain). b) Predicted (x) and experimentally determined (.) ’-martensite  

The results presented in the present study have shown that it is possible to follow 
individual bulk grains embedded in a polycrystal up to high strains with the aid of a 
conical slit to get resolution along the beam direction. We were able to generate a 
three-dimensional micrograph of the investigated steel and to observe the rotation 
of the austenite grains. Further, we have reported on the strain-induced martensitic 
transformation in two of the austenite grains. Thus, this report demonstrates the 
possibility to generate data on the three-dimensional structure evolution during 
tensile deformation to high strains, and further grain rotations, phase transformations 
and elastic strain evolution, as reported earlier for the same steel grade [8], can be 
obtained. 
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