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Preface 
The special group of steels with ferritic-austenitic microstructures presented in this thesis 
were first introduced to me by Professor Emeritus Erik Navara 2001. His experience in the 
field of ADI-cast irons and steels with this special microstructure and the initial discussions 
with him and Mr Per Rubin was a starting point for this work which has resulted in several 
investigations about microstructures and different properties during the last 10 years.  

A part of the work has been performed together with students in different case study projects. 
In-situ high-temperature XRD and SEM investigations were enabled by the visit of post-doc 
Xiang Chen from Beijing. The main part of the work during the last 10 years has been 
performed within three larger research projects: 

Industrial research programme “SLUP” (2004-06) about the wood-pellet production. 

Novel nanostructured bainitic steel grades to answer the need for high performance steel 
components, ”NANOBAIN” RFSR-CT2008-00022. (2008-2011). 

New advanced ultra high strength bainitic steels: Ductility and formability, “DUCTAFORM” 
RFSR-CT-2008-00021. (2008-2011). 

The work presented in this thesis can be regarded as a contribution to the continuous effort to 
develop the 3rd generation advanced high strength steels. The effort world-wide to develop 
these steels has been increasing during the last 10 years and their use is expected to become a 
substantial part of the steel market within the coming decade.  
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Abstract 
Fine grained advanced steels exhibit favourable mechanical properties for applications 
requiring high strength, ductility and impact toughness. These properties result from a 
microstructure containing a fine distribution of several phases including ferrite, austenite, 
martensite and bainite. The bainite phase is in the form of fine lamellas of ferrite and carbon-
enriched austenite which due to proper control of the chemical composition is lacking the 
nanometre scaled carbides associated with traditional bainite. The mechanisms of bainite 
phase transformations in steels have been debated since the naming of bainite in 1934, and 
range from diffusion-controlled (reconstructive) to diffusionless (displacive). Interest in the 
manufacture and application of fine grained advanced multiphase steels can be dated back to 
the 1970s, and it has been intensified after the turn of the century with the industrial 
production and application of such steels.  

The structure and mechanical properties of fine grained advanced steels produced using novel 
thermal treatments are described. The results of in-situ x-ray diffraction studies of the 
austenite to bainite transformation process provide information about the effect of carbon 
redistribution on the formation of transformation products. Transformation microstructures 
created by various thermal treatments are characterised using optical and scanning electron 
microscopy, which reveal the presence of martensite, bainite (in various forms), ferrite and 
retained austenite. Microstructural control is found to be possible by quenching the steels 
from the austenite phase to temperatures below the start temperature of martensite formation 
(determined by steel composition). The quenching is followed by isothermal treatment for 
varying times at temperatures related to the formation of transformation products (bainite in 
particular). This combined heat treatment also increases the rate of phase transformation in 
comparison with isothermal treatments. Thus multiphase microstructures are produced, which 
are found to possess favourable mechanical properties, in particular tensile strength, 
toughness and wear resistance.  

In press hardening of 0.26wt-carbon steels, by using the combined heat treatment described, 
the yield strength was found to be comparable to existing materials and the ductility was 
found to be higher. Welding tests of medium carbon steel with control of the post weld time 
temperature cycle in accordance with the combined heat treatment process minimized the risk 
of brittle phase formation in the weld as well as the heat affected zone. In addition the wear 
resistance in sliding as well as in rolling-sliding was shown to be better for austempered 
medium carbon high-silicon steels with fine grained ferritic austenitic microstructure in 
comparison with conventional steels.  

The presented work can be regarded as a contribution to the current world-wide effort to 
develop the 3rd generation advanced high-strength steels, which are expected to be a 
substantial part of the structural steel market before the end of the present decade. The switch 
to such steels in a large number of applications in manufacturing of transport vehicles and 
other products, will be comparable with the switch from plain carbon steels to HSLA steels in 
the seventies and eighties. 
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1 INTRODUCTION 
The importance of different steels on our daily life cannot be over-estimated. Steels are the 
most common structural materials used today and the reasons for this can be found in the 
numerous possibilities to heat treat and mechanically shape them in a controlled manner in 
order to produce materials with properties tailored after the demands for the application of the 
component in question. The possibility to transform iron from a body centered cubic (BCC) 
ferritic phase structure to a face centered cubic (FCC) austenitic lattice just above 900 oC is 
the main cause behind these possibilities, see Fig. 1. Carbon added to the steel decreases the 
transformation temperature and also gives the possibility to create non-equilibrium micro 
structures if the steel is quenched from austenite to a temperature at which the diffusion rate 
of atoms is limited or totally hindered. The different strengthening mechanisms, solid 
solution, grain size, particle (or precipitation) and deformation strengthening, can be utilized 
in different combinations and to different extent by the design of the chemical composition 
and in the thermal and mechanical treatment of steels. In addition the differences in diffusion 
rates for the interstitially dissolved atoms as carbon and nitrogen, in the differently packed 
lattice structures play an important role for the possibilities to modify the microstructure and 
thereby the properties of the steels.  

 

Fig. 1. Iron-carbon equilibrium phase diagram [Erlandsson et.al. 2000]. 

The principle goal in the development of new steels is to decrease the weight of vehicles and 
equipment subjected to movement in order to reduce the energy required for this. In addition 
the use of material will be decreased if it is possible to design lighter components. Higher 
strength resulting in higher merit indexes as yield strength/density (Rp0.2/  ratio for the 
material reduces thereby the weight of the component. Other properties of importance in the 
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effort to reduce the environmental impact are mechanical properties as improved fatigue 
strength and wear resistance, technological properties as weldability and formability and 
final-user demands as higher energy absorption ability for better passenger safety in vehicles.  

1.1 Development of fine grained steels 

The phase diagram in Fig. 1 is derived from experiments in which the thermodynamic 
transformations have been allowed to go to equilibrium. The equilibrium microstructures in 
steels, with maximum 2.0 wt% carbon, are ferrite, pearlite and cementite at room temperature 
and pure austenite can be found above the A3- Acm lines in the diagram. More than 90 % of 
all steels used today are alloys with less than 0.2 wt% carbon, caused by the weldability 
requirement for general structural steels. If the carbon content or carbon equivalent is too 
high, additional pre- and/or post-heat treatment procedures will be necessary in order to avoid 
the formation of the brittle micro-constituent martensite in welding. Martensite ( ´) is one of 
several non-equilibrium micro-constituents for which information about transformation times 
and temperatures can be found in TTT- and CCT-diagrams for the specific steel. Fig. 2 shows 
a general TTT-diagram for hypo-eutectoidic steel with less than 0.7 wt% C.  

 

Fig. 2. General TTT-diagram for a hypo-eutectoidic steel. 

The strength of steels can be improved by using different strengthening mechanisms. In 
addition to the strength, ductility and toughness are properties to be kept at a high level in 
order to be able to improve the performance of the steel. The most powerful method which 
gives a good combination of strength and ductility/toughness is to decrease the grain size by 
different means. The main goal for different thermal and mechanical treatment methods used 
today is to decrease the grain size of the steel alloys. Other strengthening methods as solid 
solution strengthening are also used but their influence is often of minor importance in 
comparison to grain size strengthening.   

Historically, the development of the continuous casting technique, different thermo-
mechanical treatment methods and micro-alloyed high strength low alloyed (HSLA) steels 
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during 1970:s created a base for the mass production of high strength structural steels and 
enabled the development of different new steel groups during the last decades.  

The basis of the thermo-mechanical treatment methods is the possibility to control the size 
and shape of the austenite grains but also the content of internal defects of the austenite grains 
during hot-rolling and also during the cooling cycle from austenite and by that control the 
final size, shape and internal defect content of ferrite. 

Carbide or nitride forming elements (Ti, V, Nb) to suppress the austenite grain growth during 
hot forming operation are used in HSLA steels. The structure is ferritic because the small 
carbon amount has been bonded in very fine carbide and nitride dispersions in the steel. The 
grain size is most often below 10 m in HSLA steels. A second possibility to produce a fine 
grained structure is to quench the steel from austenite to a temperature below the Mf 
temperature and form very fine grained martensite and temper this structure to a suitable 
strength level. Quench and temper (QT) steels and boron steels (B-steels) are produced by 
this method.  A third possibility is to interrupt the quenching above the Ms temperature and 
keep the steel at this temperature until the structure is transformed to bainite, which consists 
of fine ferritic laths together with carbide-discs (upper bainitic steels), carbide precipitates 
(lower bainitic steels) or thin austenitic films (or laths) surrounding the ferrite (ausferritic or 
carbide free bainitic steels (CFB-steels)).  

The first step in the heat treatment, the austenitizing can also be replaced by heating in the 
two phase region with ferrite and austenite followed by quenching either to room temperature 
to create ferritic-martensitic dual phase steels (DP-steels) or to a temperature above the Ms 
temperature and keep it until the austenite has been transformed to create ferritic-austenitic-
martensitic steels (TRIP-steels). After austenitizing is it also possible to quench the steel to a 
temperature below the Ms- but above the Mf-temperature and interrupt the quenching and 
after this either keep the steel at the temperature or increase the temperature to just below or 
above the Ms temperature and let the carbon partition from the ferrite and martensite formed 
to the austenite phase in the structure and perform a “quenching and partitioning” (QP) 
treatment of the steel.  

An additional method developed during last decades is the development of steels in which 
twins are formed dynamically during the deformation of the steel (TWIP steels) and by that 
create hinders for the dislocations in the structure. The dynamic formation of twins can be 
interpreted as a continuous process creating small sub-grains in the austenitic grains, which 
act as hinders to dislocation glide.  

A short summary of different fine grained high strength steels is presented with a short 
description of their characteristics, processing and properties. They can be grouped according 
to the heat treatment method used, if the heat treatment starts with quenching to form 
martensite or if it starts with some kind of austempering treatment. The starting temperature 
can be above the A3 temperature or between the A1 and A3 temperatures. 

1.1.1 Quenching and tempering methods  
Quenched and tempered (QT) steels are steels with a carbon content of 0.25- 0.60 wt% and 
they are treated through austenitizing above the A3 temperature followed by quenching to a 
controlled temperature normally between 20 and 70 oC and after that tempering at a 
temperature between 450 to 650 oC during 1 hour or longer. The microstructure consists of 
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tempered martensite which can be specified for these steels as having a ferritic matrix with 
very fine carbide precipitates. 

Boron steels (B-steels) are steels with a small amount of boron (0.001-0.005 wt%) added in 
order to increase the hardenability. These steels contain only small amount of alloying 
elements and therefore exhibit relatively good weldability in comparison to other hardenable 
steels. The steel is austenitized followed by quenching to room temperature. These steels are 
mainly used in different complex shaped products produced by press hardening. The 
component is shaped in austenitic condition and the tools used in this process conduct the 
heat from the component and a martensitic transformation is possible in the structure. The 
tempering of these steels is normally achieved during the cooling process below the Ms 
temperature which normally is above 400 oC. 

Dual Phase (DP) steels are produced by heating the steel to the ferrite-austenite region (737-
900 oC) to transform part of the microstructure to austenite with higher carbon content in 
comparison to that of ferrite, followed by quenching to room temperature and by that 
transforming the austenite to martensite. The microstructure consists of ferrite and martensite 
and in some cases also some retained austenite.  

1.1.2 Austempering methods 
Transformation induced plasticity (TRIP) aided steels are produced by a similar method 
as DP-steels but with the difference that the quenching from austenite region is stopped above 
the start temperature of martensite formation, Ms-temperature, and held at that temperature 
until bainitic ferrite has been formed and the carbon in ferrite has diffused to the austenite 
phase, stabilising it, before the steel is quenched to ambient temperature. During this last 
quenching some of the austenite will be transformed to martensite and the final 
microstructure consists of ferrite, austenite and martensite. When the steel is deformed the 
retained austenite will be transformed to martensite resulting in higher energy absorption 
during the deformation in comparison to many other steels. 

Bainitic steels are austenitised, quenched to a temperature above the Ms temperature and 
austempered to form bainitic ferrite and carbide. Upper and lower bainite are the two 
traditional forms of bainite and the carbide is in the form of discs in the upper and as small 
precipitates in the lower bainite.  

Carbide free bainitic (CFB) or ausferritic steels are austenitised and quenched in the same 
way as bainitic steels but with the difference that these steels contains a certain amount of 
silicon and/or aluminium which are elements that suppress the formation of carbides in the 
steel. The austempering treatment is controlled so that the austenite to bainitic ferrite 
formation is finished but the final cooling to room temperature is performed before the start 
of the carbide formation. The resulting microstructure consists of fine sheaves consisting of 
ferritic laths covered by thin austenitic films and in some cases there is also a limited amount 
of bulky austenite and fine carbides formed in the structure. The carbon content in the 
austenite is increased through diffusion from the ferrite that is formed in the structure and the 
austenite will be stabilised at room temperature.  

Nanobainitic steels are steels processed by austenitisation followed by austempering at 
temperatures well below 300 oC creating a microstructure in which the bainitic laths are in 
thickness range of approximately 20-60 nm. Their strength properties are excellent but the 
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austempering time is often 10:s or 100:s of hours which makes their production more 
complicated.   

Quenching and partitioning (QP) steels or interrupt quenched (IQ) steels are produced 
by austenitising, followed by quenching to a controlled temperature below Ms, followed by a 
partitioning process at that temperature or at a higher temperature below or above the Ms 
temperature during which bainitic ferrite is formed and carbon is diffusing from martensite as 
well as ferrite to the remaining austenite. The austenite will be stabilised and the final 
structure at room temperature consists of tempered martensite, bainitic ferrite and stabilised 
austenite. Interrupt quenched (IQ) steels are steels which are quenched to a temperature 
below Ms, hold at that temperature for very short period, austempered at a temperature above 
Ms followed by quenching to room temperature and finally tempered at a low temperature. 
(Y Tomita 1999).  

The steels described are, in principle all low-alloyed. High alloyed steels such as stainless 
steels, high temperature resistant (refractory) steels, Hadfield steels and TWIP-steels are out 
of scope of the thesis and will not be considered or discussed.  

Different stages can be identified in the development of advanced high strength steels 
(AHSS) since 1970:s. The first stage including IF, HSLA, DP, TRIP and martensitic steels 
are used extensively today all over the world. The importance of TWIP steels developed 
since 1990:s is very small today, mainly caused by the high Mn content and thereby higher 
cost. Austenitic stainless steels have very high formability and ductility but they are mainly 
used in applications subjected to certain corrosive environments and not in general structural 
applications. During especially the last decade the development of steels in the third 
generation, such as CFB and QP steels, has been extensive and the use of these steels with 
very fine grained microstructures containing ferrite-austenitic bainite and in some cases 
martensite will probably be very large at the end of this decade. A summary of the strength- 
ductility relation for steels developed since 1970:s together with the expected development of 
3rd generation AHSS is shown in Fig. 3. See also De Moor E., et.al. 2010.  

 

Fig. 3. Typical strength-ductility properties of different modern high strength steels [modified 
from De Moor et.al. 2010]. 
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1.2 Scope of the present work  

This thesis is directed to the development of new fine grained high strength steels of the third 
generation, based on carbide free bainitic microstructure. In total eight different papers are 
included, treating the following different areas of interest:  

1) Use of novel heat treatment techniques in different processing methods.  

2) Investigation of the bainite formation process during the austempering treatment. 

3) Investigation of mechanical properties of fine grained steels. 

Austempering and quenching and partitioning (QP) treatments have been used in order to 
investigate the press hardenability of high-Si low carbon steels in order to produce shaped 
products with high strength and ductility. In addition QP-treatment has been used in laser 
welding of medium carbon spring steel in order to investigate if it is possible to use this 
method in welding of high strength steels without the risk of formation of martensite in the 
fusion zone (FZ) in the weld or in the heat affected zone (HAZ).  

The transformation of austenite to a fine ferrite-austenitic microstructure has been 
investigated by in-situ high-temperature XRD-measurements. This work has contained two 
challenges, the development of the in-situ XRD study technique and secondly the study of the 
phase transformation as function of time. 

Three studies of the wear resistance of ferritic-austenitic microstructures have been 
performed. The sliding resistance of high-Si spring steel with ausferritic structure was 
compared with existing case-hardened steel and steels with other microstructures in 
laboratory tests and a field test with a comparison of the wear resistance in knives used for 
saw-mill dust fractioning in hammer mills was performed. A comparison of the rolling-
sliding wear resistance was made between a quench and tempered (QT) steel and an 
austempered high-Si spring steel. The wear resistance of these steels in QT and austempered 
conditions was also compared with that of surface hardened conditions for these steels. The 
effect of austempering temperature on the rolling-sliding wear resistance has been 
investigated. In addition the tensile test behaviour has been investigated by in-situ SEM-study 
of tensile test and a trial to describe the initiation and development of fracture in a ferritic-
austenitic CFB structure has been performed. 

The work presented in this thesis has been focused on CFB- and QP-steels with very fine 
ferritic-austenitic and ferritic-austenitic-martensitic microstructures produced by 
austempering and quench and partitioning treatments respectively.  

1.3 Previous studies of microstructures, heat treatment and properties of 
fine grained steels 

The aim of this chapter is to give a background to the performed work with regard to relevant 
information about carbide free bainitic microstructures, novel possibilities to heat treat such 
steels and about different properties. 
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1.3.1 Development of carbide free microstructures 
One important group of steels within the third generation of AHSS is based on very fine 
grained bainite which can be carbide free (CFB-steels) if the chemical composition is 
designed properly with approximately 1.5-3 wt% Si and/or Al addition to the steel. The first 
thorough studies of the microstructure and properties of these steels were published around 
1980 by Sandvik and Nevalainen [1981], Sandvik [1982] and Bhadeshia and Edmonds [1979, 
1983] respectively. The possibility to create carbide free bainite had been used for 
austempered ductile cast irons (ADI:s), during 1970:s and the possibility to utilise this 
phenomena also for steels could be seen as natural. Steels in which the silicon contents were 
in the right range and which could be treated by austempering in order to produce a CFB 
structure had already been produced for many years. Spring steels as 55Si7, 60SiCr7 and tool 
steels as S5 (0.50-0.65C, 0.6-1.0Mn, 1.75-2.25Si, max 0.50 Cr, 0.20-1.35Mo, max 0.35V) are 
some examples. The patenting treatment of spring steels is an austempering treatment method 
which can be used to produce a CFB structure in silicon containing steels. 

The carbide free bainitic (CFB) steels neither contain martensite nor carbides, except in some 
cases and they have very fine grained structure. Silicon and aluminium are ferrite stabilizing 
elements in steel and an addition of approximately 1.5-3 wt % will strongly retard the 
formation of carbides during austempering treatment. The effect of silicon on tempering 
resistance of steels was recognized early and the temperature at which cementite formed is 
raised in steels containing silicon and the softening of martensite was retarded up to around 
315 oC for a 2.2 wt% Si steel [Allten & Payson 1952]. The tempering reaction is normally 
controlled by the carbon diffusion but in silicon containing steels the ability to form carbides 
was found to be controlled by the diffusion of silicon in the steel instead [Owen 1953] and 
this could explain the large difference in tempering resistance between conventional carbon- 
and silicon containing steels. Electron microscopy investigation revealed that -carbides were 
formed and stabile up to about 400 oC in EN48A steel (0.57C, 0.75Mn, 1.5Si and 0.73Cr) and 
that cementite did not precipitate below 300 oC in these steels [Gordine & Codd 1969]. This 
retardation of cementite formation in silicon containing steels explains the improved 
tempering resistance of such steels. Similar effects of silicon on the tempering resistance have 
also been reported for surface hardened cast irons [Magnusson et. al. 1991].  

Bhadeshia and Edmonds [1979] reported that the steel investigated (0.43C, 3.0Mn, 2.1Si) 
showed typical lower bainitic microstructure but that in the upper bainite the carbide 
formation had been hindered by the Si addition. In the study of the formation of lower bainite 
they concluded that the growth in the form of short transformation spikes was in accordance 
with “the hypothesis of growth by repeated nucleation of shear units”.  

Sandvik and Nevalainen [1981] reported that the individual ferrite plate thickness at a 
specific temperature was unaffected by the austempering time and that the thickness of the 
plates decreased as a function of austempering temperature, from about 0.65 m at 380 oC to 
about 0.1 m at 290 oC. The composition of the steels investigated was 0.7-1C, 2.0-2.4Si, 
0.4-0.8Cr, 0.5-0.6Mn. The amount of retained austenite was shown to increase with the 
austempering temperature and the carbon content in the austenite was measured to between 
1.4 and 1.8 wt%. The tensile strength was not affected by the amount of retained austenite but 
the yield strength was lowered. Elongation at fracture of more than 30% was measured for 
steels with tensile strength between 1500 and 2000 MPa. Two deformation mechanisms were 
registered in tensile testing, formation of twins in retained austenite for steels with lower 
yield strength and formation of twinned martensite for steels with higher yield strengths.  
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Bhadeshia and Edmonds [1983] investigated high-Si steels with different carbon contents and 
especially the stability of retained austenite. The stability of the high-carbon retained 
austenite in the thin film between ferrite laths was found to be high while it was found to be 
weak in the bulky austenite with low carbon content. The ratio of volume fraction of thin film 
austenite to that of bulky austenite was found to be larger than 0.9 for high strength and 
toughness combination.  

Miihkinen and Edmonds [1987a] concluded that the excellent fracture toughness achieved in 
the two silicon containing steels (0.2C, 3Mn, 2Si and 0.4C, 2Si, 4Ni) investigated was caused 
by the thin films of stable austenite. The retained austenite refined the effective fracture grain 
size and blunted propagating cracks. The best combination of strength and toughness was 
achieved with upper bainitic structure for the 0.4 wt% C steel. They also detected that the 
ferrite laths in the Ni-alloyed steel contained -carbide precipitates [Miihkinen & 
Edmonds,1987b]. 

Fracture surface investigations of 300M steel (0.4C, 1.7Si, 0.8Mn, 0.8Cr, 1.76Ni, 0.08V) 
showed that austempered structure with fine carbon enriched austenitic films surrounding the 
ferritic laths resulted in crack-arresting and stress-relaxation effects while larger austenite 
blocks with lower carbon content had an detrimental effect on the fracture behaviour with 
large brittle fracture facets identified in the fracture surface [Tomita & Okawa 1993]. The 
brittle behaviour was caused by the unstable low-carbon containing blocks of austenite which 
were transformed to martensite.  

The research performed during 1980:s did not give recordable results in the form of new steel 
grades in combination with austempering for production of components with fine carbide free 
bainite. During 1990:s and beginning of this century two new approaches for this were 
identified. The first consisted of the utilization of the austempering treatment on existing 
high-Si containing spring steels, with improved strength and impact toughness in comparison 
with conventional quenching and tempering treatment [Navara, Mudzanapabwe & Manjonjo 
1995]. The tensile strength was 1780 MPa and impact toughness around 40 J after 
austempering at 300 oC in comparison with 1350 MPa and 8-16 J after quenching and 
tempering at 400-500 oC for EN45 steel (0.5-0.6C, 0.7-1.0Mn, 1.5-2.0Si). The second 
approach consisted of the development of castable steels with cast irons as a starting point by 
reduction of the silicon content to achieve a cast steel without graphite which occurs in cast 
irons, in the structure [Li & Chen 2001]. The best combination of strength and toughness was 
achieved after austempering at 320 oC. A silicon content of about 2.5 wt% resulted in the best 
toughness for the steels tested (0.6-0.8C, 0.3-0.6Mn, 1.6-3.9Si, 0.2-0.4Mo and RE-additions). 
The effect of RE-additions (rare-earth) on strength and toughness was investigated in detail 
and shown to improve the properties for the cast steels at the same time as the optimum 
temperature for the austempering treatment was slightly increased to 360 oC in comparison to 
320 oC achieved for the RE-free steel (0.76C, 0.38Mn, 2.37Si, 0.29Mo) [Chen & Li 2006].  

The possibility to produce bainite with very fine microstructure has led to the design of steels 
with Ms temperatures below 200 oC, with the possibility to transform austenite to bainite at 
these temperatures. The first reported results for these steels were published 2002 [Caballero 
et.al. 2002] with laths thinner than 50 nm. Hardness values higher than 600 HV were 
measured and it was not possible to detect any carbides in these steels by transmission 
electron microscopy [Garcia-Mateo, Caballero & Bhadeshia 2003]. The distribution of 
different elements in the ferrite and austenite laths have been studied by atom-probe 
tomography (APT) and revealed that dislocations in the ferrite phase will trap carbon and 
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result in a saturated bainitic ferrite [Caballero et.al. 2007]. No partitioning of the 
substitutional elements could be observed during the transformation which was performed for 
steels transformed at 200 and 300 oC respectively. In-situ synchrotron X-ray investigations of 
the austenite to bainite phase transformation have revealed that the initial austenite with the 
carbon content of the steel, will be transformed to austenite with higher carbon content 
simultaneously with the formation of ferrite [Stone et.al. 2008].  

Reports on investigation of other properties than strength and toughness for steels with very 
fine bainitic structures are hard to find. The strength properties are excellent for these steels 
and the austenite content gives the possibility to transform it by mechanical means to 
martensite. This phase transformation can be utilized in different applications of which the 
possibility to improve the wear resistance of steels is one interesting consequence. The 
possibility to replace pearlitic rails with bainitic have been challenging for long time. Tests 
performed 1979-80 at Ofotenbanan showed good wear resistance for bainitic steels subjected 
to rolling-sliding wear [de Boer 1995] but other investigations gave negative results for the 
use of bainitic rails and it was not until tests with very low carbon containing bainitic steels 
that it was shown that these steels could be better than the traditional pearlitic rails 
[Devanathan & Clayton 1991]. Continued work on bainitic rail steels showed the potential of 
austempering at temperatures below 300 oC [Clayton & Devanathan 1992] and the 
introduction of carbide free bainitic structure [Shipway, Wood & Dent 1997]. Investigation of 
several carbide free bainitic steels showed that their rolling-sliding wear resistance was 
comparable with that of pearlitic steels and that the retained austenite in the surface layer was 
transformed to martensite by the wear [Chang 2005].  

1.3.2 Bainite transformation  
Most of the high strength steels developed during the last years contains fine grained bainite. 
Bainite was traditionally divided in upper- and lower-bainite respectively. The addition of 
carbide formation supressing element as Si, Al and P has given the possibility to form carbide 
free bainite (CFB) consisting of fine ferrite-austenite laths. These different bainite forms are 
non-equilibrium microstructures. This implies that the thermodynamic equilibrium has not 
been reached in the structures. Equilibrium microstructures are achieved through diffusive 
processes in which the transformation of the phases occurs through diffusive processes. 
Different forms of ferrite formed from austenite at high temperatures are described as a result 
of diffusive changes of the microstructure. Allotriomorphic ferrite formed at austenite grain 
boundaries, idiomorphic ferrite formed at inclusions in the austenite grains and formation of 
massive ferrite are examples of diffusive transformations.  

If the diffusion is hindered by lowering of the temperature or by addition of alloying elements 
a deformation of the lattice caused by strains created in the lattice can occur. In these 
transformations the lattice atoms will not diffuse and the diffusion of carbon and other 
interstitially dissolved atoms will be reduced or hindered totally. The lowering of the 
transformation temperature enables the formation of Widmanstätten ferrite. This 
transformation has been described as being diffusive as well as a transformation in which a 
deformation of the lattice is created through invariant-plane strain and under carbon diffusion 
during paraequilibrium nucleation and growth conditions [Bhadeshia 2001].   

The formation mechanism of bainite has been discussed since the pioneering work of precise 
time-temperature-transformation (TTT) trials by Davenport, Bain and Kearny in 1930. In a 
later work Zener described the austenite to bainite transformation as being similar to the 
martensitic formation i.e. a diffusionless transformation in which the ferrite formed has the 
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same carbon content as the austenite from which it has been formed [Zener 1946]. He also 
pointed at the fact that the only condition for a phase transformation is that the total free 
energy of the system must be decreased. Hultgren with co-workers performed a thorough 
TTT-investigation of different steel compositions [Hultgren 1951]. Their results showed that 
in addition to Si and Al also P and Cu were unable to be solved in carbides. They also found 
that the composition of the carbides formed in bainite were very close to what was defined as 
“paraequilibrium” composition. This describes the situation where only carbon diffuses in the 
steel and the lattice atoms have too low diffusivity for the system to reach an 
“orthoequilibrium“ state (stable equilibrium of the system). Ko and Cottrell [1952] 
investigated the bainite transformation and suggested that the term “coherent transformation” 
could be used for both martensitic and bainitic transformations in contrast with the incoherent 
formation of ferrite and cementite. They distinguished between martensite and bainite by 
emphasizing that martensite should be used when the process is “coherent and diffusionless” 
while bainite should be used for transformations when the process of coherent growth is 
controlled by diffusion. Coherency in this content is lattice coherency for the formed phases 
with the initial austenite from which they are formed. Ko and Cottrell also found that if the 
steel was cooled to just below Ms temperature before heating it to the correct bainite 
temperature, it was possible to decrease the incubation time before the bainite transformation 
started to one-third [Ko & Cottrell, 1952].  

The aim here is not to give a detailed description of the different opinions about the bainite 
transformation, but to give a broad background of the different opinions of the 
transformation. For the interested reader articles by Hillert 1995, Aaronson, Spanos & 
Reynolds Jr 2002, Lawrynowicz & Barbacki 2002 are recommended. 

Today consensus has been reached in that the smallest sub-units formed in bainite are formed 
by a displacive transformation. The carbon diffusivity before, during and after the formation 
of sub-units and growth of the sheaves is debated and the main question is the role of carbon 
diffusion. The theory introduced by Zener shows the required thermodynamic condition for 
the diffusionless transformation of austenite to ferrite, see Fig. 4 [Bhadeshia 2001]. The 
temperature must be lower than T0 for a diffusionless transformation of bainitic ferrite with 
same composition as the austenite it is transformed from. When the carbon content in 
austenite reaches the T0 line it will cease if thermodynamic equilibrium is to hold according 
to this theory. The excess carbon trapped in ferrite can either diffuse to austenite or form 
carbide precipitates within the sub-units. Lower bainite consists of this kind of precipitates 
within the ferrite but carbides formed at the grain boundaries can also occur in this structure. 
In upper bainite formed at higher temperatures the carbides will be found at the grain 
boundaries of the bainitic ferrite, caused by the higher diffusivity of carbon. If the carbide 
precipitation is hindered the excess carbon in the ferrite will diffuse to the thin films of 
austenite between the ferrite sub-units and retained austenite with high carbon content will be 
created. This special structure is found in carbide free bainitic (CFB) steels. One difficulty 
caused by this theory is that the growth of the bainitic ferrite will cease because of the step-
wise increase of the carbon content in the austenite when more and more sub-units will be 
formed. The carbon content of austenite according to this theory will not reach the 
equilibrium Ae3 level and causes the “incomplete reaction phenomena” which explains why 
the formation to bainite does not go to completion in certain alloys and austenite with 
increased carbon level, up to T´0 is formed.   
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           Carbon content 

Fig. 4. Schematic illustration of the origin of the T0 curve on the phase diagram. The T´0 
curve incorporates a strain energy term for the ferrite, illustrated on the diagram by raising 
the free energy curve for ferrite by an appropriate quantity [Bhadeshia 2001]. 

Two consequences of Fig. 4 are that the amount of austenite must decrease and that the 
carbon content of the austenite must increase when the temperature is decreased. The 
literature data especially about the carbon content in austenite as a function of temperature is 
not clear. The following references reports an increase of the carbon content with lowering of 
the austempering temperature: Bhadeshia and Edmonds [1983-part 2] reported an increase 
from 0.79 to 0.92 wt% for a temperature decrease from 360 to 295 oC (steel with 0.43C, 3Mn, 
2.02Si). Putatunda and co-workers reported an increase of the carbon content from 1.51 to 
1.93 wt% with a temperature decrease from 400 to 316 oC for a steel with 0.4C, 2Si, 0.4Mn, 
1Ni, 0.8Cr, 0.3Mo, 0.5Cu [Putatunda et.al. 2009]. A small increase of the carbon content (1.2 
to1.35wt%) with lowering of the temperature from 400 to 260 oC was also reported for a steel 
with 0.21C,1.59Si, 0.73Mn, 2.02Ni, 0.99Cr, 0.25Mo, 0.062Nb and 0.064V [Putatunda 2011] 

Results in which the carbon content increased when the temperature was decreased from 380 
to 350 oC but then remained constant or even decreased was reported for two steels by 
Sandvik 1982. The carbon content in a third steel in this investigation showed diminishing 
carbon content between 370 and 265 oC, from 1.5 to 1.3 wt%. A clear decrease of the carbon 
content for two cast steels was reported by Chen and Li [0.77C, 2.36Si, 0.38Mn, 0.27Mo with 
and without additions of RE, Ti and V]. The decrease was from 2.0 to 1.48 wt% and from 
1.95 to 1.75 wt% for the two steels respectively [Chen & Li 2007]. 

1.3.3 Development of novel heat treatment methods  
New heat treatment methods have been investigated and shown to result in fine grained 
microstructures and improved mechanical properties for steels with meagre chemical 
compositions. A special interrupted quenching treatment in which a silicon modified 4340 
steel was quenched from 900 oC to 320 oC in a Pb-Sn bath and kept for 5 min before 
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quenched in oil and thereafter tempered at 200 oC was shown to give better strength and 
fracture toughness results in comparison to conventionally austempered steel. In comparison 
with conventional quenching and tempering treatment better fracture toughness values were 
achieved [Tomita 1995]. The special short austempering treatment was performed slightly 
above the Ms temperature of the steel (Ms=293 oC). The temperature was decreased to below 
the Ms temperature in an investigation of the fracture toughness of a spring steel (0.6C, 1.5Si, 
0.8Mn) [Tomita 1999]. The treatment was performed by interrupted quenching (IQ-
treatment) at Ms-10oC (260 oC), holding for 10 s before reheating to Ms+130 oC (400 oC), 
holding for 5 min, water cooled and finally tempered at 200 oC for 1 h. This treatment was 
compared with conventional austempering at 400 oC for 10 min and with quenching and 
tempering treatment in which water quenching was practiced followed by tempering at 550 
oC for 2 h:s. The yield strength values were similar, 900 MPa, the ultimate tensile strength 
was found to be about 1200 MPa for the IQ-treated steel and about 1100 MPa for the 
austempered and QT steels. The total elongation was 30% for the IQ treated steel while it was 
around 15 % for the other treatments. The fracture toughness JIC value was measured to 6.2 
kN/m for the IQ-treated steel and 3.9 and 3.6 for the austempered and QT steels respectively.  

A similar heat treatment methodology, the quenching and partitioning treatment was 
introduced in the beginning of the 21st Century by a research group at Colorado School of 
Mines. After the quenching to a temperature between Ms and Mf the steel is either held at the 
same temperature or heated to a temperature below or above the Ms temperature. A 
prerequisite for this treatment is to include elements such as Si or Al to hinder the carbide 
formation in the steel. A constrained paraequilibrium (CPE) will be reached in the steel in 
which the carbon content in austenite will reach a chemical equilibrium with that in 
martensite and or ferrite phases formed in the steel [Speer et. al 2003 and 2004]. The low 
temperature at which the partitioning is performed does not allow a diffusion of the lattice 
atoms and this leads to the CPE state of the alloy. Fig. 5 shows a schematic diagram with the 
molar Gibbs free energy vs. composition with metastable equilibrium at a particular 
temperature between ferrite and austenite in the Fe-C system and two CPE conditions that are 
possible after partitioning treatment of a steel containing carbide suppressing elements. 

a b 

Fig. 5. Gibbs free energy diagram over metastable equilibrium, at a specific temperature, 
between ferrite and austenite. (a) Equilibrium and (b) two possible constrained carbon 
equilibrium conditions (I and II) [Speer et. al. 2004].  

The condition I is the carbon compositions for the ferritic and austenitic phases marked with 
broken-lines while the compositions for the phases for condition II is marked with dotted-
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lines. Chemical equilibrium is prevailing for the carbon from the two phases in each possible 
condition. These are marked with the tangent lines. The iron is not in an equilibrium state in 
the two phases at the temperature regarded.  

1.3.4 Increase of phase transformation rate 
Phase transformations consist of two distinct parts, nucleation and growth respectively. 
Nucleation is promoted by increased access to energy which can be thermal, mechanical or 
other forms of energy. Growth of a new phase is on the other hand supported by the ability 
for the atoms to be transferred from their initial positions to positions in which the energy of 
the system is lower in comparison with the initial state. The atomic movement depends on the 
diffusivity of the atoms in the lattice. The higher the temperature the higher the diffusivity 
will be. The phase transformation is described in a general manner in Fig. 6 below. 

 

Fig. 6. Schematic description of the nucleation, growth and total transformation rates when 
phase  transforms to phase . 

The highest transformation rate is achieved well above the temperature for the maximum 
nucleation rate and below the highest growth rate temperatures. If it is possible to separate the 
nucleation from the growth, and first promote the nucleation and after that the growth it 
would be possible to increase the total phase transformation rate. 

As mentioned in section 1.3.2, Ko and Cottrell found that if the steel was quenched to below 
Ms and then heated to above Ms, the bainite incubation time was reduced to one third [Ko & 
Cottrell, 1952]. Recent observations have confirmed this positive effect on the phase 
transformation rate. Yakubtsov and Purdy have shown that the transformation rate from 
austenite to bainite increases when the temperature is lowered towards the Ms temperature 
and it has its maximum just below the Ms temperature [Yakubtsov & Purdy, 2012]. The 
transformation rate from austenite to bainite can be accelerated if martensite is first formed in 
the austenite [Kawata 2009]. The bainite formation rate after the martensite formation is the 
same as if the same amount of bainite had been formed in the austenite before the final 
bainite formation [Smanio & Sourmail, 2011]. 
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1.4 Objectives 

As mentioned in the literature review high-Si containing steels have traditionally been used in 
different spring steel and impact resistant tool steel applications but not excessively in other 
applications even though investigations since more than 30 years have shown their favourable 
strength and toughness properties. The question functioning as an underlying driving force 
for the performed work has been:  

Although steels with ferritic-austenitic microstructures were proposed in the early 1980’s, by 
Sandvik and Nevalainen and Bhadeshia and Edmonds why have their field of applications 
been limited?  

The objectives of the work have been to some extent clarify the following problems regarding 
steels with mainly ferritic-austenitic microstructure. 

1. Is it possible by in-situ high-temperature XRD investigation during the 
austempering process to reveal information about the phase transformation and the 
microstructure that will be formed? 

2. How do different mechanical properties of mainly ferritic-austenitic steels depend 
on their microstructure? 

3. Can novel heat treatment methods be used in welding and in press hardening 
processes to enable the production of high strength steels? 

4. What applications could be relevant for fine grained steels with mainly ferritic-
austenitic microstructures? 

The steels with ferritic-austenitic microstructure are denominated as ausferritic or carbide 
free bainitic (CFB) steels in the literature and in this thesis both of these denominations are 
used.  

2 MATERIALS AND METHODS 
Steels and heat treatments used, as well as experimental methods applied in the research work 
are summarized in this chapter. Details of individual processes and tests are treated in the 
individual papers, which constitute the core of the thesis. 

2.1 Materials 

The different materials used are presented in Table 1. Steel denomination, composition and 
Ms temperature of the hardenable steels are given. Eight different silicon alloyed steels which 
enable the formation of ferritic austenitic microstructures without carbides have been used.  

The first two steels CR1 and CR3 are low carbon laboratory casts produced by Arcelor steel 
in Metz and thereafter hot-rolled and cold-rolled to a sheet thickness of 1.3 mm and used in 
press hardening experiments. Conventional hot-rolled spring steels containing silicon have 
been used in welding with use of QP in paper 2 and investigations of wear resistance in 
papers 5, 6 and 7. High carbon cast Si-alloyed steels have been used in in-situ high 
temperature XRD investigation of austempering process, paper 3 and 4 and in in-situ SEM 
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investigation of austenitic-ferritic steel structures, paper 8. Medium carbon steel was also 
used in the in-situ high temperature XRD investigation. 

In addition four other steels have been used for reference purposes. A quench and temper 
(QT) steel, a boron (B-steel) steel and a low carbon steel that was carburized were used in 
tests of sliding wear resistance, paper 5. The conventional 50CrV4 steel in quench and 
tempered (QT) state was used for comparison of rolling-sliding wear resistance of 
austempered high Si-steel with that of a QT-steel. 

Table 1. Steel denomination, chemical composition and Ms temperature for the steels used in 
different papers. 

No Paper  Denomination C  Mn  Si   Cr  Ni Mo Other Ms (oC) 
1. 1 CR1 0.15 2.01 1.45 0.62    400 
2. 1 CR3 0.26 2.02 1.47 0.62    322 
3. 2 55Si7 0.55 0.74 1.64 0.25 0.17  0.28 Cu 267 (1) 
4. 3,4 B Cast steel 1 0.83 0.47 2.15   0.36  195 (2) 
5. 4 A  0.32  1.54 1.45 3.29 0.29  0.1 V 316 (2) 
6. 5 25CrMo4 0.25        
7. 5 Boron-steel 0.22      0.003 B  
8. 5 Carburized 0.1        
9. 5,6 55Si7 0.56 0.84 1.9 0.19 0.11   265 (2) 
10. 6 50CrV4 0.50   1.2   0.1V 329 (2) 
11. 7 60SiCr7 0.60 0.75 1.7 0.35 0.12   257 (2) 
12. 8 Cast steel 2 0.72 0.38 2.11   0.32  237 (2) 
 

 

The Ms temperature for steels 1 and 2 are experimental values measured by dilatometry. For 
other steels the Ms temperatures are estimated with help of following expressions. 

Ms (oC) = 539 - 432C - 30.4Mn - 7.5Si + 30Al  eq 1 [Speer et.al. 2003] 

Ms (K) = 764.2 – 302.6C – 30.6Mn – 16.6Ni – 8.9Cr + 2.4Mo – 11.3Cu +8.58Co + 7.4W  

               – 14.5Si                eq 2 [Capdeville et.al. 2002] 

2.2 Heat treatments 

The two main heat treatments used in the different parts of this thesis are austempering in 
order to produce ferritic-austenitic microstructures and quenching and partitioning treatment 
(QP) in order to enhance the phase transformation rate in two different industrial processes, 
laser welding and press hardening respectively.  

Austempering treatments started with an austenitizing treatment above the A3 temperature 
and were followed by quenching to a temperature between 250 and 430 oC, see Fig. 7 for a 
schematic austempering cycle. The holding time at the austempering temperature was varied 
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according to the different tests performed. The samples have been cooled by air from the 
austempering temperature to room temperature except in Gleeble tests performed in paper 1 
in which it was performed by 5 oC/sec.   

 

 

Fig. 7. Schematic austempering cycle with isothermal holding at a temperature above the Ms 
temperature. 

In the different wear-tests and the in-situ SEM investigation have the samples been 
austenitized in a chamber furnace and austempered in a salt-bath furnace according to details 
presented in the different papers.  

The heating rate to austenite temperature, the holding time at the temperature as well as the 
cooling cycles to the austempering temperature have been adjusted to the different aims of 
the works presented.   

In the press hardening work, paper 1 Gleeble simulation tests were performed in order to 
optimize the press hardening cycle before the final tests with pressing of hat-profiles. 
Isothermal as well as QP treatments were performed of the 2 steels used. Isothermal tests 
were performed at Ms+30, Ms and Ms-30 oC for the two steels CR1 and CR3. The three 
austempering heat treatment cycles performed on steel CR1 at Ms +30oC are shown in Fig. 8.  

 

Fig. 8. Gleeble simulation of steel CR1, austempering performed at Ms +30oC. 
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Same treatments were performed for the CR3 steel, except that the Ms-temperature and the 
austempering temperatures differed in comparison with those of CR1 steel.  

The austempering treatment in the in-situ high-temperature XRD measurements was 
performed inside the goniometer in which a furnace was placed. The furnace consisted of 
Mo-heating sheets and the sample was placed on sample holder made of Mo. The 
austenitisation was performed by heating the sample to 900 oC and holding it at that 
temperature for 3 minutes before the austempering treatment. The furnace was evacuated to a 
pressure of 0.3 bar before heating in order to avoid oxidation. The samples were cooled to 
between 260 and 320 oC with help of nitrogen gas and the temperature was kept for 3 h. After 
the cooling was finished the chamber was evacuated to a vacuum of 0.3 bar. The special 
furnace used in these experiments is shown in Fig. 9.  

 

Fig. 9. Furnace used in the in-situ high-temperature XRD studies in paper 3 and 4.  

The quenching temperatures chosen in the different QP treatments performed were between 
the Ms and Mf temperatures. In the press hardening tests were two temperatures chosen, 
giving approximately 10 and 20 % martensite before the partitioning treatment. In the 
welding tests 211oC was chosen because it would give approximately 50 % martensite. The 
equation used for estimation of the martensite amounts is (eq 3) 

fm = 1- e-1.1*10-2*(Ms-Tq)   eq 3 [Koistinen & Marburger 1959] 

The partitioning temperatures in the welding tests in paper 2 were Ms-17, Ms+53 and 
Ms+83oC and the holding time was 90 seconds, see Fig. 10 for cycle with partitioning at Ms 
+53 oC. The partitioning temperatures chosen in the press hardening experiments in paper 1 
were Ms and Ms+30 oC and the times chosen were 0.5, 1, 5 and 15 minutes. Fig. 11 show the 
temperature time cycles for CR3 of the QP cycles for a quenching temperature of Ms-10 oC 
and partitioning temperature of Ms +30 oC.  
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Fig. 10. QP-cycle in welding with quenching temperature at 211 oC followed by partitioning 
at Ms +53 oC (320oC). 

 

Fig. 11. QP-cycles in Gleeble simulation of CR3 steel.  Quenching temperature of Ms-10 oC 
and partitioning temperature at Ms +30 oC. 

Other heat treatments performed for comparison of wear resistance of reference purposes 
used were quenching of the four different steels used in paper 5 in order to form martensitic 
structures, spheroidising the Si-alloyed steel in paper 5 by annealing at temperature just 
below the A1 temperature for 10 h:s and quenching and tempering of the low alloyed steel in 
the same paper. In addition laser surface hardening was performed in order to compare 
surface hardening with conventional QT treated steel and high-Si steel after austempering in 
paper 6.  

2.3 Material characterisation techniques  

Sample preparation for microstructure studies by light optical microscopy (LOM), scanning 
electron microscopy (SEM), XRD and in-situ high temperature XRD studies were performed 
by grinding the test samples step by step from 60 Grid- to 1200 Grid-paper, followed by 
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polishing in steps with 9 to 6 - 3 - 1 and 0.25 m diamond paste and for some samples also 
polishing with Silica-slurry with particle size of 0.05 m. This careful sample preparation 
procedure was performed in order to avoid influence from the wear caused by the grinding 
and polishing, in form of phase transformation of austenite to martensite, in the surface layer 
of the samples. This phase transformation could cause an influence on the XRD 
measurements caused by the penetration depth of x-rays which is estimated to between 15 
and 30 m.  

The etching has been performed with 2-4% Nital solutions. This method was chosen because 
the microstructure formed has a very fine structure and in order to get good resolution 
pictures, especially in the SEM investigations performed.  

2.3.1 Room temperature XRD study 
Two different XRD equipments have been used in the different papers for the room 
temperature XRD measurements. In the work with press hardening, paper 1, Siemens D5000 
XRD equipment has been used and it is equipped with a scintillation detector and Cu K  x-
rays have been used. In all other papers the XRD measurements have been performed with a 
Philips X’pert-MPD X-ray diffractometer. 

2.3.2 XRD in-situ high-temperature study 
A Philips X’pert-MPD X-ray diffractometer with a high-temperature diffractometer chamber 
HDK 2.4 was used to determine the volume fraction of austenite and carbon content in 
austenite. The in-situ XRD observations were done using a monochromatic Cu-K radiation 
at 40kV and 45mA. A PW3011/00 proportional rotating head anode diffractometer was used 
to scan the angular 2 range of 41.5-45.5°, scanning time of every peak was 3 min 28 sec 
(step 0.1°, time per step is 5 second). 

2.3.3 SEM-investigations 
A Jeol 6460-SEM has been used for microstructure investigations in the different papers. In 
Fig. 12 show the SEM and the tensile test unit used in the in-situ fracture behaviour 
observations in paper 8. 

2.3.4 Optical microscopy and microhardness measurements 
For the determination of the microstructure an Olympus Vanox-T microscope has been used. 
The microhardness measurements were performed with a Matsuzawa-MTX equipment. In 
Fig. 13 these both equipments are shown. 

2.3.5 Tensile testing 
The tensile tests have been performed according to the standard SS-EN ISO6892-1:2009, at 
Luleå University of Technology and by Gestamp Hardtech and Arcelor in paper 1 for the 
press hardened samples. The tensile tests performed are presented more in detail in the 
different papers. 
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Fig. 12. Jeol 6460-SEM and tensile test equipment used in the in-situ fracture behaviour 
studies. 

  

Fig. 13. Olympus Vanox-T optical microscope to the left and Matsuzawa-MXT 
microhardness measurement equipment to the right.  
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2.3.6 Wear testing methods 
Two different wear tests have been performed. Both have been performed at the Tribo-lab at 
Luleå University of Technology. The Cameron Plint reciprocating sliding wear test 
equipment was used for the sliding wear tests in paper 5. A RB-6/G20W SKF ball bearing 
ball with a hardness of 860 HV0.3 was used as the counterpart. Two different loads 20 and 300 
N were used in the tests in order to investigate different loading conditions. The pressure 
between the two surfaces was calculated with eq 4.  

P   = 0.388 ((FNE2) /R2) 1/3    eq 4. 

P   = Maximum normal pressure 

FN = Normal load 

E   = Elastic modulus 

R   = Radius of contact 

The pressure for the lower load of 20 N was calculated to 1.7 GPa and for the load of 300 N 
to 4.3 GPa. At the end of the tests the width of the worn track was approximately 1 mm 
giving a contact area of 0.75 mm2 and this area resulted in pressures of 25 and 400 MPa for 
the 2 loads used respectively.  

The rolling-sliding wear tests were performed with UTM 2000 Twin-disc machine. The 
relative sliding was chosen to 5 %, which was arranged by adjusting the velocity of the two 
samples to 100 and 95 rpm. This relative sliding motion was chosen in order 1) to increase 
the wear rate, in relation to pure rolling, to values that gives measurable wear in relative short 
time, 2) to not have too high sliding percentage in order to avoid a wear dominated by 
sliding, 3) to get a wear mode which can partially simulate the situation in applications 
subjected to rolling-contact fatigue. 

2.3.7 Gleeble testing 
The thermal simulation tests in paper 1 were performed at Oulu University of Technology. A 
Gleeble 1500 instrument was used. The heating is achieved by low-frequency alternating 
current and the temperature is controlled with help of a thermo-couple welded on the sample. 
A small zone with a controlled heating-cooling cycle is created in the samples and the 
microstructure and hardness of these zones have been studied in paper 1. 

2.3.8 Welding tests 
The welding experiments were performed in the laser laboratory at Luleå University of 
Technology. The mounting of thermocouple on the test-sample and welding of a test sample 
are shown in Fig. 14. The thermocouple was mounted 2 mm from the weld-center.   
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Fig. 14. Welding of a test sample (left) and test sample showing thermocouple mounted 2 
mm from the fusion line (right). 

Two different laser treatment methods were used for hardening of the samples in paper 6, a 
CO

2
-laser and an Nd-YAG laser respectively. The laser-parameters used are presented in 

paper 6. The equipment used for the laser hardening treatment is shown in Fig. 15. The 
samples for rolling-sliding tests were mounted on a chuck rotated by an electric engine. 

 

Fig. 15. Equipment used for laser hardening of samples for wear tests.  
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3 RESULTS 
The results of the individual papers are organized in three categories, thermal treatments, 
microstructure and properties. The main results and summarizing comparisons are presented 
in this chapter. In addition selected application oriented parts of the individual papers are 
summarized at the end of this chapter.  

3.1 Thermal treatments 

Austempering treatments were carried out and reported in all papers. In addition quenching 
and partitioning heat treatment has been used in paper 1 and 2 in the studies of press 
hardening and welding of medium carbon steel respectively. The heating rate to austenite 
temperature and the holding time at the temperature has been adjusted to the different aims of 
the different works presented. The main goal of the austenitizing of samples and components 
has been to ensure that a phase transformation to austenite is achieved. In all cases except 
heat treatment of CR1 steel tensile test samples in paper 1 for reference purposes, fully 
austenitic structures were achieved. Electron microscopy investigation of this sample showed 
that only  a minute amount of ferrite had been formed, caused by the relatively low carbon 
content of 0.15 and the low austenitisation temperature of 890 oC used.   

3.1.1 Austempering treatments 
The different austempering treatments reported in the individual papers have shown that very 
fine grained microstructures can be achieved by optimization of the temperature-time cycles 
of the process.  

The heating rate to austenite temperature, the holding time at the temperature as well as the 
cooling cycles to the austempering temperature have been adjusted to the different aims 
presented in the individual papers.    

In the press hardening work, paper 1, Gleeble simulation tests were performed in order to 
optimize the press hardening cycle before the final tests with pressing of hat-profiles. 
Isothermal as well as QP treatments were performed on the two tested steels. Isothermal tests 
were performed at Ms+30, Ms and Ms-30 oC.  

Different austempering times were tested on the basis of the dilatometric information with the 
aim of producing samples with different amounts of bainite and martensite. The results of the 
austempering tests were used for comparison of the hardness values with the final press 
hardening of hat-profiles.  

Two different austempering treatments were performed in the welding project, paper 2, the 
first aimed to produce a steel with a ferritic-austenitic microstructure without carbides, and 
the second was used in one of the welding trials in which a post-weld heat treatment was 
used.  

In papers 3-8 austempering treatments have been carried out in order to form ferritic-
austenitic microstructures in the steels used for the experiments.  

3.1.2 Quenching and partitioning treatments 
The main goal for the QP treatments in the press hardening experiments in paper 1 as well as 
in the welding experiments in paper 2 has been to shorten the processing time. This is to my 



28 

 

knowledge the first time that the QP treatment has been used with this purpose. In the press 
hardening work the goal was to shorten the time in comparison to conventional austempering 
treatment. In the welding tests the goal was to shorten the time for conventional pre- and 
post-weld heat treatments.  

The results in both cases are very good and the idea of using QP treatment for shortening of 
the processing time in different treatments will be practiced in many welding and material 
processing applications in the future.  

3.2 Microstructure 

The results of optical and SEM microscopy are presented together with the XRD and high 
temperature in-situ XRD measurements. 

3.2.1 Optical and SEM microscopy 
The different steels have been studied by optical and SEM microscopy. The microstructure in 
the austempered samples consists of very fine bainitic sheaves consisting of ferritic subunits 
surrounded with austenitic films. In some austempered samples also bulky austenite were 
detected. The QP treated samples have a more complex structure in which also tempered and 
un-tempered martensite can occur together with bainitic sheaves.   

3.2.2 XRD measurements 
XRD measurements of the worn surfaces in papers 5, 6 and 7 were performed and it was 
shown that austenite was transformed to martensite as a result of the wear it was subjected to. 
The austenite content of the steels subjected to austempering treatments at 250, 300 and 350 
oC in paper 7 was shown to increase with increasing temperature. The amount increased from 
about 12 to about 18 vol%.   

3.2.3 High temperature in-situ XRD measurements  
The high temperature in-situ XRD tests performed are unique and the main result of the work 
presented in papers 3 and 4 is that it is possible to perform in-situ measurements of the phase 
transformations during thermal treatments with this method. The method is cost effective in 
comparison to methods using synchrotron radiation or other high energy methods.  

The results from the measurements in paper 3 and 4 show that a new high-carbon containing 
austenite is formed together with the formation of ferrite. The lattice parameter of ferrite 
decreases during the first part of transformation and indicates that carbon trapped in ferrite is 
diffusing to the austenite. The carbon content of austenite decreases with lowering of the 
transformation temperature (Fig. 3 in paper 4), see also Fig. 16, while the lattice parameter of 
ferrite and by that the carbon content, increases with lowering of the temperature (Fig. 8 in 
paper 4). The comparison of the transformations for two different steels with 0.32 and 0.83 
wt% C reported in paper 3 shows that the lattice parameter of ferrite as well as the volume 
fraction of austenite and carbon content of austenite differs for the two steels at the 
temperature, 280 oC, at which the comparisons were made. The estimated mean particle size 
of the ferrite in relation to time showed that it remains constant and did not grow as a 
function of time. The thickness of the ferritic sub-units have been estimated to 17 and 22 nm 
for the two steels with 0.83 and 0.32 wt% C respectively, investigated in paper 3 based on the 
XRD results.   
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Fig.16. Carbon content in retained austenite after 2 h:s as a function of austempering temperature 
for 0.83 C steel in paper 4. 

3.3 Mechanical properties 

How the stabilized carbon-enriched austenite will influence different mechanical properties 
has been the main question in paper 5, 6 and 7 in which sliding- and rolling-sliding- wear 
resistance have been investigated. In paper 8 the main goal has been to study the fracture 
initiation and growth in this steel with fine grained ferritic-austenitic microstructure.   

3.3.1 Wear resistance 
The wear tests have proven that the stabilized austenite transfers to martensite on the surface 
of the steel by sliding and rolling-sliding wear as shown in Fig. 8 in paper 5, Fig. 4 in paper 6 
and Fig. 9 in paper 7. A second important finding is the increase of the surface hardness 
caused by the wear. This hardness increase is caused by the deformation strengthening 
mechanism in all steels tested but in addition gives the phase transformation from austenite to 
martensite an additional contribution to the hardness in the carbide free bainitic steels. This 
gives the CFB steels an excellent sliding and rolling-sliding wear resistance. The relationship 
for mass loss (also specific wear coefficient) as a function of hardness after wear is linear, as 
shown in Fig. 9 in paper 5. 

3.3.2 Fracture behaviour  
The in-situ SEM investigation of fracture behaviour revealed four different crack propagation 
paths.  

1. Along the boundary of two clusters or sheaves (or laths) of bainite.  

2. Along the ferrite-austenite boundary. 

3. Within ferrite sub-units. 

4. Within the bulky austenite grains after they have been transformed to martensite.  

Two special features can be identified among the observations, firstly that the crack 
propagation across the orientation of the ferrite/ austenite-film sub-units will cause a crack-
blunting effect which will increase the energy required for crack propagation. Secondly the 
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blocky-austenite grains will be weak points in the structure because of their ability to 
transform to martensite and by that creating a volume, which will not resist crack propagation 
and result in a cleavage fracture area. 

3.4 Application studies 

The work performed in papers 1, 2, 5, 6 and 7 have been application oriented. The main 
results have already been presented but the aim of this chapter is to emphasize some of the 
ideas and the results achieved in the work. 

3.4.1 Press hardenability 
The use of QP treatment has shown to increase the transformation rate of the material in 
comparison with conventional austempering.  The process is not as quick as conventional 
press hardening of boron steels but with regard to the necessary partitioning time for the 
process, the extra cost for heating and equipment investments should be accepted in industrial 
production because of the higher quality of the product. 

3.4.2 Welding of high strength steels with use of QP technique 
The experiments performed have shown that it is possible to steer the hardness in the fusion 
zone and the heat affected zone with use of QP treatment as a post-weld heat treatment. This 
technique is applicable to all high strength steels and should be suitable for all welding 
methods which are automatized and used industrially. The necessary adjustment of the 
process would be an addition of induction heating line segment in the process line. The 
process parameters can be optimized for each application and used in the process.    

3.4.3 Wear resistant applications 
The tests with use of spring steel with ferrite-austenitic microstructure in cutter blades for 
cutting of saw mill dust in paper 5, showed that the wear resistance was better in comparison 
with the carburized steel that is normally used. The laboratory tests of the sliding wear 
resistance also revealed that the ferrite-austenitic microstructure had better wear resistance 
compared with other steels with the same hardness level. The environment for the cutter 
blades contains also risk of high impact loads, which showed that the toughness was excellent 
for the blades produced.  

The sliding wear tests in paper 5 showed that the wear resistance of the ferrite-austenitic 
microstructure was almost as good as that of hardened carburized steel. The rolling-sliding 
tests performed in paper 6 revealed that the wear resistance of CFB steel was comparable 
with that of surface hardened QT steel. These steels are used in applications as gears. The 
possibility to replace surface hardened QT steel in applications subjected to rolling-sliding 
wear with austempered CFB steels is obvious.     
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4. DISCUSSION 
The discussion presented here follows the three different areas of the thesis; investigation of 
novel heat treatment techniques, investigation of the bainite formation process and study of 
different mechanical properties. In addition the objectives presented in section 1.4 are used as 
assisting background for the discussion.   

4.1 Heat treatment  

The austempering treatments at different temperatures and time periods as well as the 
different QP treatments in paper 1 resulted in expected differences with respect to hardness. 
The most exiting result described in this paper and also presented in paper 2 with the use of 
QP treatment in the laser welding was the strong effect on shortening of the processing time 
in order to achieve targeted hardness values with a combination of strength and toughness. In 
the press hardening tests the time was reduced from about 10-15 min to about 1-5 min for the 
targeted hardness values and in the welding trials quenching to a temperature giving 50 % 
martensite followed by a partitioning treatment at 350 oC for 1.5 min resulted in a hardness 
slightly higher in comparison with a conventional post-weld heat treatment that lasted 30 min 
at 300 oC.  

In the optimization trials to find the best QP treatment parameters based on the Gleeble 
simulation in paper 1 time-diffusivity calculations were performed. The results showed that 
the hardness of the final press hardened components were slightly higher (5-10 HV) than the 
hardness of the Gleeble simulated samples. A possible explanation is that the deformation of 
the material in the pressing of the final components will lower the Ms temperature of the steel 
and by that the final hardness and micro-structure. Literature information shows that the Ms 
temperature is lowered if deformation of the steel is performed in the austenitic state between 
550 and 900 oC [Abbasi, Saeed-Akbari & Naderi 2012].  

Spring steel with medium high carbon content was used in the welding experiments. Spring 
steels are normally not welded but the experiments show that the methodology works and that 
it could be used for high strength hardenable steels in general. One difficulty with high 
strength steels is the ease with which martensite is formed in the fusion zone and the HAZ. 
This threat to the strength properties of the steels can be minimized by using this QP 
technique in the welding process. This technique can be utilized in welding processes in 
which the process parameters can be controlled in detail. Many manufacturing lines are using 
robotized welding procedures which will be able to comprise the technique.  

The technique should be tested on other high-strength steels and process variables should be 
controlled in more detail. In addition tensile strength and impact tests should be performed to 
control the mechanical properties of the welds.  

4.2 Bainite formation process 

The in-situ high temperature XRD measurements showed that the lattice parameter of the 
bainitic ferrite decreased during the beginning of the transformation; see Fig. 5 in paper 3 and 
Fig. 8 in paper 4. The estimated mean particle size d which describes the thickness of the 
ferritic laths in bainite, was shown to be constant during the transformation, see Fig. 6 in 
paper 3. Both these results indicate that the ferrite growth during the early stage of the 
transformation is not a “diffusive” mechanism. The scanning periods were 3 min 28 sec and 
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this implies that the measured result is an average over the period. It is interesting to note that 
the lattice parameter of the ferrite decreases during 500 to 1000 seconds in the measurements. 
With modern XRD equipment and detectors the scanning periods can be decreased to a few 
seconds and by this it would be interesting to study if the lattice parameter of ferrite is larger 
than in the measurements performed in paper 3 and 4. Another interesting result achieved is 
the decrease of the carbon content of the retained austenite with lower austempering 
temperature in paper 4, see Fig. 16. According to Fig. 15 the carbon content should increase 
instead when the temperature is decreased. One possible explanation to this is that the 
diffusivity of carbon will decrease as the temperature is decreased.  

The information received by XRD measurements is information over certain time period and 
gives an average value for a certain area. Other methods such as atom probe tomography can 
be used to study the element concentration within grains of the different phases [Caballero 
et.al 2007]. One special benefit with the in-situ high temperature XRD technique presented in 
papers 3 and 4 is that it gives the possibility to perform isothermal transformation studies at 
different temperatures with the resulting phases as the measured entity. If this technique is 
developed it should be possible also to follow continuous cooling cycles and detect the 
phases formed during these cycles. These measurements are normally performed with use of 
dilatometric equipment by which the volume and length changes can be registered. The use 
of XRD technique would refine the TTT- and CCT-studies. 

4.3 Mechanical properties 

The main focus in the investigation of mechanical properties has been to study the wear 
resistance of steels with ferrite-austenitic microstructures. The comparison of the sliding wear 
resistance of ausferritic-(CFB-) steels in paper 5 with ferrite-austenitic microstructures with 
other microstructures and especially the QT structure with same hardness showed better 
results for the ausferritic-steel structures. The austenite to martensite transformation in 
ausferritic-steels increases the wear resistance considerably. The wear resistance was found to 
have a linear relationship with the surface hardness after wear and this finding indicates that 
an increase in the hardness of the bainitic ferrite and an increase of the amount of retained 
austenite would result in better wear resistance.  

The most interesting finding of the rolling-sliding wear tests presented in paper 6 is that the 
wear resistance of the ausferritic steel is comparable with that of surface hardened QT steel. 
Surface hardened QT steels are used in different applications subjected to rolling sliding, as 
gears and splines. These results show that it should be possible to replace surface hardened 
QT steels with austempered ausferritic steels in these applications.  

Paper 7 confirms previous results that a refining of the structure gives better wear resistance. 
The measured austenite content increases with higher austempering temperature but the 
hardness increase achieved by the higher amount of martensite achieved at the surface does 
not improve the wear resistance in comparison with samples austempered at lower 
temperatures because the hardness of the ferrite in those samples had increased more. The 
base material hardness increases from 410 HV to 627 HV when the austempering 
temperature is decreased from 350 to 250 oC. 

The in-situ fracture study presented in paper 8 has revealed four different crack propagation 
paths in an ausferritic structure. The most important observations in this study are that the 
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fine lamellar structure causes a crack-blunting effect for the propagating crack and secondly 
that the occurrence of blocky non stabilized austenite will give weak points in the structure.  

The mechanical properties of ausferritic and multiple-phase steels make them very suitable 
for a variety of applications, as indicated in the following part. 

4.4 Application of ausferritic steels 

The question stated in the introduction, why have their (steels with ferrite-austenitic 
microstructures) field of applications been limited, could be reformulated and stated as in 
which applications can it be interesting to use steels with ausferritic microstructures? 

The main results achieved from the different experiments show that the steels with a ferritic-
austenitic microstructure have excellent sliding and rolling–sliding wear resistance. Possible 
applications for these steels are rail-wheel contacts, gears, splines and other components 
which are subjected to these forms of wear suffer. The excellent wear resistant properties of 
ferrite-austenitic steels can most probably be used also in applications subjected to other 
forms of wear.  

The tensile strength values in paper 1 can be compared with strength properties for existing 
DP, TRIP and martensitic low carbon containing steels. Fig. 17 shows a compilation of yield 
strength, tensile strength and elongation after fracture of existing DP and martensitic steels 
produced by SSAB together with TRIP steels produced by Thussen-Krupp, Arcelor and 
Voest Alpine and with the boron steel and the novel CFB steels tested in paper 1.  

The carbon content in these steels is below 0.26 wt%. It can be observed that the ductility of 
the CFB steels is slightly higher in comparison to the other steels. The strength properties are 
high and comparable with the martensitic steels. It should be emphasized that the CFB-steels 
tested are laboratory casts which have been hot and cold rolled. The degree of reduction is 
smaller in comparison with industrially produced steels. The steels produced in laboratory 
results probably in lower strength properties in comparison with industrially produced steels.  

A comparison between medium carbon containing CFB and QT steels is shown in Fig. 18. 
Conventional QT steels from Ovako with 0.25-0.34 wt% C together with 4340 QT steels 
conventionally hardened and also hardened after hot forging at 900 oC and in both cases 
tempered at 375, 425 and 540 oC are compared with CFB-steels with carbon contents 
between 0.2 and 0.4 wt%.  

The ductility of the CFB steels is considerably higher in comparison with that of the QT 
steels. The yield and tensile strengths are comparable with or better than that of the different 
QT steels. The carbon content is similar for the steels 0.2-0.4. 

The tensile test properties of new very fine grained ferrite-austenitic steels developed in an 
European research project are shown in Fig. 19 together with values for a conventional 
100Cr6 bearing/tool steel [Sourmail et al. 2012]. The carbon content in the ferritic austenitic 
steels is between 0.6 and 1.0 wt %. The results for these high carbon containing steels show 
once again that the steels containing a fine grained ferrite-austenitic microstructure have 
better ductility in comparison with conventional, in this case conventional bainitic steel. 
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Fig. 17. Yield strength, tensile strength and elongation after fracture values of conventional 
DP-, TRIP-, B- and martensitic-steels together with new CFB steels presented in paper 1.  

 

 

 

Fig. 18. Yield strength, tensile strength and elongation after fracture values for QT steels, 
4340-QT steels tempered at 100, 152 and 267 oC, hot forged 4340* steels tempered at same 
temperatures and CFB steels with 0.2-0.4 wt % C [Ovako, Tomita 1991, Caballero 2006, 
Putatunda 2009, Zhang 2008, Bhadeshia 1983b].  

 

 

 

 

Fig. 19. Yield strength, tensile strength and elongation after fracture of new nanobainitic 
steels and for conventional bainitic bearing steel 100Cr6 steel [Sourmail et al 2012]. 
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The thickness of the laths for the steels which were austempered at temperatures between 220 
and 270 oC was below 50 nm. The wear resistance of these steels were superior in 
comparison with conventional bainite as in 100Cr6 and other reference steels with bainitic, 
pearlitic and also ausferritic steels austempered at higher temperatures. If the beneficial 
strength-ductility properties are added to the very good wear resistance properties is it 
possible to see the potential of the ausferritic steels.  

To summarise the discussion of possible applications for ausferritic (CFB) steels it can be 
stated that these steels are suitable for applications in which their excellent yield and tensile 
strength values together with the high ductility and toughness values can be utilized. The 
work performed has shown that for applications in which the properties mentioned should be 
combined with very good sliding wear resistance or very good rolling-sliding wear resistance 
CFB steels would be a suitable choice. In addition, the work performed has shown that CFB- 
steels can be press hardened by using of the QP technique presented. A development of the 
technique and alloy compositions will probably improve the final properties even more and 
make the use of these steels and modern press hardening technique a competitive alternative. 
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5. GENERAL CONCLUSIONS AND FUTURE PROSPECTS  
The work presented in this thesis has shown that the fine grained carbide free microstructures 
created by austempering and by quenching and partitioning treatment of high silicon 
containing steels show favourable properties with regard to strength and ductility for low 
carbon steels, high sliding- and rolling-sliding-wear resistance for the tested steels with 
medium carbon content. 

The application of quenching and partitioning technique in order to enhance the phase 
transformation rate and by that decreasing the processing time in press hardening and laser 
welding in comparison with traditional techniques has resulted in a very successful 
improvement in the thermal treatments of ausferritic (CFB) steels. The results of the 
combined heat-treatment techniques present novel knowledge, which has not been reported 
before.  

The in-situ high temperature XRD technique used in the investigation of austempering 
reactions have shown to be an effective method for revealing time dependent transformations 
in steels. The technique used for the quick cooling of the sample in the furnace placed in the 
goniometer is unique and has not been reported elsewhere.  

The results show that steels with carbide free bainitic microstructures have a potential for 
applications in which strength and toughness is combined with: a) good wear resistance, b) 
high ductility of the material, c) high energy absorption ability, d) weight reduction of 
components and products. 

The results of the special quenching and partitioning technique used in laser welding shows 
that this technique has a great potential to be used also for welding of other high strength 
steels. This implies that it will be possible for designers to regard steels with higher carbon 
contents in components and products for which the limited weldability has given limitations 
to the choice of possible steels. 

Cast steels as well as hot and cold rolled steels have been used in the different individual 
papers presented. In addition laser welding and laser hardening of steels with CFB steels have 
been studied. The hierarchical system for metal processing methods presented in Fig. 20 
shows different primary processing and secondary operation methods. The methods that have 
been investigated have grey colour and those which have not been investigated are textured. 
Each primary processing method has several sub-methods and the number of possible 
different secondary operations is large. In the coming decade the activities aimed at 
improving and specifying properties of ferritic-austenitic steels will increase and in addition 
to the basic primary processing methods more research will concentrate on modifying 
secondary operations to make steels with precisely defined properties, tailored for defined 
applications. 
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Fig. 20. Hierarchical system for metal processing methods. The methods investigated in this 
thesis are coloured grey. Methods that have not been tested are shown textured.  
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Black smith Ilmarinen and Lemminkäinen in Kalevala, the national saga of Finland. 
Theatrical performance by Kirput, Umeå, 2001. Tapio Tamminen as Lemminkäinen 
and Pentti Wuorinen as Ilmarinen. 
 

9th Poem  
‘Ilmarinen thus made answer: 

“I will take thee from my furnace, 
'thou art but a little frightened, 
thou shalt be a mighty power, 

thou shalt slay the best of heroes, 
thou shalt wound thy dearest brother.' 
‘Straightway Iron made this promise, 
vowed and swore in strongest accents, 

by the furnace, by the anvil, 
by the tongs, and by the hammer, 

these the words he vowed and uttered: 
“Many trees that I shall injure, 

shall devour the hearts of mountains, 
shall not slay my nearest kindred, 
shall not kill the best of heroes, 

shall not wound my dearest brother; 
Better live in civil freedom, 

happier would be my life-time, 
should I serve my fellow-beings, 

serve as tools for their convenience, 
than as implements of warfare, 

slay my friends and nearest kindred, 
wound the children of my mother.' 

 
translated by J. M.in Crawford 1888 

http://www.sacred-texts.com/neu/kveng/  
2012-11-18.  

 9:s Runo 
’Sanoi Seppo Ilmarinen: 
”Jos otat sinun tulesta, 
ehkä kasvat kauheaksi, 
kovin raivoksi rupeat, 
vielä veistät veljeäsi, 
lastuat emosi lasta. 

’Siinä vannoi rauta raukka, 
vannoi vaikean valansa, 

ahjolla, alasimella, 
vasaroilla, valkkamilla; 
sanovi sanalla tuolla, 

lausui tuolla lausehella: 
”Onpa puuta purrakseni, 
kiven syäntä syöäkseni, 
etten veistä veikkoani, 

lastua emoni lasta. 
Parempi on ollakseni, 

eleäkseni ehompi 
kulkijalla kumppalina, 
käyvälla käsiasenna, 

kuin syöä omaa sukua, 
heimoani herjaella.” 

 
E. Lönnroth. Kalevala. (1835) 27th edition. 

Suomalaisen Kirjallisuuden Seuran toimituksia 14. 
Länsi-Savo Oy Mikkeli, 1985. 

ISBN 95171738
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Abstract 

Hot forming combined with austempering and quenching and partitioning (QP) processes have been 
used to shape two cold rolled high silicon steel sheets into hat profiles. Thermal simulation on a 
Gleeble instrument was employed to optimise processing variables to achieve an optimum 
combination of strength and ductility in the final parts. Microstructures were characterized using 
optical and scanning electron microscopy and X-ray diffraction. Tensile strengths of 1190 and 1350 
MPa and elongations after fracture (A50mm) of 8.5 and 7.4%, were achieved for the two high-silicon 
steels having 0.15 and 0.26 wt% C, respectively. Preliminary results show that press hardening 
together with a quenching and partitioning heat treatment is an effective method of producing 
components with high strength and good residual ductility from steels that have the potential for 
carbide free bainite formation. The QP treatment resulted in faster austenite decomposition during 
partitioning in the steels in comparison with an austempering treatment. 

Introduction 

Press hardening of boron alloyed steels has been used since the 1980s [Berglund 2008] to produce 
beams, pillars and safety-related components for cars [Jonsson 2008]. A six-fold increase in the 
adoption of the technique for component production is expected between 2006 and 2015 [Karbasian 
and Tekkaya 2010]. Strength levels achievable in boron steels are considered excellent (Rm

MPa) but residual ductility is often limited (A50 mm %) as a result of the high martensite content of 
the microstructure [Fan et al. 2009]. Taylor-welded blanks and differentiation of heat treatment are 
methods that can be used to tailor the properties in different parts of a component [Steinhoff et al. 
2009] and optimise the properties in different parts of a component. Ductility and toughness may be 
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enhanced in steels with the formation of carbide free bainitic (CFB) microstructures by the 
austempering process or subjecting them to a quenching and partitioning (QP) thermal treatment as 
described below. CFB can be created in steel contacting 1.5-3 wt% Si and or Al, if austempered 
because the Si and or Al additions hinders the carbide formation in the steel structure. CFB 
microstructures comprise mainly of fine laths of bainitic ferrite and stabilized austenite having high 
carbon content [Caballero et al. 2006 and 2009 ] and in some cases also martensite  [Putatunda et al. 
2009]. Likewise the QP treatment first described by Speer et al. [2003] also facilitates a fine grained 
microstructure comprising essentially of martensite, bainitic ferrite, high carbon austenite [De Moore 
et al. 2011] and in some cases also carbides [Li et al. 2010]. Properties typical of these advanced high 
strength steels are shown in Table 1. 

Table 1. Typical mechanical properties of austempered and quenching and partitioned (QP)         
boron (B) and carbide-free bainitic (CFB) steels. 

 Steel (wt% C) Rp0.2 (MPa) Rm (MPa) A (%) Reference 

B steel (0.22) 1010 1480 6  Naderi 2007 

CFB (0.2) 950 1020 19 Zhang 2008 

CFB (0.2) 1180 1360 7 Putatunda 2011 

QP (0.2) 1200 1400 12 De Moor 2011 

CFB (0.3) 1028 1800 11 Caballero 2006 

QP (0.3) 1100 1500 15 De Moor 2011 

CFB (0.4) 1250 1400 12 Putatunda 2009 

QP (0.4) 1400 1750 14 Li 2010 

 

One of the benefits of the existing direct press hardening process applied to boron steels is the 
combination of rapid forming and quenching of the component in the pressing tool. During 
austempering austenite is isothermally transformed into bainite at a temperature above the 
martensite start temperature (Ms) for a time long enough for complete austenite decomposition. 
However, the slow kinetics of the austenite to bainite transformation has limited the use of 
austempering process in press hardening for component production. In the QP process the steel is 
quenched to a temperature between the start (Ms) and the finish (Mf) of martensite reaction and 
subsequently either held at the quenching temperature or heated to just above or below Ms to 
facilitate partitioning of carbon into austenite from both the supersaturated martensite formed after 
quenching and/or from the bainite formed during the partitioning step of the process. The phase 
transformation rate has been shown to increase when the austempering temperature is lowered 
towards the Ms temperature and to have its maximum just below the Ms temperature [Yakubtsov 
and Purdy 2012]. It has also been shown that the transformation rate from austenite to bainite can 
be accelerated if martensite can be created in the austenite [Kawata et al. 2009] but the bainite 



3 

 

formation rate after the martensite formation is the same as if the same amount of bainite (as 
martensite) had been in the austenite before the final bainite formation [Smanio and Sourmail 2011]. 
Utilization of the QP heat treatment thus provides the possibility to shorten the production cycle 
time. Press hardening with a QP treatment of boron steel has recently been shown to improve the 
ductility of the steel but with a loss in yield strength [Liu et al. 2011], as compared to values of 
conventional press hardening of 22MnB5 steel.  

The aim of this work was to produce components having properties equal with or better than 
conventional press hardened boron steels, within a reasonable processing time. Various thermal 
treatments following the forming stage were investigated to achieve a fine multiphase 
microstructure. The quench stop temperature in the die was identified as a variable of interest along 
with the furnace temperature and holding time in the heat treatment. Two variants of quench stop 
temperature were investigated, above and below Ms. A quench stop below Ms allows a small amount 
of martensite to form prior to bainite transformation, thereby increasing the number of possible 
nucleation sites for bainite and its rate of formation [Kawata et al. 2009]. Both isothermal heat 
treatment above and below Ms and QP were investigated using thermal simulations for two cold 
rolled Fe-(0.15 and 0.26)C-1.5Si-2Mn-0.6Cr alloys. This paper reports promising mechanical 
properties after press hardening experiments to produce hat shaped profiles using QP heat 
treatments for high-silicon steels, in comparison with those of commercial 22MnB5 profiles. The 
effect of using QP treatments on austenite decomposition kinetics is also studied. 

Materials 

Two laboratory heats of 60 kg, coded here as CR1 and CR3, were produced in a vacuum induction 
furnace under an inert atmosphere. Alloying elements were added in sequence to pure (>99.9%) 
electrolytic iron. Carbon deoxidation was performed and an analysis of C, S, N, O was made on line 
during the final adjustment of the composition. Sectioned 40 mm thick plates were hot rolled to a 
final thickness of 3 mm in several passes finishing at 900 oC. The 3 mm thick strips were then cold 
rolled to blanks with a thickness of 1.3 mm. Table 2 shows the chemical compositions of the 
experimental steels determined by optical emission spectroscopy, and the critical transformation 
temperatures Ms and Ac3, determined by high resolution dilatometry. Table 2 also shows the times 
required to complete bainitic transformation, determined by dilatometric analyses at temperatures 
at and above Ms. If isothermal treatment takes place at a temperature at or below Ms, athermal 
martensite forms before the isothermal transformation starts.  

Table 2. Composition (wt%), experimentally measured Ms and AC3 temperatures and      
experimentally determined bainite formation time (tBf) at a given temperature (TB). 

Steel C  Mn  Si   Cr  Ms (oC) AC3  (oC) TB (oC) tBf (min) 

CR1 0.15 2.01 1.45 0.62 400 895 400 7.7 

CR3 0.26 2.02 1.47 0.62 322 853 350 23.1 
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Methods 

Gleeble thermal simulation 

Temperature-time cycles for various press hardening routes were simulated using a Gleeble 1500 
instrument. Flat specimens with dimensions 1.3 x 10 x 70 mm were subjected to thermal cycles that 
produced a uniform heat-affected zone several mm in width. Thermal cycles were designed to 
simulate two industrial processing routes in which the following sequence is used: i) austenitisation; 
ii) forming (at a specified temperature); iii) quenching to a specified temperature to simulate either 
an austempering treatment above the Ms temperature or a QP process below the Ms (at which a 
certain amount of martensite forms); iv) cooling of the austempering samples to a specified 
temperature or increasing the QP samples to a specified temperature both above Ms respectively, 
and holding at the specified temperature to transform, some or all of, the remaining austenite into a 
fine bainitic structure; and v) cooling to room temperature (after the transformation is complete or a 
fraction of transformation is achieved). The Gleeble simulations performed in this work did not 
include blank deformation, i.e. step ii) in the treatment. 

All specimens were first heated to 930 oC at a rate of 5 oC/s and held for 60 s before cooling with a 
rate of 20 oC/s to 770 oC. Two different groups of heat treatment were then performed: 

i. Austempering: Quenching to temperatures above Ms followed by holding at Ms, Ms +30 oC 
and Ms -30 oC for 5, 10, 15 and 25 min.  

ii. QP process: Quenching to temperatures corresponding to Ms -10 oC and Ms -20 oC followed 
by heating to and holding at Ms and Ms +30 oC for 0.5, 1, 5 and 15 min.  

Following the heat treatments, samples were cooled to room temperature at a rate of 5 oC/s. The 
amount of athermal martensite formed in the QP process at temperatures of Ms -10 oC and Ms -20 oC 
was estimated to be 10 and 20 vol%, respectively using the Koistinen-Marburger equation [Koistinen 
and Marburger 1959]. 

Press hardening trials of hat shaped profiles 

Blanks with dimensions 1.3 x 70 x 150 mm were cut from cold rolled sheets, heated in a furnace to 
930 oC and held for 4 min, and then transferred to the tooling within 9 s. The dies were preheated to 
enable the blank temperature to be controlled during forming and quenching of the hat profile. The 
dies were closed in 2.5 s and the blanks cooled in the dies for 8 s to a temperature corresponding to 
Ms -10 oC. The blanks were then transferred to a second furnace within 11 s and held at Ms +30 oC for 
5 min before air cooling to room temperature. The temperature was measured using thermocouple 
welded to the blank.  Typical time-temperature curves are shown in Fig. 1. Six hat profiles were 
produced from steel CR1 and five from CR3.  
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Fig. 1. Typical time temperature curves during press hardening of hat profiles. 

Characterisation 

Microstructural examinations were performed using light optical microscopy (LOM) and scanning 
electron microscopy (SEM). X-ray diffraction (XRD) measurements were made to establish the 
volume fraction of austenite present in the microstructures of the hat profiles.  

Vickers hardness was measured on the Gleeble specimens using a load of 0.5 kg. A load of 2 kg was 
used for the hat profiles in which the hardness was determined at 5 positions - top, side walls 1 and 
2, and flanges 1 and 2 - as shown in Fig. 2.  

 

Fig. 2. Schematic view of hat shaped profile, after press hardening operation.   

Tensile tests were carried out according to the standard EN ISO 6892-1:2009. One test specimen was 
laser cut from the top surface of each press hardened hat shaped profile. Reference measurements 
were performed on isothermally heat treated samples for both steels but with a gauge length of 25 
mm instead of 50 mm. Steel CR1 was soaked at 400 oC for 15 min and steel CR3 at 350 oC for 30 min 
following austenitisation at 890 oC for 100 s. In principle this temperature does not imply complete 



6 

 

austenitisation of steel CR1 (with an Ac3 temperature of 895 oC): electron microscopy of a sample 
quenched from 890 oC revealed the presence of a minute quantity of intercritical ferrite. 

Results 

Microhardness results of Gleeble-treated samples are plotted in Figs. 3 and 4. Fig. 3 presents data for 
samples that experienced a quench stop above Ms (i.e. austempering treatment) and Fig. 4 shows 
data for samples with a quench stop below Ms (i.e. the QP treatment). The times for bainite 
formation at Ms for steel CR1 and at Ms +30 oC for steel CR3 are given in Table 2. These values were 
determined by dilatometric measurements. The hardness values for fully bainitic structures were in 
the ranges 370-410 HV for steel CR1 and 450-470 for steel CR3 as measured from the dilatometric 
test samples. The hardness values of the Gleeble-treated samples in Fig. 3 lay in the ranges for fully 
bainitic structures. The effect of holding time on hardness remains unclear for steel CR1 after 
isothermal transformation, but the lower the holding temperature the higher the hardness. All 
hardness values of steel CR1 lay close to the expected values for bainitic structure, Fig. 3. For steel 
CR3, longer holding times (10-25 min) gave results expected for a bainitic structure, whereas the 
shortest (5 min) holding time produced a hardness value that exceeded that expected, most likely a 
result of untempered martensite, Fig. 3. 

 

Fig. 3. Hardness (HV0.5) of steel CR1 and steel CR3 after die quenching with a cooling stop above Ms 
followed by isothermal heat treatment for various times at temperatures relative to Ms as indicated. 

 

Fig. 4. Hardness (HV0.5) of steel CR1 and steel CR3 after die quenching with a cooling stop below Ms 
followed by isothermal heat treatment for various times at temperatures relative to Ms as indicated. 
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Die quenching with a cooling stop below Ms followed by isothermal heat treatment resulted in the 
expected bainite hardness for all CR1 specimens, Fig. 4. For steel CR3 the shortest holding time (0.5 
min) appears to be insufficient for complete bainite transformation (Fig. 4) whereas a longer holding 
time led to the expected bainite hardness. Isothermal heat treatment at Ms appears to require a 
slightly longer time than the transformation at Ms +30 °C. No appreciable difference can be seen 
following quenching to Ms -10 °C or Ms -20 °C. For the die quenching and post heat treatment process 
the initial formation of martensite appears to shorten the time required for bainite transformation 
noticeably. There are also indications that bainite transformation is more rapid at a holding 
temperature of Ms +30 °C than at Ms. The process variant selected for further investigation was die 
quenching to Ms -10 °C and subsequent post heat treatment at Ms +30 °C for 5 min before cooling to 
room temperature. The microstructures of steels CR1 and CR3 after Gleeble simulation by quenching 
to Ms -10 oC followed by holding at Ms +30 oC for 5 min are shown in Fig. 5. Both microstructures 
consist of bainite and tempered martensite.  

  

a) b) 

Fig. 5. Scanning electron images of steel CR1 (a) and steel CR3 (b). Both samples 
quenched to Ms - 10 oC followed by holding at Ms + 30 oC for 5 min.

Temperature measurements from the pressed hat profiles showed that latent heat of transformation 
is released during the formation of martensite. Some latent heat was also observed during the 
bainite transformation, see Fig. 1. However the targeted quench stop temperatures were achieved to 
within 10 oC. For most of the trials, the partitioning temperature was set lower than the targeted 
temperature (Ms +30 oC) to account for the latent heat generation and the corresponding increase in 
temperature. The highest temperatures caused by latent heat generation were Ms +60 oC. The 
targeted temperatures were achieved after approximately 5 min of isothermal holding. This was the 
case for the CR1 steel profiles, however the partitioning temperature for CR3 steel profiles were 5-15 
oC lower than the target value.  

LOM micrographs of the microstructure obtained at the top of the profiles in CR1 and CR3 steels are 
shown in Fig. 6. Both microstructures appear to comprise predominantly bainite.  
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a) b) 

Fig. 6. Optical micrographs from the top surfaces of hat profiles in a) steel CR1 and b) steel CR3. 

Typical SEM images from hat profiles are displayed in Fig. 7. It is seen that the microstructure 
comprises multiple phases such as a fine mixture of lath-like ferrite, retained austenite and some 
slightly tempered martensite, and possibly also untempered martensite formed during the final 
cooling.  

  

a) b) 

Fig. 7. Scanning electron micrographs from the top surfaces of hat profiles in a) steel CR1 and b) steel 
CR3.  

The volume fraction of austenite was determined by analysis of X-ray diffraction data using two 
samples of each material. Accordingly, steel CR1 contained about 12% austenite and steel CR3 about 
17%.  Hardness values at different positions on the hat-shaped profiles (Fig. 2) are shown in Fig. 8.  
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a)  b) 

Fig. 8. Hardness (HV2) at various positions in hat profiles, according to Fig.2, made of steel CR1 (a) 
and steel CR3 (b). 

The average values of three measurements at each position are presented. The expected hardness 
values for bainite were reached at all sites in the specimens of steel CR1, except for flange 1. This is 
presumably caused by slower cooling in that part of the die, which results in ferrite formation. For 
steel CR3 the hardness values lie between 455 and 475 HV2, which are close to the expected 
hardness of bainite  450-470 HV) for this steel, as measured on isothermally treated samples. A 
few specimens showed even higher hardness, up to 488 HV2. It can be seen that the part with the 
lowest quenching stop temperature, CR3-5, has the most uniform hardness, Fig. 8. 

Tensile properties were determined from the top sections of all the manufactured hat profiles. 
Tensile stress-strain curves are shown in Fig. 9 together with one curve for uncoated commercial 
boron 22MnB5 steel currently used for press hardening. Numerical results are listed in Table 3.  

 

Fig. 9. Tensile test curves from steels CR1 and CR 3 shown alongside one curve for steel 22MnB5. 
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Table 3. Average tensile test properties of isothermally austempered steels (CR1 at 400 oC,                 
15 min and CR3 at 350 oC, 30 min) and QP-processed hat profiles of CR1 and CR3 steels. 

Specimen Rp0.2 (MPa) Rm (MPa) A (%) 

CR1 isothermal  853 ± 21 1146 ± 11 15.8 ± 0.3 

CR1 hat profile 806 ± 81 1190 ± 10 8.5 ± 0.9 

CR3 isothermal 1114 ± 12 1445 ± 10 12.2 ± 1.4 

CR3 hat profile 1072 ± 36 1350 ± 54 7.4 ± 1.2 

 

The targeted yield (1000-1300 MPa) and tensile (1400-1700 MPa) strength values were not achieved 
in the CR1 steel. The CR3 steel with 0.26 wt% C achieved the targeted yield strength (1036-1093 
MPa) but the tensile strength was still below the target (1323-1404 MPa). The elongation after 
fracture for both steels (average values for CR1 of 8.5% and CR3 of 7.4%) was high, and better than 
the targeted value of A50mm> 5%. The measured elongation after fracture value was 4.9% for the 
tested 22MnB5 reference steel, which agrees with values found in the literature, see Table 1. 
Furthermore tensile tests were performed on sheets subjected to isothermal treatments, CR1 at 400 
oC for 15 min and CR3 at 350 oC for 30 min to obtain reference values for bainitic structures of the 
steels. The elongation after fracture was larger for these samples in comparison to the hat profiles 
(CR1: 15.8% and CR3:12.2%). The strength values of CR1 steel were approximately the same as for 
the hat profile and for the CR3 steel the yield and tensile strength values were slightly higher for the 
isothermally treated samples. The shorter gauge length, 25 mm instead of 50 mm, for the 
austempered tensile test samples is one reason for the difference in elongation after fracture.  

Discussion 

The hardness values and microstructures of the Gleeble simulated samples are similar to those of the 
final press hardened hat profiles. This indicates that the simulation is a reliable means of determining 
press hardening parameters. One complication encountered in press hardening of hat profiles was 
the increase in temperature due to the heat generated by the decomposition of austenite to 
martensite and/or bainite. 

It is reasonable to assume that microstructural changes occurring during isothermal holding are 
essentially diffusion controlled, thus following a relationship similar in form to that of the Larson-
Miller parameter LMP [Hertzberg1996]. Here we use the diffusion equation D=D0exp-(Q/(RT)) where 
D is diffusivity (m2/s), D0 is a constant (m2/s), Q is the activation energy (J/mol), and R is the gas 
constant (J/mol/K) to calculate an effective “time-diffusivity” tD (the sum of the individual diffusivities 
over the thermal cycle). The time interval used in the calculation of tD is from the point the samples 
achieve their lowest temperature on quenching to the point after isothermal treatment when the 
specimens have cooled to 200 oC. A pre-exponential diffusivity constant D0 of 2.3 x 10-5 m2/s and an 
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activation energy Q of 148 kJ/mol for carbon diffusion in austenite are used in these calculations 
[Callister and Rethwisch 2011]. The calculations may be used for comparison purposes but they do 
not take into account accurately the effect of the high silicon content on diffusivity in the steel. 
Figures 10 and 11 show hardness as a function of tD for the Gleeble simulation QP heat-treatments, 
with quench stop temperature of Ms-10 oC and partitioning temperature of Ms+30 oC together with 
the final hat profile cycles. A reduction in hardness with an increase in tD is seen, as expected. 
Hardness data for the press hardened hat profiles lie close to hardness data from steels subjected to 
equivalent Gleeble simulations, Figs 10 and 11, indicating that this calculation method is valid for 
obtaining an estimate of the hardness developed. The hardness after press hardening trials are 5-10 
HV higher in comparison with the Gleeble simulated samples. One possible explanation could be the 
influence on the Ms temperature by the deformation of the sheet caused by the forming operation 
[Abbasi, Saeed-Akbari & Naderi 2012].  

 

Fig. 10. Hardness versus time-diffusivity tD for steel CR3 quenched to Ms - 10 oC followed by holding 
at Ms + 30 oC for 0.5, 1, 5 and 15 min. A data point for the press-hardened hat profile of this material 
is also shown. Unit of tD on x-axis = m2. 

 

Fig. 11. Hardness versus time-diffusivity tD for steel CR1 quenched to Ms -10 oC followed by holding at 
Ms +30 oC for 0.5, 1, 5 and 15 min. A data point for the press-hardened hat profile of this material is 
also shown. Unit of tD on x-axis = m2.  
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The results indicate that it is possible to shorten the partitioning time without the risk of obtaining 
excessive hardness in the steel. Excessive hardness may occur if the partitioning period is too short 
during which only a small fraction of the austenite has transformed to bainitic ferrite and/or 
stabilized as high carbon austenite. The results for steel CR1 indicate that even the minimum holding 
time gives the targeted hardness value. By comparing the time diffusivities, it can be seen that a 5 
min holding time for steel CR3 at 350 oC is equivalent to a 0.5 min holding time for steel CR1 at 430 

oC. Similarly, a holding time of 15 min for steel CR3 is equivalent to a holding time of 1 min for CR1. 

The quench stop temperatures and partitioning temperature-time combinations investigated 
resulted in mechanical properties that are promising for industrial application. The strength of steel 
CR1 with 0.15 wt%C in the hat profile is lower than that for a conventional press hardened profile of 
22MnB5 boron steel. The yield strength of steel CR3 with 0.26 wt%C is comparable with that of the 
boron steel, but the tensile strength is lower. The elongation after fracture is, however, superior in 
the CR3 steel compared with the press hardened boron steel. Liu et al. (2011) applied hot stamping 
with QP and obtained a tensile strength and ductility of 1500-1600 MPa and 6.6-14.8%, respectively, 
but the yield strength was limited to 655-850 MPa. Hence in the present work, higher yield strength 
was obtained. The improvement in ductility shown in the novel press hardening process provides the 
possibility to produce safety related components for cars with a lower weight. The hardness values 
after Gleeble simulated austempering cycles, Fig.3, shows that the hardness values reaches same 
levels as the fully austempered samples measured by dilatometry after 10-15 min. The Gleeble cycles 
simulating different QP cycles reaches same hardness levels after 1-5 min. The time reduction for 
CR1 sample is from ca 8 in to between 1 and 5 min and for sample CR3 from 23 to 1-5 min. The 
special QP process simulated in Gleeble experiments and the subsequent production of the hat 
profiles create opportunities to shorten the processing time considerably in comparison to typical 
times of the conventional austempering process. The tests have also shown that the inevitable 
variations in the processing cycle with regard to the quench stop temperature and partitioning 
variables in industrial component forming do not influence the properties of the final product 
significantly. On the other hand, comparison with the strength and ductility properties reported in 
the literature for CFB and QP steels, see Table 1, reveals that in press hardening using the QP 
treatment for CFB steels, the same levels of high strength and good ductility cannot be attained yet. 

The novel press hardening technique presented here together with the use of a QP treatment to 
obtain a final CFB microstructure is shown to result in a combination of mechanical properties 
comparable with those of existing boron steels. It can be concluded that further investigations of 
process variables, the use of industrially produced sheets, and optimisation of chemical composition 
to create CFB microstructures for this kind of application are likely to provide property combinations 
superior to those of boron steels and closer to those obtained in CFB steels and QP-processed steel 
sheets themselves.  
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Conclusions 

The results of simulation and press hardening experiments show that it is possible to produce 
complex steel sheet components with high strength and ductility by press hardening in combination 
with a controlled quenching and partitioning treatment. By quenching to below the Ms temperature 
of the steel, heating to a temperature e.g. 30 oC above Ms and holding there, the phase 
transformation time is shortened, in comparison with a traditional austempering treatment. 
Consequently, the total processing time is shortened, benefiting productivity. Even though the steel 
with a carbon content of 0.15 wt% gave yield and tensile strength values lower than those of 
conventional press hardened boron steel, the steel with the carbon content of 0.26 wt% resulted in a 
yield strength comparable with that of the boron steel, although with a lower tensile strength. In 
addition, the elongation after fracture, after press hardening in combination with quenching and 
partitioning is significantly higher than that of conventional press hardened 22MnB5 boron steel.  
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Abstract 
 One serious concern, related to high strength steels, is their weldability. An interesting 
high strength steel group contains a carbide free bainitic microstructure. This special 
microstructure, consisting of ferrite plates and stabilized austenite, is achieved by austempering a 
steel containing suitable amounts of Si and / or Al. These elements will suppress the formation of 
carbides resulting in an ausferritic structure.  
 In this work, different pre- and post-weld treatments have been tested in order to avoid 
the formation of martensite in the weld and the heat affected zone of a medium carbon silicon- 
alloyed spring steel, 55Si7, in austempered condition. High power fibre-laser equipment has been 
used for the welding operation and furnace- and induction- heat treatments have been utilized to 
produce the pre- and post weld heating cycles. 
  The resulting microstructures were investigated by optical- and scanning electron 
microscopy and the microhardness values and profiles for the different microstructures were 
measured. 
 The most promising results were achieved by a combination of a pre- and post-weld heat 
treatment at 300oC and a heat treatment method based on the quenching and partitioning concept, 
resulting in hardness values as low as 500 and 430 HV, respectively. In comparison to this, 
welding without heat treatment resulted in a martensitic microstructure with hardness values of 
800 HV.  
 
 
Keywords: weldability, ausferrite, carbide-free bainite, quench and partition, laser welding
 
 
Introduction 
 Medium and high-carbon steels, alloyed with min. 1,5% silicon, can be heat treated to 
provide a microstructure, consisting of ferrite laths, embedded in residual, and carbon enriched, 
austenite. The process, known as austempering, is normally used with the aim of obtaining bainite 
in carbon steels. However, when the steel is alloyed with silicon, carbides do not precipitate and a 
special microstructure evolves which is either referred to as ausferrite or carbide-free bainite [1-3].   
It has been proven previously that carbide-free bainitic steel can be extremely fine-grained (this 
can be controlled by selecting the austempering temperature) and, as such, can attain very high 
strength values together with high ductility and fracture toughness [4,5]. In addition, such steel is 
also very wear resistant [6,7]. 
 The unique structure of carbide-free bainite will, however, not survive a welding 
temperature cycle. An important task is thus to find how this steel can be welded without losing 
the mechanical properties in the fusion zone (FZ) and the heat affected zone (HAZ) of the weld. 
 To the best of our knowledge, this is the first attempt to solve the problem of welding 
carbide-free bainitic steels. In addition to conventional pre- and post-weld heat treatments, a new 
idea following the special quench & partitioning technique, developed by Speer and co-workers 
for creating high strength steel structures, has been tested in this work in order to create a similar 
structure in the fusion and heat affected zones of the weld [8-10].  
 
  
Experimental 
The material used in the experiments was 55Si7, a conventional spring steel with a composition of 
0.55% C, 1.64% Si, 0.74% Mn, 0.25% Cr, 0.17% Ni, 0.03% Mo, 0.28% Cu, 0.03% P, 0.02% S, 



0.01% Al. The martensite start temperature Ms for the steel was calculated to 267 oC, according to 
the equation 1 [8]. 
 
Ms (oC) = 539 - 432C - 30.4Mn - 7.5Si + 30Al   (eq 1) 
 
Samples with the size of 75mm * 30mm * 10mm were cut out and heat treated by austenitizing at 
850 oC for 30 minutes before quenching in a salt bath furnace kept at 300 oC for 1 hour. The bead 
on plate welding experiments were performed using  an ytterbium fibre laser (YLR-15000). The 
power used was 4 kW, the welding speed was 1.5m/min, the focal spot was located 3 mm under 
the sample surface and helium (15 l/second) was used as shielding gas.  
 Preheating and post-weld heat treatments were performed either by a furnace or by 
induction coil heating. In the experiments performed by an induction coil a thermocouple was spot 
welded 2 mm beside the welding track on the surface of the samples in order to measure the 
temperature during the welding cycle. The induction coil fixture was moved manually before and 
after welding and the power was also adjusted manually in accordance to the temperature 
measured.  
 The different experiments performed are listed in table 1. Experiments A, B, C and D 
were performed in order to control different conventional routes with and without pre- (PH) and or 
post-weld (PWHT) heat treatments. Experiment E was performed with pre-heat treatment with 
help of induction coil. Experiments F, G and H were performed in order to test the quench & 
partitioning concept. 
 
Table 1. Welding experiments performed. Furnace and induction coil heating were used. PH = Pre-
Heating, PWHT = Post Weld Heat Treatment, Q&P = Quench & Partitioning test, QT = 
Quenching Temperature, PT = Partitioning Temperature, Pt = Partitioning time.  
Sample Heat treatment Description of treatment 
A None HT  
B Furnace PH & PWHT, 300oC, 1800 s 
C Furnace PH 300oC, 1800 s 
D Furnace PWHT 300oC, 1800 s 
E Induction PH 300oC, 300s 
F Induction Q&P, QT211 oC, PT 250oC, Pt 90 s 
G Induction  Q&P, QT211 oC, PT 320oC, Pt 90 s 
H Induction Q&P, QT211 oC, PT 350oC, Pt 90 s 
 
The quenching temperature in the Q&P experiments was chosen in order to give approximately 50 
% martensite in the steel. This temperature was calculated by equation 2 [8]. 
 
fm = 1- e-1.1*10

-2
*(Ms-QT)   eq 2 

 
Where fm is the fraction of austenite that transforms into martensite, Ms is the martensite start 
temperature and QT is the quenching temperature. A partitioning time of 90 seconds was chosen 
and three different partitioning temperatures were tested.  
 All investigated samples were cut perpendicular to the welding track and embedded in 
phenolic resin. They were ground from 80 to 1200 grit size and polished with diamond spray from 
9 �m to 1 �m and finally with silica suspension before etching with a mixture of 30 ml glycerol, 
10 ml nitric acid and 20 ml hydrofluoric acid. Microhardness measurements were done with a 
Matsuzawa MXT-CX tester and hardness profiles were measured 1.5 mm and 3 mm under the 
sample surface. The distance between each indent was 250 �m, the load was 500 g and the loading 
time was 15 seconds. Microstructural investigations were performed on an Olympus Vanox-T 
optical microscope and a Jeol JSM 6460 LV scanning electron microscope (SEM).          
 
 
Results
 The microstructural investigation of the welded samples revealed that the weld and part 
of the heat affected zone (HAZ) in sample A consisted of martensite and that the base material was 



fine carbide free bainite consisting of ferrite laths surrounded by retained austenitic films see 
figure 1. In addition could some cracks and pores be identified in sample A. The different 
conventional pre- and post weld heat treatments lead to a decrease in microhardness in the HAZ 
and in the fusion zone. The most promising results were achieved with the combined pre- and 
post-weld heat treatment, sample B, with hardness values of 504 HV0.5 which is not much harder 
than the base material. The hardness values of the samples preheated (C) or post weld heat treated 
(D) alone decreased to between 600 and 700 HV in the fusion zone and the HAZ, see figure 2.  
 
 

 
Figure 1. Sample A. Overview of the weld and HAZ to the left with martensite as the bright 
microconstituent. The base structure with ferritic laths surrounded by thin retained austenite-films 
is shown to the right. 

 
Figure 2. Microhardness values of sample A, B, C and D in dependence of the distance to the weld 
centre, measured 1.5 mm under the sample surface. 
 
 The microstructures of the pre-, post- and pre-and post weld heat treated samples, B, C 
and D are shown in figure 3. (fig 16). The figure 3 a) and b) shows the microstructure of the heat 
affected zone and the fusion zone of sample B. It appears to be bainite which only differs to the 
base material in ferrite lath size and arrangement. In contrast to this, only small areas of bainitic 
and Widmannstätten ferrite can be found in sample C, figure 3 c) and d), while a large part of the 
microstructure appears lesser etched and is most likely martensite. Thus, it can be concluded that 
post-weld heat treatment can not only temper welds but also keep them over the martensite start 
temperature in preheated samples with retarded cooling rates which leads to a more complete 
bainitic transformation compared to simply preheated samples.  



 
Figure 3. Micrographs of the conventionally heat treated welds; a) sample B, HAZ; b) sample B, 
FZ; c) sample C, HAZ; d) sample C, FZ; 3500x. 
 
 In the experiments in which induction heating was used the temperature was measured 
using a thermocouple welded 2 mm:s from the weld centre. Figure 4 shows the time – temperature 
profiles of experiments F and G. 
 

 
Figure 4. Experimental time-temperature curves of the quenching and partitioning heat treatment 
tests a) Sample F, b) Sample G. The temperature was measured 2 mm:s from the weld centre. 
  
 Experiment E shows that induction heating is not only a more convenient alternative to 
furnace heating but also can lead to satisfactory hardness values and microstructures. The 
microstructure in the fusion zone of the induction preheated sample is similar to the one preheated 
in the furnace, see figure 5 and compare with figure 3 d. The heat effected zone shows even lower 
hardness value and larger bainite areas than sample C. 
 



 
Figure 5. Micrograph of the HAZ in sample E and hardness profiles of samples A, C and E. 
 
 The hardness values of the quenching and partitioning tests, samples F, G and H are 
shown in figure 6. The hardness values in the fusion zone (700 HV, 550 HV and 350 HV) are 
lowered with the increase of the partitioning temperature from 250 to 320 and 350 oC. The 
hardness values in the HAZ are affected in a similar way with a decrease from 450 HV to 420 HV 
and 380 HV.  

Figure 6. Microhardness values of sample A, F, G and H.  
 
 The microstructure of samples F and H are shown in figure 7. Sample H shows blocky 
shaped as well as lath-like microconstituents in the HAZ.  

Figure 7. Micrographs of the quench and partitioned samples: a) sample H, HAZ, 3500x; b) 
sample F, HAZ, 3500x. 
 
 The only sample that was partitioned at temperatures below the martensite start 
temperature showed a martensitic microstructure in the weld like that which could be found in 



sample A (compare figure 1 and 7 b). Apparently, the temperature was not sufficient for carbon 
partitioning in this experiment.  
 
 
Discussion
 The tests with the idea of using quench and partitioning technique in order to get a 
suitable hardness in the fusion zone and HAZ gave promising results, see figure 6. It can be seen 
that the values in the fusion zone and in the heat affected zone are nearly the same as the values of 
the base material at a partitioning temperature of 350 °C. The temperature characteristics measured 
during the experiment count only for the particular spot where they were measured, i.e. 2 mm 
away from the weld centre which is within the HAZ. Thus, the heating and cooling cycles as well 
as the quenching and partitioning temperatures differ within the weld. Nevertheless, the 
experiments showed improvements in the complete weld.  

A comparison of the hardness values of the quench and partitioned samples with the 
conventionally heat treated samples shows that it is possible to achieve lower hardness values with 
the Q&P treatment, see figure 2 and 6. In addition it should be noticed that the Q&P treatment is 
much faster compared to a traditional furnace treatment. 
 A comparison between the microstructure of sample H with the results achieved in first 
trials of applying the quenching and partitioning concept found in the literature [8] showed several 
similarities even if those experiments differed in many points to the present ones: The chemical 
compositions and the Ms temperatures of the steels used differed and the heat treatments were 
performed using a furnace, a salt bath and a tin bath. Furthermore, the sample in literature was 
annealed in the intercritical temperature region and all partitioning processes were performed 
below the Ms temperature (about 473 oC). Despite all differences, ferritic laths and bulky 
microconstituents which are most likely retained austenite could be found in both samples.
 The only sample that was partitioned at temperatures below the martensite start 
temperature showed a martensitic microstructure in the weld like what could be found in sample A 
(compare figure 1 with 7b). Apparently, the temperatures were not sufficient for carbon 
partitioning.  

In this work has no other mechanical testing methods than microhardness testing been 
applied, hence it is hard to predict toughness or ductility values of the weldment. But in 
combination with the microstructure achieved consisting of fine ferritic laths and austenite it is 
believed that these properties will be superior to those achieved in structures created in 
conventionally performed welds.  
 In the future, more welding experiments following the quenching and partitioning concept 
with changing the parameters should be done in order to get a better understanding of this concept 
and to improve welds in steels with a certain carbon and silicon content. It would be especially 
interesting to vary the initial quenching temperature in several steps to clarify the difference to 
conventional post-weld heat treatment. In addition, shorter times for the post-weld treatment 
should be tested to get better process applicability in praxis. 
 
 
Conclusions 
 The conclusions that can be stated from the here presented work are  

� The normal laser beam welding process of this steel leads to a martensitic microstructure 
in the FZ and the HAZ with high hardness values. 

� The lowest hardness values were achieved by the combination of both pre-heat and post-
heat treatments.  

� Induction heating is a convenient and appropriate substitution for furnace heating when it 
comes to local pre- and post-weld heat treatment. 

� The application of the quenching and partitioning (Q&P) process to a weld of 55Si7 steel 
results in hardness values, which can be effectively controlled by small changes in the 
partitioning temperature applied. The process enables to achieve a structure to be similar 
to the original structure of the carbide free bainite.  
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MATERIALS SELECTION FOR SAW MILL DUST CUTTER BLADES 

Vuorinen E *, Lindström A *, Rubin P **, Navara E **, Odén M * 
*Division of Engineering Materials, Luleå University of Technology, 97187 Luleå, Sweden  
** Rubin-Materialteknik, 97596 Luleå, Sweden 

The production of pellets involves fractioning of the saw mill dust followed by pressing the dust into pellets. In the cutter 
equipment traditionally rectangular blades of hardened carbon steel are used. The wear resistance of this steel is limited. The 
main requirements for the cutter blade component are high wear resistance and toughness. These properties can be achieved 
by different solutions such as surface hardening or cladding of a quench and tempered steel or by using steels with bainitic 
microstructures. Bainitic steels give a through hardened blade with fine grained and tough microstructure.  
In this work the microstructure and wear resistance of one specific steel, 55Si7, heat treated in different ways in order to get 
different microstructures, have been studied and compared with the wear resistance of other steels. The specific bainitic 
ferritic-austenitic structure in carbide free bainite and the austenite to martensite transformation during wear process have 
been studied. Optical as well as scanning electron microscopy has been used in addition to x-ray diffractometry to determine 
the microstructures. A laboratory wear-test method in combination with field tests of cutter blades in production equipment 
have been used to test the wear resistance of steels with carbide-free bainite. 
Keywords: pellets, sawdust, wear, ausferritic, steel 

1  INTRODUCTION 
 
The production of wood pellets includes several 
processing-steps in which the wear of the tool 
components are extensive. The knives used for cutting of 
saw mill dust and the press tools used for compaction of 
the fragmented saw dust are two examples.  
Saw mill dust can be fragmented by different methods. In 
this work, the wear of knives used in a hammer mill has 
been studied. The mill has a diameter of approximately 
1m, and in the mill 72 knives, of the dimensions 160 x 60 
x 6 mm, are distributed over four shafts that rotate at a 
speed of 1400 rpm. Each of the four corners can be used 
before the knives are considered worn out, first by 
changing the direction of rotation, then by turning the 
knife. The wear is thought to be caused by contamination 
particles, mainly sand, with a hardness of up to 1000 
Vickers. Occasionally, also some stones and metal parts, 
are fed into the mill with the sawdust making the impact 
strength a vital parameter in avoiding fracture. 
The overall goal for the selection of materials for the 
knives is to minimize their total life-cost. Different 
approaches for the material selection can be found. The 
use of carburized low alloy steel whose surface has been 
hardened and the use of low alloy steels with cemented 
carbides are two examples from industry, in which good 
toughness with high wear resistance of the surface has 
been combined. Other examples of this approach are the 
use of nitriding of steel surfaces and PVD treatment to 
apply TiN on the surface of steels respectively [1]. 
The main idea behind the work presented here has been to 
select a steel that has high wear resistance combined with 
high toughness. Hardened boron steels are one example 
of this. Another possibility is to harden silicon alloyed 
steel by austempering and by that create a carbide free 
(ausferritic) bainitic structure. 
 
1.1 Austempering 
 Austempering is a well established heat treatment 
process leading to the formation of bainite. The common 
bainitic reaction consists of two steps: the nucleation and 
growth of bainitic ferrite by a shearing mechanism, whose 
rate is controlled by diffusion of carbon, and the 
formation of carbide particles, which accommodate the 
carbon rejected from the ferrite. Silicon in steels and also 

in cast irons has a profound effect on the processes taking 
place upon austempering. It does not participate into iron 
carbide and because its diffusivity is very sluggish at 
temperatures used for austempering, it strongly 
suppresses the second stage of the usual bainitic reaction. 
This means that only the first step takes place, in which 
the carbon is rejected from the emerging ferrite laths to 
the surrounding austenite, which then becomes 
supersaturated with it. We can talk about “up-hill” 
diffusion of carbon, as the free energy of the austenite 
increases, but this increase is compensated by the 
emerging ferrite, whose free energy is considerably lower 
than that of the parent phase. A para-equilibrium is thus 
reached and the resulting structure, consisting of ferrite 
laths embedded in carbon enriched and thus very 
effectively stabilized austenite, is termed as “ausferrite” 
to distinguish it from the usual bainite. Ausferrite is 
carbide free and the austempering temperature only 
affects its structural refinement. Austempering at lower 
temperatures results in a fine structure, processing at 
higher temperatures coarsen the structure. Naturally, the 
processing temperature then affects the mechanical 
properties, such as strength, hardness and toughness.  
Nodular cast iron with ausferritic matrix structure is an 
established engineering alloy, usually denoted as ADI 
(Austempered Ductile Iron). The new international 
standard ISO 17804-2005 classifies the alloy as 
Ausferritic Spheroidal Graphite Cast Iron. Ausferritic 
steels have, however, become recognized as late as in the 
nineties of the past century [2]. A follow-up article was 
published in 2004 [3]. 
The stabilized austenite is prone to subsequent martensitic 
transformation if exposed to mechanical strain. This 
property increases the wear or abrasion resistance of 
ausferritic steels. In practice, the wear resistance of 
ausferritic steel is higher than that of a quench and 
tempered steel with comparable hardness.   
 
 
2  EXPERIMENTAL 
 
The experimental part in this paper is limited to an 
investigation of wear resistance of one type of ausferritic 
steel under laboratory conditions as well as in practical 
application – knives in a hammer mill used for cutting 



sawdust into smaller particles. In both types of tests, the 
ausferritic steel is compared to other selected steels, 
which are commonly used for similar purposes, in which 
wear resistance is required.  It should be stressed that 
steels used for knives in wood cutting hammer mills 
should be relatively low-cost, hence no expensive steels 
(such as tool steels or the like) were used for any 
comparison. Two different wear tests were carried out, 
one in laboratory under controlled conditions and one in 
industrial environment, at Bioenergi i Luleå AB, where 
four knives made of austempered silicon steel were 
mounted in a hammer mill, just like knives made of the 
currently used case hardened low carbon steel.  
   
2.1  Laboratory test 
 A comparison of the wear behaviour was made 
between silicon alloyed steel with ausferritic 
microstructure and steels with other microstructures 
according to table I.  
Table I. Specimens used in wear test, ordered by 
hardness. 1) 0.1C low alloy steel, 2) 0.56C-1.9Si steel, 3) 
0.25C low alloy steel, 4) 0.26C-boron steel 
 
  Steel & treatment Micro-

structure 
Hardness 
HV0.3

a 1) C-steel, quenched martensite 260 

b 2) Si-steel, spherodized  spheroidite 297 

c 3) C-steel, tempered 600oC martensite 344 

d 3) Si-steel, as rolled pearlite 349 

e 2) austempered 300oC, 2h ausferrite 461 

f 2) austempered 340 oC, 2h ausferrite 485 

g 2) austempered 320 oC, 2h ausferrite 498 

h 4) Boron steel, quenched martensite 503 

i 2) Si-steel, tempered 190oC martensite 840 

j 1) C-steel, case hardened martensite 912 

A Cameron Plint reciprocating sliding wear tester was 
used for the laboratory test. This test rig is very versatile 
and can be used in both lubricated and dry conditions, 
with various test geometries, and the test can be repeated 
for comparisons with other materials. The test was 
performed in non lubricated condition with a point 
contact, see figure 1 for a schematic representation. With 
dry conditions a large amount of wear can be expected, 
which makes measurements that are necessary for 
calculation of wear resistance and comparison between 
different conditions easier. As counterpart a SKF bearing 
ball with a radius of 3 mm and hardness of 800HV0.3 was 
used. The test was carried through with 20N and 300N 
normal load during one hour and the wear was measured 
by weight loss. The pressure between a cylinder and a 
plate can be determined using the equation for Hertzian 
point contacts [4]. The initial contact pressure was 1.8 
MPa for the 20 N normal load and 4.3 GPa for the 300 N 
load. 

 
Figure 1.  Schematic illustration of wear test. 

Before testing, the samples were polished and cleaned 
with n-heptane and methanol to avoid surface roughness 
and contaminations to affect the wear progress. 
 
2.2  Hammer mill test 
 Four knives of high silicon steel were manufactured 
to meet specification and heat treated by austenitization 
followed by austempering 340oC for 2 hours at 
Componenta in Karkkila, Finland. The austempered 
knives were mounted in the hammer mill. The currently 
used knives are made of case hardened low carbon steel, 
with a measured 900HV0.3 hard surface layer that 
gradually decreases down to 260HV0.3 in the center of the 
specimen. The austempered high silicon steel has a 
through hardness of 485HV0.3, but due to decarburization 
the surface hardness of the tested knives is lowered as 
shown in   figure 2. 
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Figure 2. Hardness profile of knives installed in hammer 
mill. 
The hammer mill was regularly stopped for visual 
inspection of the wear progress, and a quantitative 
determination of the wear using image analysis and 
weight loss measurements were made after the first two 
corners were worn out and the knives were demounted.  
 
 
3  RESULTS 
 
The laboratory wear test showed results according to 
figures 3 and 4. A comparison between the test at 300N 
and 20N shows similar wear results of the plates, but the 
wear of the bearing ball differs between the two loads.  
For the ausferritic samples the wear of the bearing ball 
with 300N load is uniformly distributed, whereas for the 
20N load it seems that the initial high pressure formed a 
deep, narrow groove that later, caused a cutting 
phenomenon.  
Under the wear scar the microstructure is heavily 
deformed, resulting in increased hardness, see figure 5 
and 6. The hardness of sample f had increased from 485 
HV0.3 to 690 HV0.3 in the wear track. The visibly 
deformed layer is about 20�m thick, whereof the 
uppermost 5�m is deformed to such extent that the 
ausferritic structure no longer can be identified. This 
layer is usually assumed to be composed of metal that 
has been transferred back and forth between the ball and 
the plate along with various oxides which have been 
intimately incorporated [5].  
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Figure 3. Measured wear loss of the samples and bearing 
balls used in the tests with loads of 20N and 300N.    
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Figure 4. Measured wear loss of the bearing balls used in 
the tests with loads of 20N and 300N.    

 
Figure 5 Micrograph of deformed layer under wear scar 
of sample f. 
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Figure 6. Hardness profile under the wear scar. Load 
300N. 

Beneath that first transformation layer, shear stresses 
generated by the sliding motion of the ball have caused 
visible deformation of the microstructure. The hardness 
increase corresponds to the degree of deformation, and 
40�m into the material no significant increase in hardness 
is detected.  
The ausferritic and pearlitic silicon steels show good 
wear behaviour in comparison to samples of similar 
hardness. Both these materials have a very fine 
microstructure, which contributes to this beneficial 
behaviour, see figure 7.  
 

 
a 

 
b 

Figure 7. Microstructure of a) Sample f, ausferrite, b) 
Sample d, pearlite. 

.  



 
Figure 8. XRD-result for ausferrite before and after 
plastic deformation. A) denotes the curve obtained for 
ausferrite, and B) denotes the result for the same sample 
after plastic deformation. 

The hardness increase caused by the wear test for the 
different samples is shown in figure 9. It is noticeable that 
the hardness increase for the samples with ausferritic 
structure and the high carbon martensitic structure wth 
retained austenite exhibits an increase of the hardness 
with 150-200 HV, while the increase is limited to below 
110 HV for the other structures except the as-rolled 
silicon alloyed sample.  

 
Figure 9. Hardness before and after wear test for the 
samples tested. 
The Hammer mill test resulted in wear loss according to 
figure 10 and 11.  
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Figure 10. Measured weight loss of knives after two 
worn out edges. 
The wear of the austempered knives was expected to be 
initially higher, but with a favourable wear progress due 
to its through hardness. As can be seen in figure 10 and 
11, the ausferritic knives shows a lower amount of wear 
after two corners have been worn out. 

0

50

100

150

200

250

300

1 2Edge no.

A
re

a 
re

du
ct

io
n 

[m
m

2 ]

Casehardened
Ausferrite

 
Figure 11. Wear loss of the two measured edges 
according to image analysis of knife profile. 

The shape of the wear also differs between the samples, 
where the ausferritic knives show a more rounded shape, 
and also more wear along the side of the knives, whereas 
the wear of the case hardened steel is concentrated to the 
corners, where the hard surface has been worn off. The 
wear on the side of the ausferritic knives is also caused by 
a decarburization of the surface from the hardening 
process. From the shape of the wear it can be assumed 
that the wear rate depends on the hardness of the material, 
and by avoiding decarburization of the surface, 
improvement of the ausferritic wear resistance is to be 
expected. 
 

 
Figure 12. Knives after first two corners are worn out. 
Ausferritic knife in the middle. 
 
 
4  DISCUSSION 
 
In the laboratory test, high carbon martensite shows the 
best wear performance of all tested materials, see figure 
9. Point “j” in figure 9 shows the surface of the case 
hardened steel and point “i” shows the Si-steel in 
martensitic hardened condition. 
Normally, wear loss is proportional to the measured 
hardness of the tested masterials. Looking at figure 9 in 
more detail, some interesting points can be made.The 
wear of the ausferritic structure  is roughly half the wear 
rate of boron steel with a microstructure of low carbon 
martensite, compare dot “h” with “e”/”f”/”g”. 
There are two factors that improve the wear resistance of 
the ausferritic steel, deformation hardening and hardening 
effects due to residual austenite transforming to 
martensite. The microhardness profile of a sample after 
sliding wear, figure 6, shows an increase in hardness of 
approximately 200 Vickers units. The hardness increase 



in the ausferritic sample can partly be explained by 
martensite transformation of retained austenite. With aid 
of X-ray diffraction (XRD), it is possible to detect 
martensite formation. The maximum intensity peak for 
austenite, (111), and ferrite, (110), is found when 2� 
equals 43.0 and 44.6 degrees respectively. The martensite 
peak is difficult to detect, both since it is expected to be 
found in a small amount, and it will also be placed in the 
vicinity of the austenite and ferrite peaks. However, in 
figure 8, a decrease in height of the austenite peak can be 
seen after plastic deformation of the ausferrite. This 
indicates that the retained austenite partially has 
transformed into martensite, and the disturbance between 
the austenite and ferrite peaks indicate the location of the 
(101) peak for martensite. This amount of transformation 
would imply a hardness contribution of the order of 100 
HV in the ausferritic “slided” structure [6]. 
It would be expected that increased hardness of the plate 
would cause greater amount of wear on the ball, this was 
not always the case, a possible explanation of the low 
wear on the bearing ball against the ausferritic surfaces at 
300N load could be found at microstructural level, where 
the silicon prevents hard, abrasive, carbides to form.  
 
4.1  Hammer mill test 
 The results show that the wear rate of the ausferritic 
cutter blades is equal or less than the casehardened 
blades.The wear losses are small for both steels, even 
though the hardness difference is large, the ausferritic 
steel performs as well as the traditional knives. 
Unfortunately, the thin decarburized zone on the silicon 
steel might have influenced the measurements. See the 
wear profiles on the used knives in figure 12. Also note 
the tendency to spalling on the case hardened knives.  
  
4.2  Material selection 
 Even though high carbon plate martensite gives the 
best results from laboratory tests, in the actual component 
a through hardened knife is out of the question. Such a 
solution would be too brittle to function without spalling 
and fracture. A case supported by a tough bulk is the 
normal (and only) way to utilize this structure in 
components that experience tensile stresses and impact 
loading. The drawback of the case-solution is the limited 
amount of “barrier”-material. A combination with a 
homogenous microstructure-hardness might be a better 
solution. Such an approach limits the hardness level of 
the used material to the 500 HV-level in terms of 
hardness, above this level the toughness will be too low. 
Candidates are primarily materials with a low carbon 
martensite or ausferrite as microstructure. Other 
microstuctures as lower bainite and tempered medium 
carbon (0.4%) martensite can be heat-treated to the 500-
level, but the toughness values will not match, unless the 
quench and tempered steel specially designed for aircraft 
structures are used. The catch is a material price 20-100 
times the normal range 10-20 SEK per kg. In the table II 
the low carbon martensite and the AF (ausferritic) matrix 
is compared in terms of mechanical properties. The AF 
structure in cast irons (ADI) is well established in 
industrial practice since the 1970:s. ADI, grade 5 
(according to American standard), has a comparable 
hardness to the Si-steel and the boron steel used in this 
work. Notable are the low ductility values. Use of the 
structure, as cast, gives lower values than the wrought 
microstructure as in hot rolled steels.  
 

Table II. Mechanical properties of ausferritic and low-
carbon martensitic structures. 
 Material Hardness 

HV 
Rp0.2
MPa 

A5
% 

Charpy V 
J 

ADI                 [7] ~ 450 1100 1 6        [8] 
55Si7(340 C)* 485 1250 12 21 
Boron steel 503 ** ** ** 
Hardox 500     [9] 500 1300 8 25 

*Mechanical properties measured at LTU      
 ** Not measured 

 
 
5  CONCLUSIONS 
 
The results of the research described indicate that the use 
of ausferritic steels for the purpose of cutting saw-mill 
chips is advantageous from the point of view of both 
technology and economy. 
Laboratory results also support the selection of ausferritic 
steels for applications where wear resistance together 
with strength and toughness are required. 
The paper describes results achieved with only one type 
of ausferritic steel, based on the one available grade 
containing the increased silicon content. 
Further research is, therefore, necessitated primarily 
because the properties of ausferritic steels have a large 
potential for considerable improvements provided their 
composition is adapted to the various service conditions. 
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Wear characteristic of surface hardened ausferritic 

Si-steel

VUORINEN Esa, PINO David, LUNDMARK Jonas, PRAKASH Braham  
  (Luleå University of Technology, 97187 Luleå, Sweden) 

Abstract : High strength steels can be produced by austempering of Si-containing steels. It is possible to achieve high toughness and 

good wear resistance in these steels. Surface hardening of this group of steels can further increase the surface hardness and wear

resistance and in combination with high strength in the bulk, also the fatigue strength. Surface hardening by laser-hardening has been 

performed on steel 55Si7 after austempering of the steel in order to create a ferritic-austenitic carbide free microstructure. Tempering 

effects and hardness values have been studied. Optical as well as scanning electron microscopy has been used together with x-ray

diffractometry in the characterization of the micro-structural changes. Wear resistance testing of austempered and laser hardened 

samples respectively of the Si-alloyed steel have been reported and also compared with that of the conventional Cr-alloyed steel. The 

results of the specific phase transformation from austenite to martensite during wear process will be reported.  

Key words: ausferrite, surface hardening, wear characteristics, Si-steel

1 Introduction 
A special austenitic-ferritic (ausferritic) 

microstructure can be created in steels containing 
more than about 1.5 % Si. This structure is achieved 
by an austempering treatment in which the steel is 
cooled to a temperature above the Ms temperature and 
kept at that level for a certain time. During this time 
ferrite will nucleate from the austenite and the ferrite 
laths will grow during the diffusion of carbon into the 
retained, by carbon supersaturated, austenite. No 
carbides will be formed by the suppression of this by 
the Si-atoms. The structure is fine-grained and thereby 
high strength in combination with good ductility and 
toughness will be achieved. In addition it is possible 
to get excellent wear resistance [1,2,3]. 

The hardness of the ausferritic structure depends 
on the austempering temperature and also of the 
carbon content of the steel. For a steel with 0.55 wt % 
C, a hardness of 500 Vickers (HV) can be achieved if 
austempered at 340 oC. This hardness is far below that 
of martensitic structures but fairly high in comparison 
to quenched and tempered steel structures. The sliding 
wear resistance of steel with 0.55 % C and 1.9 % Si is 
excellent in comparison to that of boron alloyed steels 
having similar hardness level. The main reasons for 

this are the deformation hardening of the structure and 
the continuous phase transformation of the retained 
austenite to martensite at the outermost layer of the 
material [3]. This mechanism makes it also interesting 
to compare the wear resistance of the ausferritic- with 
that of a martensitic- structure.  

Laser surface hardening treatment of conventional 
austempered bainitic steels has shown good results 
with regard to a combination of good wear resistance, 
high strength of the base material and tempering 
resistance of the interface layer [4]. One special 
property that is expected for Si-steels is excellent 
tempering resistance. The Si in the steel hinders the 
formation of carbides and thereby the tempering of the 
ausferritic and martensitic microstructures are 
hindered and the hardness of these structures can be 
retained up to relatively high temperatures. 
Si-containing cast irons have good tempering 
resistance [5].  

The aim of this work has been to investigate and 
compare the wear resistance of an ausferritic 
microstructure with that of a martensitic 
microstructure of Si-alloyed steel and also with that of 
conventional quenched and tempered steel. The 
different microstructures and their wear-resistances 
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are of interest in several applications, such as gears. In 
order to get an indication of the applicability of this 
structure for gear applications, the rolling-sliding wear 
test has been performed in this study.   

2 Experimental work and analyzes 
 The silicon alloyed steel used in this work was 

55Si7 with 0.56 %C and 1.9 %Si. The quench and 
temper steel used in the tests was 50CrV4 with 0,50 
%C 1.2 %Cr and 0,10 %V. Samples of the Si-alloyed 
steel have been austempered by austenitizing at 900 

 2

oC, cooled to 340 oC by placing the samples into a 
salt-bath and finally keeping at temperature for two 
hours. The Cr steel was in quench and tempered state.  
2.1 Laser treatment 

The laser treatment was performed in two stages. 
In the first a CO2-laser was used (2170W, beam 
diameter of 8.3 mm, graphite coating of the surface). 
Different velocities (0.50-1.60 m/min) were tested for 
the Si-alloyed steel in order to investigate the depth of 
the hardened layers, microstructures achieved and also 
the hardness profiles. In the second stage a Nd-YAG 
laser (3000W, beam diameter of 9 mm, graphite 
coating and velocity of 1.5 m/min) was used in order 
to surface harden wear test samples out of the two 
steels.
2.2 Wear tests 

Rolling-sliding wear tests were conducted by using 
the UTM2000 Twin-disc machine has been used in this 
work. This machine enables the characterization and 
simulation of friction- and wear-behavior of the 
samples. During tests normal force, friction force and 
linear wear of both specimens is measured 
continuously. The two servo drives can be indepedently 
controlled thereby enabling tests under pure sliding to 
pure rolling conditions. The samples, 10 thick and 42 
mm (Cr-alloyed steel) or 45 mm (Si-alloyed steel) in 
diameter are mounted on the end of each shaft on the 
servo drives. A force sensor on the load lever is used to 
measure the applied load. The friction is calculated by 
measuring the traction force between the disc 
specimens.  

Four tests were carried out, two with the Si-alloyed 
steel and two with the Cr-alloyed steel, one with and 
one without hardened surface layer for each steel.  
The tests were run with a contact pressure of 

approximately 300 MPa, equivalent to a load of 300 N, 
with one disc running at 100 rpm, and the other disc 
running 5% slower than the first one (5% slip). The 
time for each test was 5 hours. Tests were performed 
at room temperature (25 ºC) in dry conditions in order 
to get considerable amount of wear and study the 
response of the materials. The wear resistance is 
presented wear coefficient, K as a function of the 
initial hardness of the structure. Wear coefficient is 
defined as: 

SP
HVK

�
�

�

Where V is the volume of wear [mm3] produced in a 
sliding distance S [mm] under load P [Kg] and H is 
the hardness value at the surface [6]. 
2.3 Tempering tests 

The tempering resistance of the steels has been 
tested by tempering treatment in a furnace at 
temperatures of 300 and 400 oC, for times up to 100 
hours. The effect of tempering has been measured by 
hardness tests. 
2.4 Materials characterization 

The microstructures have been investigated by 
optical microscopy (OM) with Olympus VANOX-T 
microscope and by scanning electron microscopy 
(SEM) with Jeol JSM6460 LV equipped with Oxford 
Inca EDZ software. Micro-hardness values were 
determined by Matsuzawa MXT-CX tester. Etching 
was performed with 2% Nital solution. Phase analysis 
was done with the aid of Philips XRD at 40 kV and 45 
mA using CuK� radiation.    

3 Results and discussion 
Hardness values between 450 and 480 HV was 

achieved by austempering treatment at 340 oC for 2 
hours. The microstructure consisted of ferrite laths 
surrounded by thin austenite films.  
3.1 Laser hardening 

Laser hardening of the two steels resulted in 
martensitic structure in the hardened layers. The 
hardness profiles as a function of beam velocity 
showed that the maximum hardness values depended 
on the microstructures achieved and that the depths of 
the hardened layers were directly proportional to the 
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beam velocity. The hardness profile and the ausferritic 
base structure as well as the martensitic structure for 
the 55Si7 steel used for wear tests is shown in Fig.1.    

Fig.1 Hardness profile of laser hardened 55Si7 steel, 
including the microstructures for a) the martensitic 
hardened surface and b) the ausferritic base-structure. 

3.2 Wear resistance 
The initial surface hardness values of the wear 
samples were 451 HV and 802 HV for the Si-alloyed 
steel in ausferritic and martensitic state respectively 
and 279 HV and 730 HV for the Cr-alloyed steel in 
quench and tempered and martensitic state 
respectively. The rolling-sliding wear tests results are 
shown in Fig.2. From this it is possible to see that the 
martensitic structures give the best results but that the 
ausferritic structure has a wear resistance very close to 
that of the martensitic ones.  
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Fig.2 Wear coefficient K as a fuction of initial hardness.  

The hardness profiles for the four samples are 
shown in Fig.3. The hardness increments caused by 

deformation hardening are 280 and 230 HV for the 
Si-steel for the ausferritic and martensitic structures 
respectively and for the Cr-steel with quench and 
tempered structure it is 220 HV and the martensitic 
structure it is 170 HV.  

Fig.3 Hardness profiles of wear tested samples including 
optical micrographs of worn longitudinal sections. Dashed 
lines show the initial surface hardness of the samples. 

The x-ray study of the wear tested Si-alloyed steel 
with ausferritic structure showed that the austenite had 
disappeared and that martensite in addition to ferrite 
could be found at the surface, see Fig.4.  

Deformation hardening caused by plastic 
deformation of the surface layer during the wear test 
occurs in all tested materials. The Si-alloyed steel 
exhibits in addition also a hardness increase caused by 
the phase transformation of austenite to martensite, 
during the wear test and this gives an explanation to 
the excellent wear-resistance of this structure.

Fig.4 Phase analysis of 55Si7 before and after wear testing. 

3.3 Tempering resistance 
The hardness as function of time in the tempering 

tests showed that at 300 oC the hardness hardly 
decreased at all even after 100 h:s for the ausferritic 
structure. At 400 oC the hardness decreased to 430 HV, 
420 HV and 410 HV after 5, 24 and 100 h:s of heating. 
The hardness of the martensitic structure was lowered 

 3
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to about 650 HV within 5 h:s when heated at 300 oC,
but this value was kept constant even after 100 h:s. At 
400 oC the hardness decreased to 630, 600, 540 and 
510 HV after 1,5,25 and 100 h:s of heating, see Fig.5.  
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Fig.5 Tempering resistance of 55Si7 at 300 and 400oC, in 
ausferritic (base material) and martensitic (hardened layer) 
condition respectively. 

4 Conclusions 
This work has shown that surface hardening of 

Si-alloyed ausferritic steel with 0.55 %C increases its 
hardness from about 500 HV to 800 HV. The wear 
resistance of the surface hardened Si-alloyed steel 
with martensitic structure is better than the wear 
resistance of the ausferritic structure, but the 
difference between these structures is small. 

The retained austenite in the ausferritic structure 
is transformed at the outermost layer to martensite 
during the wear of the surface. 

The wear resistance of the ausferritic structure 
was considerably better than that of the quenched and 
tempered structure. 

The tempering resistance of Si-alloyed steel, in 
ausferritic as well as martensitic state is excellent.  
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a  b  s t r a  c t

The dry rolling/sliding  wear  behaviour  of Si  alloyed  carbide  free  bainitic  steel austempered at different
temperatures  and sliding  distances  has been  evaluated.  60SiCr7  spring steel  samples were  austempered
in  a  salt  bath  maintained  at 250,  300  and  350 ◦C respectively  for  1 h. Rolling  with  5%  sliding wear tests
were  performed  using self  mated discs  for  three  different test  cycles,  namely  6000,  18,000 and 30,000
cycles.  The aim  was to study  the  wear performance  of the 60SiCr7 steel with  a carbide-free microstruc-
ture containing  different amounts of retained  austenite.  An  in-depth microstructural  characterization  has
been  carried  out  before  and after  the  wear tests  in order  to  link the  wear behaviour to the  microstruc-
ture  of each sample.  The wear resistance  has been  expressed by  means of the  specific wear calculated
from  the  mass  loss  after  the  tests.  The worn  surfaces  were  analysed  by  scanning  electron  microscopy
and  X-ray  diffraction.  Microhardness  profiles  were also  obtained  in order to  analyse  strain-hardening
effects beneath the  contact surfaces.  The results indicate  that  the  material  with  highest  hardness—the
one austempered  at 250 ◦C—exhibited  the  lowest  wear  rate  in every case.  It  was  also  observed  that  the
hardness  increment  and thickness  of the  hardened  layer increases  with  increasing the  austempering
temperature  and  number  of test  cycles. Finally,  the  results  appear to  indicate  that  the  initial rough-
ness  of the  samples  has no major effect  in the  wear rate  of the  samples above 2500  cycles. The  higher
wear  performance  of the  sample  austempered at  250 ◦C has  been  attributed  to its superior  mechanical
properties provided by  its  finer  microstructure.  It  has  been  evidenced  that  all  samples  undergo  the  TRIP
phenomenon  since, after  wear;  no retained  austenite  could  be  detected  by  XRD.

© 2011 Elsevier B.V. All rights reserved.

1. Introduction

For years the industrial needs for high-strength steels have
been met  mainly with the use of high alloy steels, especially
in  tribology applications where the common goal is  to  obtain
surfaces that can withstand large loads without suffering severe
damage. The steels used vary widely according to  the application.
For instance, bearings are commonly manufactured in quenched
and tempered 100Cr6 (DIN) steel which has a  tempered marten-
sitic microstructure and a considerable content of carbides. On  the
other hand, rail steels, which are  subjected to  slightly lower con-
tact stresses than bearings, are manufactured mainly in  pearlitic
steel, basically because the cost of making a  homogeneous rail
in quenched and tempered 100Cr6 steel would be unaccept-
able.

There have been many attempts in the past to support bainitic
steels for their use in the rail industry [1–5]. However, the literature
in this field is somewhat contradictory. While a  study by  Clayton

∗ Corresponding author. Tel.: +46 920493109; fax: +46 920491399.
E-mail address: alejandro.leiro@ltu.se (A. Leiro).

et al. [1] shows pearlitic steels to be  superior to bainitic, another
study by Shipway et al. shows the opposite [6].  A possible reason
for this could be that conventional bainitic microstructures tend
not to be homogeneous.

In  this study, the tribological behaviour of a relatively new
microstructure initially developed in  steels by Bhadheshia and
Edmonds [7],  has been investigated. The main goal has been to
provide an increased understanding of the tribological perfor-
mance of austempered high-silicon steel in order to contribute
to  the on-going work of discovering its possible applications.
Hence, this research involves the microstructural study of carbide
free bainitic steel (also referred to as ausferritic steel) subjected
to rolling/sliding wear. These steels, in particular with a car-
bide free bainitic microstructure—a combination of lath-like ferrite
and high carbon austenite—have several advantages including
high-strength, high toughness and ductility depending upon the
transformation temperature and time used in their heat treatment
[8,9]. Therefore, since these steels present an unusual combination
of good mechanical properties and low manufacturing cost, in com-
parison with conventional high-strength steels; they may  find their
use in a wide variety of applications such as automotive, rails and
in heavy engineering industries [10].

0043-1648/$ – see front matter ©  2011 Elsevier B.V. All rights reserved.
doi:10.1016/j.wear.2011.03.025
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Table  1
Chemical composition of 60SiCr7 steel and hardness in normalised condition.

Element Weight%

C 0.61
Si 1.72
Mn 0.75
Cr 0.35
Ni 0.12
Mo  0.04

Hardness (HV0.3) 265

2. Experimental

2.1. Experimental materials

60SiCr7 spring steel was used to  produce the ausferritic
structure with varied volume fraction of retained austenite. The
chemical composition of the steel is given in  Table 1. The test sam-
ples were first austenitized to 820 ◦C for 30 min  and then quenched
in a salt bath maintained at a  constant temperature of 250, 300
or 350 ◦C for 1 h in order to get the desired microstructure with
different phase volume fractions of ferrite and austenite.

2.2. Wear tests

The rolling/sliding UTM 2000 twin-disc machine consists of
two counter-rotating servo-motors where the test discs (straight
cylinders) of 44.5 mm  diameter (variable) and 10 mm thickness are
mounted. The resulting contact geometry is, therefore, a line con-
tact. Since the samples were used in “as machined” conditions, the
surface roughness of the discs was not constant for all the sam-
ples. This fact also caused the contact width to vary during the test.
Initially, the contact width was limited to a  few millimetres and it
increased to  the full width of the sample during the tests. The initial
Hertzian contact pressure was calculated to be 1420 MPa. However
the contact area changes throughout the test as a  consequence of
wear. The material pairs were self mated and tested at room condi-
tions (25 ◦C, 23% humidity) without lubrication. The rolling/sliding
tests were performed at 100 rpm speed with 300 N load and a 5%
slip ratio. The contact load and the friction coefficient can be mon-
itored continuously during the test. This has been an exploratory
study and no attempt has been made to  simulate a real application.
These conditions are primarily intended at investigating the tribo-
logical behaviour of these new microstructures. Previous studies
on different materials with similar test parameters have been done
in the past by Vuorinen et al. [11,12].

The discs were tested at three different test cycles, i.e., 6000,
18,000 and 30,000 respectively, using a new set of samples for
each run. Prior to the wear tests, the test discs were cleaned in
heptane using an ultrasonic cleaner. Subsequently, the samples
were weighed and surface roughness measurements were made on
each disc specimen in a  WYKO 1100 NT optical profiler. After the
completion of each test, the disc specimens were subjected to  the
same cleaning, weighing and surface characterization techniques
mentioned previously.

2.3. Microhardness tests

The “as heat treated” Vickers hardness values were obtained
from the mean of at least five suitably spaced hardness indenta-
tions using a  load of 300 g.  The surface and sub-surface hardness
measurements were made with a 100 g load. The measurements
were made at five different places on the worn surface and the
mean was calculated. The sub-surface microhardness tests have

Fig. 1. Microstructure of sample austempered at 250 ◦C.

been performed on all the test samples up to  a depth of  320 �m to
study the extent of deformed zone.

2.4. Metallography

A Jeol JSM 6460 scanning electron microscope was  used to
investigate the microstructure of all the samples. SEM micrographs
were taken both before and after the wear tests to examine the
microstructure. Prior to the examination, classical metallographic
sample preparation was  performed. The etching was  done with 2%
Nital. After completion of all the wear tests, the worn surfaces were
studied with SEM without disturbing the actual surface. Finally, the
samples were cut into longitudinal and cross-sections in  order to
study the characteristics of the sub-surface region using the same
sample preparation mentioned above.

2.5. XRD

The X-ray diffraction analysis was performed using a  Philips
X’pert MRD  X-ray diffractometer with monochromatic CuK� radia-
tion with 40 kV and 45 mA.  The scanning speed used was 0.74◦/min
in  2�.  The volume fraction of ferrite (X�)  and austenite (X�)  were
determined by the direct comparison method [13] using the inte-
grated intensities of the {1 1 0}, {2 0 0} and {2 1 1} planes of ferrite
and the {1 1 1},  {2 0 0} and {2 2 0} planes of austenite. XRD analyses
were carried out on the samples’ worn surfaces with the intention
of  studying the phase transformation that could have taken place
during wear.

3. Results and discussion

3.1. Materials characterisation

The microstructure of the sample austempered at 250 ◦C is
shown in  Fig. 1.  Before heat treating the samples present a  pearlitic
microstructure, with small ferrite islands, which is  to  be expected
in near eutectoid carbon concentrations. It  is  evident from Fig. 1
that the austempering treatment done on the samples has yielded
the expected ausferritic microstructure: ferrite laths surrounded by
retained austenite films in  between. The same type of microstruc-
ture for these steels has been obtained in previous works under
similar austempering treatments [12].  Qualitatively, it could also
be observed that the microstructure is  finer at lower austemper-
ing temperatures, which is  to be expected. At  lower heat treating
temperatures the nucleation rate increases and the large amount of
growing laths interrupt their own  growth. The length of  the longest
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Table 2
Surface roughness variation with test cycles.

Austempering
temperature (◦C)

Ra (�m)  6000 test cycles Ra (�m) 18,000 test cycles Ra (�m) 30,000 test cycles

Before
wear

After
wear

Before
wear

After
wear

Before
wear

After
wear

250 0.2  2.0 0.3 2.2 0.2 3.0
300 0.2  2.1 0.2 3. 0 0.2 3.0
350  0.5  2.3 0.5 2.6 0.2 3.7

ferritic lath-packages observed by SEM was estimated to  be  about
10 �m.

3.2. Microhardness

In Fig. 2 it can be seen that the hardness of the material decreases
as the austempering temperature increases, which could be a con-
sequence of the increased amount of the soft and ductile phase (the
retained austenite) as has been observed previously [14].

3.3. XRD measurements

XRD spectra were taken at the samples’ surface in order to  cal-
culate their phase content. All  specimens contained a  mixture of
ferrite and austenite before wear testing and no carbide peaks could
be observed. This could be  evidence that the samples are  carbide-
free. However, it is  necessary to  remember that the material must
contain more than 2% of a  certain phase for it to be detected by XRD.

The austenite content has been calculated from the XRD mea-
surements in  each of the samples before and after wear testing. In
Fig. 3, the calculated phase percentage of the studied samples prior
to testing can be seen. It  is clear that there is an increase in the
amount of austenite as the austempering temperature increases.
This is a consequence of the fact that, at lower austempering tem-
peratures, there is greater supercooling and, consequently, more
ferrite is nucleated. Therefore, the ferrite content is higher at lower
austempering temperatures and decreases as the austempering
temperature increases [15].

3.4. Worn and unworn surfaces

The 3D topographies were measured before and after the
rolling/sliding wear tests. From these measurements, the average
surface roughness (Ra) was obtained and is  presented in  Table 2.
It is evident that the surface roughness has increased after the
rolling/sliding tests. It  is  also remarkable that  the surface roughness
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Fig. 2.  Microhardness as function of austempering temperature.

shows an increasing trend with increased number of test cycles.
This is probably a  consequence of a  higher material removal as
a  result of severe wear. Another interesting fact is that, the con-
siderable variations in the initial roughness had a  limited effect
on the final surface roughness of the samples, also possibly due
to the severe wear that the specimens are subjected to. Both the
increase of roughness with the number of cycles and the negligible
effect of the initial roughness under dry rolling–sliding have been
reported in  the past for pearlitic rail steels by Tyfour et al. [16] and
the  behaviour of the steels studied in  this investigation follow this
same trend. The reason for this may  be that, while the initial rough-
ness plays an important role in  the running-in behaviour (as will
be explained further in Section 3.5), after long periods of time, the
asperities have been worn to similar heights. Therefore, the mech-
anisms operating at the surface in  every test are very alike, giving
rise to  similar Ra values at a  given test time in all the samples.

3.5. Friction coefficient

The tribological studies performed show that  the friction coef-
ficient is time dependent. The observed trend is  that the average
friction coefficient decreases with increased number of test cycles
as  shown in  Fig. 4.  It is also observed that the friction curve consists
of two  regions, “running-in” and “steady state”, which is  typical
for most dry contacts and even some lubricated contacts [17,18].
This effect is  mainly due to  an increase in contact area as the initial
asperities are removed. The overall average coefficient of friction
has been calculated for the “steady state” and lies within 0.55 and
0.58 for all the test pairs.

The duration of the running-in process seems to be determined
by the initial surface roughness of the mating materials. The results
imply that a higher initial surface roughness results in  a longer
running-in period. This is  due to the fact that larger asperities will

Fig. 3. Phase percentage calculated from XRD  measurements at different austem-
pering temperatures.
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Fig. 4. Friction coefficient as a  function of time for specimens austempered at  different temperatures. Definition of “run-in” and “steady state” stages are described in Section
3.5.

usually take longer time to  be worn off. The frictional behaviour of
the specimens austempered at 350 ◦C and run for 3 h and 1 h pre-
sented a  higher initial roughness than the rest of the samples (see
Table 2), showing therefore a higher run-in time.

It could seem peculiar that, when the samples’ roughness
increases, the friction coefficient increases as well. Generally a
higher roughness would mean that the real contact area decreases
which generally (but not  always) would mean a  decrease in the fric-
tion coefficient. However, it is  necessary to stress the fact that the
orientation of the roughness might affect the frictional behaviour.
When the samples are in “as machined” conditions, the roughness
has a defined texture parallel to the rolling direction. This initial
texture could be the reason why the samples exhibit a  low friction
coefficient in  the run-in stage (Fig. 4); nonetheless, as the texture
obtained in  machining is worn off, the samples start to show an
increased surface roughness (Table 2) with a  completely different
texture (see Fig. 5).

The friction coefficient increases rapidly during running-in until
it reaches a  “steady state” with considerable scattering. There may
be many reasons for the observed scattering. As explained in  Sec-
tion 2.2 the discs are running with a  considerable amount of slip
(5%), therefore, the discs’ surfaces are in  constant relative move-
ment. This relative movement causes the samples’ surfaces to
come into contact at different relative positions in every cycle,
causing a  subtle “running-in” effect with every revolution of the
disc. In addition to this, the wear debris produced, which is  later
oxidized into hard particles, is pressed into the rolling–sliding
contact constantly during the test. These hard particles, if embed-
ded into one of the surfaces, could cause ploughing into the
counter surface, therefore causing irregularities in  the friction
coefficient.

3.6. Wear rate

The specific wear rates calculated from the mass loss of each
sample and the sliding distance are presented in Fig. 6.  The amount
of material loss depends mainly on  the test cycles, load, slip, area of
contact, and also the initial hardness of the material. In  this case, the
slip and load are being kept constant throughout the tests. There-
fore, the main parameters affecting the wear rate are the area of
contact, test cycles and initial hardness of the material. It is  impor-
tant to  note that the initial hardness it is closely related to  the
microstructure and the austenite content of the material.

Fig. 5.  SEM image of the worn surface of the specimen austempered at  250 ◦C after
6000 cycles. Sliding direction upwards.
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Fig. 6.  Specific wear rate obtained at different number of test cycles.

From Fig.  6, it is  found that the specific wear rate increases with
the increase in the number of test cycles for all the samples. One
possible cause could be the gradual increase of the contact width
through the test. It  was measured that after 6000 cycles (1 h) the
contact width is  about 4.92 mm  while after 30,000 (5  h) it increased
to 8–10 mm.  This would mean a contact pressure decrease of about
1420 MPa  to 310 MPa  (hertzian stresses). It  is likely that, upon
reaching the lower contact pressure, the samples are not so sus-
ceptible to sliding wear as they are at the initial higher contact
pressures. However, since after some time the width of the contact
increases, a  larger area of the sample is  subjected to rolling con-
tact fatigue (hereby referred to  as RCF), which can occur even at
these lower stresses. The effect of RCF over a wider contact causes
a higher material loss than at lower cycles, when the contact width
length was considerably smaller. This statement also implies that
the steels in  question are more susceptible to  RCF wear than to  slid-
ing wear under the current conditions; however, more research is
needed in order to  verify this hypothesis.

An interesting behaviour of the sample austempered at 300 ◦C
is observed in Fig. 6. The wear rate is  higher than the other sam-
ples for 6000 cycles. This peculiar behaviour could be the result of
differences in the contact width of the test samples.

At lower test cycles (6000 i.e., after 1 h), the contact width is
higher for the samples austempered at 300 ◦C compared to samples
austempered at 350 ◦C and 250 ◦C which present the same con-
tact width. This difference may  account for the higher wear rate
observed in the sample austempered at 300 ◦C. Finally, the spec-
imen austempered at the lowest temperature (250 ◦C) presented
the lowest wear rate.

3.7. Wear mechanisms

After the rolling/sliding tests were completed, the worn surfaces
were analysed by  SEM, as well as with XRD. The damage observed in
different specimens, due to  the rolling/sliding contact, was mainly
the result of adhesive wear and surface cracking, likely originated
by contact fatigue. The worn surfaces’ features can be closely exam-
ined in Fig. 5. In addition, apparent indentation marks have been
observed on the surface. Two possible explanations for this type of
damage are possible. The first explanation is that these “indents”
are the result of the delamination of the material due effect of RCF
(Fig. 7). The second possibility is that the debris that has oxidized
and accumulated in the surface is hard enough to cause indentation
damage when pressed into the tribological contact (Fig. 8). Adhe-
sive wear is  not  largely observed in  the worn surfaces. The main
evidence of adhesive damage lies in  the observed surface crack-
ing. During the running-in period, the elastic–plastic deformation

Fig. 7. SEM micrograph in BES mode of surface and sub-surface cracks observed for
the specimen austempered at 300 ◦C after 18,000 cycles.

of the surface asperities that takes place due to  adhesion, results
in  the creation of crack nucleation sites in the surface. This can
be observed in the cross section cracks presented in  Fig. 7. Cracks
have been originated from the surface at stress concentration sites
originated from asperities deformed by adhesion. In addition, since
the wear debris has not been removed from the contact, it has oxi-
dized and agglomerated in  the surface, causing some indentation
and small scale 3-body abrasion.

In steady state friction, once most of the initial asperities have
been deformed or worn off, the surface is subjected to  plastic shear-
ing and also indentation damage due to  the accumulation of hard
wear debris. High normal loads combined with tangential traction
forces result in large strain cracks nearly parallel to  the contact sur-
face. As seen in Fig. 7, surface and sub-surface cracks were formed
due to  RCF. The cracks, which may  have nucleated in  the surface or
just below the surface, have propagated and coalesced resulting in
the local delamination of the material. The length of the cracks is
far longer than the longest ferrite lath package lengths observed. It
is  also observed that the microstructure is oriented strictly along
the wear direction creating a  “lamellar” microstructure consisting
of  lath-packages together with cracks. This phenomenon has been
observed in  all specimens.

Another of the mechanisms mentioned includes the accumula-
tion of oxidized wear debris which was mainly responsible for the
indentation damage that was  shown in  Fig. 5.  It  has been possible
to  observe that the debris tends to pile up at the contact opening
and is afterwards pressed inside the contact. This has lead to plastic
deformation of the surface, as can be observed in Fig. 8.  EDX spectra
were taken in  the marked areas showing a  high presence of oxy-
gen and iron and traces of chromium, manganese and silicon. This
shows that the wear debris produced is oxidized during the tests.

It can also be interesting to  note in Figs. 7 and 8, that the
microstructure is  much finer closer to  the contact surface than in
the bulk. As can be seen, this region has suffered heavy plastic defor-
mation and the microstructure has aligned parallel to the sliding
direction. This is  typical of sliding contacts and has been reported
by  Chang in  the past [19].

3.8. XRD analyses after wear

The worn disc surfaces have been analysed by XRD in order to
study the phase transformations that could have taken place dur-
ing wear. The results presented in  Fig. 9 show that, for the sample
austempered at 250 ◦C, the retained austenite initially present in
the sample, has been completely transformed into martensite after
1 h of testing (6000 cycles). No austenite could be observed in  any
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Fig. 8. Oxidized wear debris agglomerated on top of the deformed surface and EDS spectra. Sample austempered at 350 ◦C  and tested for 30,000 cycles.

of the other worn samples. This can be  a  clue that, for these test
conditions, the steels currently in  use can present a  TRIP effect
(transformation induced plasticity), as well as a  complete trans-
formation to martensite after one hour of testing. Similar results
have been obtained in  a study by Chang for other ausferritic steels
[19]. The TRIP effect consists in the transformation of soft duc-
tile retained austenite into martensite. The effect of the amount
of retained austenite in  wear has been studied in the past by  Vuori-
nen et al. [11,12] and, as has been shown in  the current study, a
higher austenite content in the steel appears to  result in a  worse
wear performance of these materials.

3.9. Microhardness profiles

Several microhardness tests were conducted along the cross-
sections of all samples, in order to investigate the hardness of the
worn surface as well as the depth of the deformed sub-surface. Such
hardness profiles are shown in Fig. 10 for the specimen austem-
pered at 250 ◦C. In all cases there is a  significant hardening at the
surface and sub-surface regions present up  to a  certain depth. It
is likely that this is because of the increased dislocation density
caused by  the massive plastic deformation, i.e., strain-hardening.
The depth of the deformed layer depends on the hardness of the
material and the number of test cycles.

Fig. 9.  XRD patterns before and after 6000 cycles of testing for the sample austem-
pered at 250 ◦C.
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Fig. 10. Hardness profile for the sample austempered at 250 ◦C for different test
times.

The hardness increase experienced by all samples might not
only be attributed to the aforementioned strain-hardening, but
also to  the strain induced martensitic transformation of the
retained austenite. As has been mentioned before, the XRD anal-
yses have shown evidence that this transformation is present in
the samples’ surface. Therefore, it is possible to  assume that both
strain-hardening and the strain induced phase transformation are
contributing mechanisms to the increased hardness of  the samples
after the rolling–sliding tests. One interesting consequence is  that
the lath structure oriented along the wear direction shown in Fig. 7
most probably consists of ferrite laths and thin martensite films.
Martensite is formed from austenite by deformation and thereby
to a  certain depth below the surface. If the cracks shown in  Fig. 7 are
formed at the ferrite-martensite interface and if they are stopped
at the martensite-austenite border or  not is a question of interest
to be studied in the future.
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The thickness of the hardened layer seems to  increase with
austempering temperature or, in other words, lower bulk hardness
as shown in Fig. 11.  As expected, the surface hardening is higher
in the samples with a higher austempering temperature. A higher
austempering temperature will produce a  higher austenite con-
tent, which is soft and ductile in  nature, reducing the hardness of
the material. Therefore, the samples austempered at higher tem-
peratures undergo plastic deformation deeper into the bulk of the
sample, resulting in a  thicker hardened layer.

4. Conclusions

One of the main goals of this study has been to analyse how the
austenite content of the material affects the tribological behaviour
at different test cycles. While the frictional behaviour of all samples
has been found to  be similar, the wear properties have shown con-
siderable differences. It has been determined that, at 6000 cycles,
the samples already present RCF damage that has been initiated
by surface defects introduced by either the machining process or
adhesive damage during the test. At  higher cycles the damage is
greatly accentuated and all the samples exhibit severe wear. Since
the cracking starts before the first 6000 cycles, prolonged testing
causes an even greater material loss at higher test times due to
RCF. While the sample austempered at 250 ◦C has sufficiently high
mechanical properties to  withstand this heavy wear to  some extent,
higher amounts of austenite (higher austempering temperatures)
will cause the wear rate to  increase by  a  factor of two at the longest
test time.
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Abstract:  Crack initiation, propagation and microfracture processes of austempered high silicon cast steel have 
been investigated by using an in-situ tensile stage installed inside a scanning electron microscope chamber. It is 
revealed that micro cracks always nucleate at the yielding near imperfections and the boundary of matrix-inclusions 
due to the stress concentration. There are four types of crack propagations in the matrix: crack propagates along 
the boundary of two clusters of bainitic ferrite; crack propagates along the boundary of ferrite–austenite in bainitic 
ferrite laths; crack propagates into bainitic ferrite laths; crack nucleates and propagates in the high carbon brittle 
plate shape martensite which is transformed from some blocky retained austenite due to plastic deformation. 
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During the last two decades, a great of efforts has been 
devoted to the study of microstructural characteristics 

and their effect on the mechanical properties of high silicon 
steel [1-10]. This kind of steel has fine duplex microstructure 
of bainitic ferrite and retained austenite which similar to 
ausferrite, a unique structure in ADI and is a material of high 
interest due to its excellent combinations of high strength, 
ductility, toughness, fatigue strength and wear resistance. High 
silicon steels have also great potential to become a structural 
material with low cost and high reliability [5, 10].

However, only a limited amount of work has been done 
on microprocess of fracture in silicon alloyed steels, and 
this is very important to understand the crack initiation 
and propagation. In this paper, the study on microfracture 
processes of high silicon cast steel by observation and analysis 
using an in-situ tensile stage installed inside a scanning 
electron microscope (SEM) chamber at room temperature is 
presented.

1 Experimental procedure
The chemical composition of the silicon alloyed steel is listed 
in Table 1.

Table 1: Chemical composition of silicon alloyed steel

C Si Mn P S Cr Mo V Ti RE Fe

0.72 2.11 0.38 0.024 0.017 0.035 0.32 0.043 0.024 0.021 Bal.

The steel was melted in a 500 kg medium-frequency 
coreless induction furnace with siliceous lining, with charge 
materials of silicon steel scrap, graphite, Fe-Si, Fe-Mn and Fe-
Mo master alloys. The melt was superheated to 1,600 °C, held 
at the temperature for 5 minutes, then cast into Y blocks (type 
II) by investment casting.

The samples were cut from the bottom of the Y blocks. The 
test samples were austenitized at 900°C for 30 minutes in a 
resistance furnace with a power of 5 kW. Austempering was 
performed at 360 °C for 30 minutes in a salt bath, and then 
cooled in air. The austenitizing and austempering temperature 
was regulated by a Naber NM1R temperature processer. The 
specimens for in-situ scanning electron microscope (SEM) 
observation were sliced into 1 mm thick plate by electrical 
discharge wire cutting and subsequently ground down to a 
thickness of 50 – 70 m on a wet 800 grit silicon carbide 
abrasive paper. After grinding the samples were finally 
polished using 0.25 m diamond paste. Figure 1 illustrates the 
specimen geometry and dimension. Etched specimens by a 
3% natal solution were also prepared for in-situ tensile testing 
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and observation. In-situ tensile experiments were conducted 
in a Jeol JSM 6460 SEM with a Deben microtest appendix 
with maximum load capacity of 200 N at room temperature 
using an accelerating voltage of 15 kV. The motor speed of the 
microtest is 0.1 mm/min.

Fig.1: Geometry and dimension of the tensile 
specimen for in-situ SEM observation

in Fig. 2. When the micro-tensile specimen is extended, the 
crack is first nucleated at the yielding near the imperfections. 
These imperfections, which could be considered as a notch tip, 
were possibly caused during electrical discharge wire cutting, 
leading to stress concentration, see Fig. 2(a). Around and 
ahead of the crack, there is a lot of slip lines observed in the 
un-etched specimens, as illustrated in Fig. 2(b). The slip lines 
are orientated along the maximum shear stress direction. The 
orientation and the path of the crack have shown that the crack 
propagates and widens along the slip planes. With a further 
straining, the second micro crack nucleates at the ahead of 
the first one, and then the micro cracks propagate and merge
into each other, and the interfacial crack opens, which become 
the main crack, as shown in Fig. 2 (b) and (c). The matrix 
microstructure of high silicon cast steel after austempering 
heat treatment consists of colonies of finer acicular bainitic 
ferrite (dark etched) and carbon-enriched retained austenite. 
The micrograph of etched specimen in Fig. 2(d) shows that 
the slip lines initiate in the austenite between the bainitic 
ferrite laths due to its lower yield stress. The orientation of the 
bainitic ferrite laths affects the initiation and propagation of 
slip lines and cracks.

2 Results and discussion

2.1 Crack nucleation
The SEM micrographs of crack initiation, propagation and 
microfracture processes in high silicon cast steel are shown 

Fig. 2: SEM micrographs of crack initiation and propagation: crack nucleation near the imperfection on 
the specimen (a), micro crack initiation and propagation along the slip lines (b) and (c), slip lines 
nucleation in the austenite between the bainitic ferrite laths (d)

Some inclusions are observed on the surfaces of the 
specimens and energy dispersive X-ray (EDX) analysis has 
shown that these inclusions are some kind of sulfur compound. 
During tensile the micro cracks also nucleate at the inclusion-
matrix interface as a result of stress concentration, as shown 
in Fig. 3. With increasing strain, the cracks propagate along 

the inclusion-matrix interface and new micro cracks form at 
the inclusion-matrix interface or in the inclusions near the 
interface. Then the interfacial cracks propagate, connect to 
each other, and open. When the interfacial cracks propagate all 
around an inclusion, a crack forms inside the matrix adjacent 
to the inclusion.

(a)

(c)

(b)

(d)
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Cracks always nucleate at the regions where a strong plastic 
deformation exists indicating that the formation of cracks is 
related to local plastic deformation of the matrix. It is generally 
agreed that a cleavage micro crack can initiate through the 
mechanisms of Cottrell's dislocation reaction or the models of 
piled-up dislocation [11]. According to Smith's cleavage crack 
fracture theory, when the second phase particles (such as 
carbide, inclusions, etc.) exist in a material matrix, cracks could 
nucleate as a consequence of dislocation [12, 13] at the boundary 

of matrix-particle. Equation (1) gives the relationship between 
the effective shear stress xe and the diameter of the second 
phase particles:

2/1
2 ]
)1(

8[
d

G
e  (1)

Where xe is effective shear stress, G is the shear modulus, 
v is Poisson’s ratio, c is the effective fracture surface energy 
and d is the particle diameter. The smaller the particle 
diameter d, the higher the resistance to crack formation. 
After austempering heat treatment, there were no carbides 
precipitated in the structure because concentration is 
suffi ciently high to prevent the precipitation of cementite from 
austenite, but some large size inclusions are observed.

Micro cracks are nucleated at the inclusion-matrix interface, 
which is perpendicular to the direction of the tensile stress. It is 
because the mechanical properties of inclusion and the matrix 
are very different. The stress concentration caused by the local 
deformation during the elastic deformation stage can be up 
to 800–1,300 MPa [14]. The inclusion-matrix interface is very 
weak, when the stress concentration is larger than the bond 
strength of the inclusion-matrix interface, crack nucleates. 

2.2 Crack propagation
There are four types of the crack propagation in the matrix of 
high silicon cast steel, which are shown in Fig. 4. 

Fig. 3: Crack initiation and propagation at the inclusion-
matrix interface and propagation inside the 
matrix adjacent to the inclusion

Fig. 4: Crack propagation in matrix:(a) the crack A-B propagates along the boundary of two clusters of bainitic 
ferrite and the crack B-C propagates along the boundary of ferrite–austenite in bainitic ferrite laths; (b) the 
crack D-E propagates along the boundary of two clusters of bainitic ferrite and the crack E-F propagates into 
bainitic ferrite laths; (c) the crack G-H propagates along the boundary of ferrite–austenite in bainitic ferrite 
laths; (d) the cracks nucleate and propagate in a high carbon stress induced martensite in the strong plastic 
deformation region. 

(a)

(c)

(b)

(d)
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Firstly, crack propagates along the boundary of two clusters 
of bainitic ferrite, as illustrated in Fig. 4(a) for crack section 
A-B and Fig. 4(b) for D-E. When the crack encounters another 
cluster of bainitic ferrite with a different orientation, the crack 
changes the propagation direction as shown in Fig. 4(a). 
Because of the mismatch between the two bainitic ferrite laths, 
the bond strength at the interface is very low. Therefore, cracks 
in the matrix will preferentially extend along the boundary of 
bainitic ferrite laths.

Secondly, crack propagates along the boundary of ferrite–
austenite in bainitic ferrite laths, as shown in Fig. 4(a) for 
crack section B-C and Fig. 4(c) for G-H. It is observed in the 
SEM micrographs the angle between the orientation of bainitic 
ferrite laths and the direction of the tensile stress is always 
greater than 45˚ when the crack propagates along the ferrite–
austenite interface.

Thirdly, crack propagates into bainitic ferrite laths, as 
shown in Fig. 4(b) for crack section E-F. It is seen from the 
SEM micrographs that the angle between the orientation of 
bainitic ferrite laths and the tensile direction is always less 
than 45˚ when the crack propagates into the bainitic ferrite 
laths, crosses the bainitic ferrite laths and then continues to 
propagate. It is also observed that cracks deflect, branch or
blunt when encountering another bainitic ferrite lath with a 
different orientation.

Fourth, some blocky retained austenite could transform 
into high carbon brittle plate shape martensite due to plastic 
deformation by stress; and the crack could nucleate and 
propagate in it. The primary dendritic austenite structure of 
high silicon cast steel is usually coarse and thus causes a severe 
dendritic segregation of elements [10]. The content of carbon 
and other alloying elements between dendrites is enriched, and 
the dendritic structure and segregation can not be eliminated by 
subsequent heat treatments, thus giving rise to some of blocky 
retained austenite in the austempered structure. EDX analysis 
has shown that the carbon content of blocky retained austenite 
is relatively low, less than 1.6%, therefore the thermal and 
mechanical stability of the blocky retained austenite is also 
low, which makes the blocky austenite susceptible to stress 
induced martensite transformation under high stress. Research 
work has shown that blocky retained austenite is less thermally 
and mechanically stable and this instability can lead to brittle 
plate shape martensite to occur in the microstructure and 
degraded toughness [15-19]. The martensitic platelet is clearly 
shown by the topographic changes, which produces on 
originally polished surface in Fig. 4(d) and the crack is blunted 
when encountering another bainitic ferrite lath.

It has been mentioned in section 2.1 that the matrix 
microstructure of high silicon cast steel consists of colonies 
of finer alternating lath bainitic ferrite and carbon-enriched 
retained austenite film between the bainitic ferrite laths. 
When the direction of stress suffered is perpendicular to the 
orientation of bainitic ferrite lath, bainitic ferrite and retained 
austenite are in the same state of tension stress. Because of 
the mismatch between the bainitic ferrite and austenite, the 
maximum stress the ferrite-austenite interface could withstand 

is much lower than that of the bainitic ferrite or retained 
austenite. The bond strength of the interface is very low. 
Therefore, cracks in the matrix will preferentially extend along 
the ferrite-austenite interface. When the direction of stress 
is parallel to the orientation of bainitic ferrite lath, bainitic 
ferrite and retained austenite are in the same state of strain. 
Since bainitic ferrite has higher modulus of elasticity than 
retained austenite, the bainitic ferrite lath could withstand 
greater tensile stress than the retained austenite during the 
plastic deformation. On the other hand, as retained austenite 
has higher toughness than bainitic ferrite, retained austenite 
could sustain greater plastic deformation than bainitic ferrite. 
After fracture of bainitic ferrite the retained austenite could 
still sustain a certain further plastic deformation, therefore the 
stress at the crack tip can be relaxed in certain degree. So the 
crack could stop propagating and then deflects, branches or
blunts. The thin film shaped retained austenite has much higher 
thermal and mechanical stability. Transformation of austenite 
to martensite in the plastic deformation zone at the tip of a 
propagating crack should reduce the energy required for crack 
propagation and hence improve fracture resistance. Also, the 
compressive stress caused by the expansion of austenite to 
martensite transformation could increase the crack propagation 
resistance.

In general, the cracks always propagate along the direction 
that has the lowest resistance. When the angle between the 
orientation of bainitic ferrite laths and the direction of the 
tensile stress is greater than 45˚, the crack should propagate 
along the ferrite–austenite interface. On the other hand, when 
the angle between the orientation of bainitic ferrite laths and 
the direction of the tensile stress is less than 45˚, the cracks 
should propagate into the bainitic ferrite laths, across the 
bainitic ferrite laths and then continue to propagate. Some 
blocky retained austenite, at the tip of a propagating crack, 
could transform to brittle plate shape martensite induced by 
high stress and plastic deformation. This martensite is high 
carbon untempered martensite and promotes the nucleation 
and propagation of crack. 

Based on the above observation and analysis, a schematic 
diagram of the crack nucleation and propagation process of 
high silicon cast steel is proposed and shown in Fig. 5.

Fig. 5: Schematic diagram showing the process of 
nucleation and propagation of the crack in high 
silicon cast steel
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2.3 Analysis of fracture surface
Figure 6 shows the fracture surface of the high silicon cast 
steel specimens. There are three obviously different regions on 
the appearance of the fracture surfaces, namely a near notch 
tip region (Fig. 6(a)), a transition region (Fig. 6(b)) and a 
center region (Fig. 6(c)). The fracture mode in the near notch 

tip region is predominantly cleavage faceted and it covers a 
distance of about 40 m from the notch tip. In the transition 
region, the fracture mode is a transition of cleavage faceted to 
ductile intergranular fracture. In the center of the specimen, 
the fractograph contains large amounts of dimples and some 
cleavage facets. 

Fig. 6: SEM fractographs of fracture surface of high 
silicon cast steel 

3 Conclusions
According to the observation of microfracture processes, micro 
cracks always nucleate at the yielding near imperfections 
which may be caused by electrical discharge wire cutting 
and could lead to stress concentration. Micro cracks could 
also nucleate as a consequence of dislocation at the interface 
between matrix and inclusions. 

There are four types of the crack propagation in the matrix 
of high silicon cast steel: crack propagates along the boundary 
of two clusters of bainitic ferrite; crack propagates along the 
boundary of ferrite–austenite in bainitic ferrite laths when the 
angle between the orientation of bainitic ferrite laths and the 
direction of the tensile stress is greater than 45˚; crack also 
propagates into bainitic ferrite laths when the angle between 
the orientation of bainitic ferrite laths and the direction of 
the tensile stress is less than 45˚; crack could nucleate and 
propagate in the high carbon brittle plate shape martensite 
which is transformed from some blocky retained austenite due 
to plastic deformation. Based on the observation and analysis 

of microfracture processes, a schematic diagram of the crack 
nucleation and propagation process of high silicon cast steel is 
proposed.
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