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Abstract 
 
Titanium and its alloys are used in a wide range of applications from aerospace, marine, biomedical 
implants and consumer goods, due to their superior specific strength, excellent corrosion resistance, 
and biocompatibility. In aerospace applications, these alloys are predominately used as components 
in the aero/rocket engines and structural parts in airframe because of their high strength–to–weight 
ratio compared to other metallic materials. Ti–6Al–2Sn–4Zr–2Mo (Ti–6242) and Ti–6Al–4V (Ti–
64) are two of the most commonly used alloys in aeroengines where the temperature reaches up to 
300–450°C. Ti–6242 is preferred for higher temperature applications i.e. up to 450°C, owing to its 
excellent fatigue and creep resistance. Ti–64 is used up to 300°C because of its good tensile and 
fatigue strength. In titanium alloys, the mechanical properties are dependent on variables such as: 
alloy chemistry, manufacturing methods and environmental conditions during service. These 
variables greatly influence the alloy microstructure, which inherently affects their properties. The 
focus of the present research is to understand the influence of specific elements such as hydrogen, 
oxygen and boron on the mechanical properties of Ti–6242 and Ti–64 alloys.  
 
In the first study, Ti–64 alloy has been exposed to gaseous hydrogen (15 MPa). Here the tensile, 
low cycle fatigue (LCF) and fatigue crack growth (FCG) properties were explored. Studies showed 
that in gaseous hydrogen, the LCF life and the FCG resistance were significantly reduced in 
comparison to those properties measured in ambient air. However, it was observed that there was no 
significant influence of gaseous hydrogen on the ductility. The influence of hydrogen on the 
mechanical properties seems to be dependent on the microstructure of the alloy. It was noted that 
the yield strength (YS), ultimate tensile strength (UTS) and LCF life in gaseous hydrogen were 
higher for Ti–64 alloy with smaller prior beta grains and smaller alpha colonies compared to the 
coarse microstructure. Similar observation was also noted for the FCG resistance. The results in the 
study indicate that hydrogen mainly influences the crack growth properties as it changes the mode 
of fracture from ductile to brittle at a critical stress intensity value.  
 
Secondly, Ti–6242 alloy was isothermally heat–treated in ambient air at the temperatures 500, 593 
and 700°C up to 500 hours. At these temperatures and times, it was noted that a brittle layer that is 
enriched with oxygen was formed. This layer is termed “alpha–case”. The thickness of this layer 
increased with temperature and exposure time. To investigate the effect of this layer on the 
mechanical properties, LCF testing at strain amplitudes 0.3 and 0.4% was performed for different 
alpha–case thicknesses. It was noted that the LCF life reduced about 50% with 2 µm thick alpha–
case and 90% with 10 µm thickness at strain amplitudes 0.4%. The study indicated that life for 
fatigue crack initiation is affected rather than the fatigue crack propagation, and the reduction in 
LCF life is because of the layer enriched with oxygen.  
 
Finally, the influence of boron on the compression, tensile and LCF properties of Ti–64 alloy were 
investigated. Here, small amount of boron (i.e. 0.06 and 0.11 wt.%) was added during casting of 
Ti–64 alloy. It was noted that the boron refined the coarse “as cast” microstructure by precipitating 
TiB precipitates along the grain boundaries. The refined microstructure increased the compressive 
strength, YS, UTS, ductility and the LCF life at room temperature. The LCF life of cast Ti–64 alloy 
with boron up to 0.11 wt.% was increased at strain amplitudes ≤ 0.75%. At higher strain amplitudes 
(1%), the LCF life was reduced. It is because of cracking of the TiB precipitates, which can easily 
initiate the cracks. Beside this, it was noted that the effect of grain refinement is diminishing at 
temperatures above 500°C. The study showed that the increase in mechanical properties of Ti–64 
alloys with boron is a result of reduction in both the prior beta grain and alpha colony dimensions. 
 
Keywords: Titanium alloys, Hydrogen, Oxygen, Boron, Tensile, Compression, Fatigue, 
Metallography and Fractography. 
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1. Background   
 
Today, the major challenge in the aerospace industry is to reduce the environmental impact of 
burning fossil fuels from aero–engines. The challenge can be addressed in two ways: i) 
lowering the fuel consumption in the next generation engines by reducing the engine weight, 
which can be achieved by selecting lighter materials for certain components; and ii) 
increasing the engine working pressure/temperature, thereby improving the efficiency of the 
engine. To achieve these goals, optimisation of the existing high temperature materials and/or 
selection of new materials are potential ways to succeed.  
 
Titanium and its alloys are one of the most promising materials that could meet the future 
requirements in aeroengines. Today, titanium alloys are used to manufacture critical 
components, because of their high strength–to–density ratio (i.e. specific strength) up to 
600ºC compared to other metallic materials (see Figure 1.1) [1,2]. In addition, titanium alloys 
also possess excellent corrosion resistance and biocompatibility, which make them suitable to 
be used in offshore equipment, biomedical implants and consumer goods [3–6]. Despite their 
exceptional properties, the extensive usage of titanium alloys is limited because of the high 
manufacturing cost. The major cost is associated with: (a) various methods to control the 
chemical composition and simultaneously reduce the reactivity of titanium with interstitial 
elements such as hydrogen, oxygen and nitrogen; (b) thermo–mechanical processing steps to 
obtain the desired microstructure, and (c) methods to inhibit oxidation and formation of a 
hard and brittle layer called alpha–case above 480ºC [5–10]. Research aiming towards 
gaining a better understanding of the factors influencing mechanical properties is of highest 
significance. This is not only important for developing new high strength materials but also 
for optimising the already existing ones. 

  
 

 
 

Figure 1.1. Strength–to–density ratio for different metallic materials as a function of 
temperature [10]. 

 
Ti–6Al–2Sn–4Zr–2Mo (Ti–6242) and Ti–6Al–4V (Ti–64) are the two most widely used 
titanium alloys in the aerospace industry. Ti–6242 is a high temperature alloy with 
exceptional fatigue and creep properties up to 450°C, whereas Ti–64 has good fatigue 
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strength up to 300°C with good formability [11,12]. It can be seen that there is a limitation in 
service temperature for titanium alloys, mainly because of reduction of mechanical properties 
and formation of a hard and brittle layer (termed as alpha–case) enriched with oxygen at 
elevated temperatures [5,6,11,12]. There is a quest from the aerospace industry to use 
titanium alloys at even higher temperatures than used today. This can be achieved either by 
developing new titanium alloys that can withstand higher temperatures or by expanding the 
service temperature for already existing alloys. The later one is only viable through extensive 
understanding of the oxidation mechanisms, physical phenomena involved and its effect on 
the mechanical properties. In addition, there is a strong interest from the aerospace industry 
in exploring the possibilities of using the Ti–64 alloy in future rocket engines, which then 
would be exposed to high–pressure gaseous hydrogen (15 MPa). It is well known that 
hydrogen present either internally or externally degrades the mechanical properties of 
titanium alloys [13]. However, there were no studies at high–pressure of gaseous hydrogen. 
Recently there has been a strong interest to understand the newly developed titanium alloys 
that are modified by adding residual amounts of boron [14–20]. It was shown that adding 
boron ≤ 0.1 wt.% to Ti–6242 and Ti–64 alloys significantly improves tensile strength, fatigue 
properties and creep properties. The addition of boron could reduce the number of thermo–
mechanical processing steps required to obtain the final product, thereby reducing the 
production cost. However, to be able to use these newly developed alloys in service there is a 
need to understand the limitations and advantages of adding the boron on the mechanical 
properties in service conditions. 
 
1.1. Aim and scope  
The scope of the present research work can be summarised in the following research 
question:   
 
What is the influence of hydrogen, oxygen and boron on the mechanical properties of Ti–
6Al–2Sn–4Zr–2Mo and Ti–6Al–4V?    
 
The research methodology followed in the thesis is as follows:   
 

1. Characterisation of the materials microstructures in as received condition.  
2. Performing mechanical testing such as compression, tensile, low cycle fatigue and 

fatigue crack growth.  
3. Microstructural and fractographic analysis to reveal the underlying physical 

phenomenon and/ or mechanisms. 

1.2. Organisation of the thesis 
The research work carried out is organised in the thesis as follows: 
 
Chapter 1: Background to the research work. 
Chapter 2: Physical metallurgical aspects of titanium alloys – briefly discusses the 
microstructure and mechanical properties mainly focused on Ti–6242 and Ti–64 alloys. 
Chapter 3: Influence of selected elements (hydrogen, oxygen and boron) on the mechanical 
properties – briefly describes the effect of each element. Relationship between the 
microstructure and the selected mechanical properties are discussed. 
Chapter 4: Summary of appended papers. 
Chapter 5: Conclusions and future work.  
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2. Physical metallurgy of titanium and its alloys 
 
Titanium (Ti) is the fourth most abundant metal found in the Earth's crust (approximately 
0.4–0.6 wt.%), which exhibits high reactivity with other elements in the periodic table. Pure 
titanium exists in two phases: α phase (hcp) at room temperature and β phase (bcc) at 
temperatures above 882°C (see Figure 2.1). At 882 ± 2°C, it undergoes an allotropic phase 
transformation α⇔β; the temperature at which transformation occurs is termed βtransus. The 
transformation from β→α takes place either by a diffusion–controlled nucleation and growth 
process or by a diffusion–less transformation (a martensitic transformation), which depends 
on the cooling rate and the alloy composition [5,6,21]. 

 

. 
 

Figure 2.1. Crystal structure of α (hcp) and β (bcc) phases in titanium and the most common 
slip planes [5]. 
 
2.1. Classification of titanium alloys  
When titanium interacts with other elements in the periodic table it mostly result in formation 
of interstitial solid solutions, substitutional solid solutions and/or intermetallic compounds 
[21–23]. This results in titanium alloys with one or more phases depending on the type of 
alloying elements and processing conditions (temperature and cooling rate). These phases 
dictate the mechanical properties of most of the titanium alloys. 
 
Titanium alloys that are commercially available are divided into three different classes: α, 
α+β and β alloys. These alloys are further sub–divided into near α and near β. The 
classification of titanium alloys is depending on the type and amount of alloying elements, 
which decide the fraction of crystalline phases (α or β) at room temperature. The alloying 
elements that are added is soluble in titanium and tend to; (i) stabilise the α phase by raising 
the βtransus, ii) stabilise the β phase by lowering the βtransus, or (iii) act as solid solution 
strengtheners without affecting the βtransus. Alloying elements such as simple metals (Al, Sn) 
and the interstitials (O, N, C) that stabilise the α phase are called α stabilisers. In contrast, the 
elements such as transition metals (Mo, V, Cr, Cu) and noble metals (Au, Pt) that stabilise the 
β phase are called β stabilisers [5,6,11,12]. Table 2.1 shows the list of the most commonly 
used alloying elements.  
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Table 2.1. Typical amount and effect of commonly used alloying elements in titanium 
[11,12]. 

 
Alloying 
element 

Amount 
(wt.%) 

Effect on structure 

Al 2–7 α stabiliser 
Sn 2–6 α stabiliser 
V 2–20 β stabiliser 
Cr 2–12 β stabiliser 
Mo 2–20 β stabiliser 
Zr 2–8 α and β strengthener 
Si 0.05–1 Improves creep resistance 
C 0.10–0.20 α stabiliser 
N 0.02–0.07 α stabiliser 
O 0.10–0.20 α stabiliser 
H 0.010–0.015 β stabiliser 

 
Αlpha (α) and near α alloys – When α stabilisers are added as alloying elements to pure 
titanium it results in α phase at room temperature. Therefore these alloys are known as α 
alloys. If a small amount of β stabilisers (1–2 wt.%) are added to these alloys it results in the 
formation of near α alloys with a small amount of β phase at room temperature. A typical 
example of an α alloy is Ti–5Al–2.5Sn, and example of near α alloy is Ti–8Al–1Mo–1V and 
Ti–6Al–2Sn–4Zr–2Mo. The aluminium content in these alloys is kept below 9 wt.%, because 
if exceeded they precipitate as Ti3Al and lead to embrittlement [5,6,11,12].  

α + β alloys – These alloys have a balanced amount of α and β phases at room temperature, 
which are obtained by adding one or more α stabilising elements together with β stabilising 
elements. Ti–6Al–4V is the most common α+β alloy. Another alloy is Ti–6Al–2Sn–4Zr–6Mo 
[5,6,11,12]. 
 
Near β and β alloys – These alloys contain 10–15 wt.% β stabilisers along with a small 
amount of α stabilisers to retain higher β phase than α phase at room temperature, and are 
termed as near β alloys [5]. In contrast, alloys that contain a high volume fraction of β phase 
are known as β alloys. An example of near β alloy is Ti–5Al–2Sn–2Zr–4Cr–4Mo, where as β 
alloy is Ti–15Mo–2.7Nb–3Al–0.2Si (Β 21S) [11,12]. 
 
Table 2.2 shows commercially used titanium alloys in the order of introduction year along 
with chemical composition and maximum service temperature [11,24–26].  
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Table 2.2. Commercial titanium alloys with their alloy composition, introduction year and 
maximum service temperature [24–26]. 

 
Material Composition (wt.%) Alloy type Year Service 

temperature 
(°C) 

 Nominal 
elements 

Impurities 
(max.) 

   

Ti–64 6Al, 4V 0.05N,0.1C, 
0.0125H,0.3Fe, 

0.2O 

α+β 1954 300 

IMI 550 4Al,2Sn,4Mo, 
0.5Si 

0.0125H,0.2Fe, 
0.27(O+N) 

α+β 1956 400 

Ti–811 8Al,1Mo,1V 0.05N,0.08C, 
0.015H,0.3Fe, 

0.12O 

near α 1961 400 

IMI 679 2.25Al,11Sn,5Zr,
1Mo,0.25Si 

0.125H,0.2Fe, 
0.2O 

near α 1961 450 

Ti–6246 6Al,2Sn,4Zr,6Mo 0.04N,0.04C, 
0.0125H,0.15Fe, 

0.15O 

α+β 1966 450 

Ti–6242 6Al,2Sn,4Zr,2Mo 0.05N,0.05C, 
0.0125H, 
0.25Fe, 
0.15O 

near α 1967 450 

IMI 685 6Al,5Zr,0.5Mo, 
0.25Si 

0.03N,0.08C, 
0.01H,0.05Fe, 

0.2O 

near α 1969 520 

Ti–17 5Al,2Sn,2Zr,4Mo,
4Cr 

0.04N,0.0125H, 
0.13O 

α+β 1973 350 

Ti–6242S 6Al,2Sn,4Zr,2Mo,
0.1Si 

0.04N,0.05C, 
0.0125H, 

0.25Fe,0.15O 

near α 1974 540 

IMI 829 5.5Al,3.5Sn,3Zr, 
0.25Mo,1Nb, 

0.3Si 

0.03N,0.006H, 
0.15O 

near α 1976 580 

IMI 834 5.8Al,4Sn,3.5Zr, 
0.5Mo,0.7Nb,0.35

Si,0.06C 

0.03N,0.08C, 
0.006H,0.05Fe, 

0.15O 

near α 1984 600 

Ti–1100 6Al,2.7Sn,4.0Zr, 
0.4Mo,0.45Si 

0.03N,0.04C, 
0.02Fe,0.09O 

near α 1986 600 

(IMI represents the original designation of the alloy when introduced. Now it is changed to 
TIMETAL). 

 2.2. Manufacturing of titanium alloys  
Titanium and its alloys are manufactured from ore to a final solid product through 
metallurgical route by the following steps (see Figure 2.2) [5,6,12]:  
 
i) Production of titanium to sponge is obtained by the reduction of titanium ore into a porous 
form, referred to as titanium sponge by using Kroll’s process. In Kroll’s process, the mineral 
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rutile (93–96% TiO2) is reacted with Cl2 gas to form titanium tetrachloride (TiCl4). TiCl4 is 
purified and finally reduced to a metallic titanium sponge through a distillation process using 
magnesium. 
ii) The titanium sponge, or sponge and a master alloy is melted in a protective atmosphere 
(helium or argon) to form an electrode. The electrode is remelted and then casted into ingots.  
iii) The cast ingots are converted into billets or mill products such as bar, plate, sheet, strip, or 
wire, using the primary processing techniques such as forging and rolling.  
iv) The billets or bars are further processed into desired final products by secondary 
processing steps. Here the thermo–mechanical treatments are performed in a protective 
atmosphere to control the uptake of oxygen.  
 

 
 

     
 

Figure 2.2. Overview of titanium production route from ore to final product [12]. 
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The necessity of using all the above steps to manufacture titanium alloys with desirable 
mechanical properties renders in higher cost for total production. The steps that are crucial 
are the ones used in the primary stages (see top image in Figure 2.2), where it is important to 
prevent the formation of hard, brittle and refractory titanium oxides, titanium nitrides or 
complex titanium oxynitride particles since they can serve as crack initiation sites. Another 
important consideration is to maintain low levels of residuals or interstitial elements in the 
liquid melt, as titanium is known to interact with these elements and lead to a decrease in 
mechanical properties of the final product [5,6,9,12,27]. Therefore, to manufacture a 
contamination free alloy, it is required to use special melting and casting methods. The most 
commonly used methods are cold hearth melting, consumable–electrode vacuum arc 
remelting and induction skull melting [5,6,8,27–29]. 
  
Casting is the most important part of the manufacturing step, where the ingot structure is 
strongly dependent on the cooling rate. In practice, casting often produces inhomogeneous 
structure because of variation in cooling rate, which can result in macro segregation. The cast 
ingots may also contain melt related defects such as high interstitial defects because of the 
high reactivity with nitrogen and oxygen; tungsten rich inclusions (W, WC) known as hard 
density inclusions; α stabilised (Al, Sn) rich regions; β stabilised (Cr, Cu) rich regions termed 
β flecks, and voids. The elements such as Cr, Cu, Fe and Mn if present in titanium alloys are 
more prone to form β flakes. Since melting is the primary source of all these defects, once 
formed it will be difficult to eliminate them by subsequent processing steps, including 
remelting. Therefore particular attention is required during the melting of titanium alloys, 
which includes a selection of crucible material and melting furnaces [6,7,12,27,30]. 
 
The titanium ingots obtained after casting are processed into different shapes using thermo–
mechanical processes such as: rolling, forging, wire drawing and extrusion, as shown in 
Figure 2.2. Firstly, the cast ingots with coarse and inhomogeneous structure are broken down 
by preheating and forging in the single β phase field (i.e. temperatures between 100 and 
150ºC above βtransus), or by shaping the ingots using different casting processes directly from 
the melt. Secondly, the desired shape of the product is achieved by performing isothermal hot 
forging, diffusion bonding or superplastic forming techniques. The products obtained after 
the secondary processing are termed as wrought products [5,6,11,12].  
 
2.3. Microstructure in titanium alloys  
In titanium alloys, there are four basic microstructures that are formed and they are: 
widmanstätten, equiaxed, bimodal and martensitic structures. The βtransus temperature of the 
alloy plays a significant role in determining which of these occurs. In addition, the cooling 
rate achieved during the casting of the alloy, amount of hot/cold working, annealing 
temperature, and holding time also plays an important role [5,6,11,12], which will be 
discussed in this section. 
 
Figure 2.3 shows schematically the formation of microstructure during the casting process for 
pure titanium. It can be seen that by cooling in air below the melting temperature (1668°C), 
solid β phase is nucleated in the form of dendrites and grows as complete β grains. Upon 
cooling below the βtransus (882°C for pure Ti), β phase transforms to α, where the α phase 
nucleates at grain boundaries and starts to grow in the form of individual lamellas (αlath) 
within the prior β grains. Αlpha phase grows in a preferred orientation following the Burgers 
relationship [5,6]: 

 
{0001}α //{110}β and  <1120> α // <111>β  
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This relationship shows that during cooling, α form on the families of close packed planes 
(slip planes) and close packed directions (slip directions) that exist in the β phase (see Figure 
2.1). When several of these αlath grow with the same orientation they form into colonies of α 
(αcolony). These colonies are distributed randomly within a prior β grain, and result in the 
formation of widmanstätten microstructure. Size of the microstructural features in this type of 
microstructure are dependent on the cooling rate, where rapid cooling below βtransus result in 
the formation of finer α laths and smaller α colonies, whereas slow cooling results in thick α 
laths and coarse α colonies [5,6,11,12,31]. 
 

 

 
 

Figure 2.3. Schematic sketch of microstructural evolution in pure titanium when cooled from 
liquid to below Tβ–transus. Adapted from [31]. 
 
The widmanstätten microstructure that is discussed above also forms in near α (Ti–6242) and 
α+β (Ti–64) alloys. Figure 2.4(a) is a schematic illustration of the microstructure developed 
in Ti–64 alloy via cooling during the castings. The transformation of the phases involved 
during the cooling and formation of microstructure in alloys are very similar to the one noted 
for pure titanium (see Figure 2.3). However, in alloys during slow cooling through the α+β 
phase, besides formation of α colonies, α phase along the prior β grain boundaries is also 
formed (αgb), whose thickness increases and becomes more continuous with lower cooling 
rates. In addition, in these alloys β is retained along the interfaces of α lamellae within the 
colonies and at the interface of αgb, and the prior β grain boundaries. A typical example of a 
widmanstätten microstructure obtained after casting can be seen in Figure 2.4(b). 
[5,6,11,12,32].  
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Figure 2.4. (a) Partial phase diagram of Ti–6Al–4V, showing the development of 
microstructure at different intermediate temperatures by slow cooling from above the βtransus, 
reproduced from [12], (b) typical widmanstätten microstructure formed in cast Ti–64.  
 
The microstructures that are obtained during casting are coarse because of the slower cooling 
rates and exhibit lower strengths. Therefore these microstructures have to be modified by 
using methods such as thermo–mechanical processing, heat treatments that promote 
refinement of microstructure through recrystallisation and grain growth and/or formation of a 
new microstructure [5,6,11,12,33]. Typical thermo–mechanical processing steps for near α 
(e.g. Ti–6242) and α+β (e.g. Ti–64) alloys involve homogenisation (solution heat treatment), 
deformation, recrystallisation, ageing and stress relief annealing [5,6,11,34–36]. These 
processes result in lamellar, bimodal and equiaxed microstructures.  
 
A brief description about these microstructures is provided below: 
 
– Lamellar microstructure, result from a simple annealing treatment at 30–50ºC above the 
βtransus after plastic deformation in the β and α+β phase regions to avoid large β grain sizes. 
The microstructure obtained depends on the cooling rate after annealing, where a slower 
cooling rate results in a coarse widmanstätten microstructure i.e. wider α laths, thicker grain 
boundary α and large α colonies, as similar to the Figure 2.4(b). The most important 
parameter is the cooling rate from the β phase field. This type of structure is similar to that 
obtained from the casting processes, but with a control over microstructural features. 
 
– Bimodal microstructure, is obtained by extensive deformation in the α+β region and 
subsequent solution heat treatment below the βtransus. This results in globular primary α (αp) 
recrystallised along the prior β grain boundaries, transformed β and α along the prior β grain 
boundary (see Figure 2.5(a)). The transformed β consists of a widmanstätten structure with a 
fine αlath in αcolony with retained β at the interface (as shown in Figure 2.4(b)). The size of 
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these microstructural features is dependent on recrystallisation temperature, cooling rate, 
extent of deformation temperature and time. The volume fraction of the primary α (αp) is 
dependent on the solution heat treatment temperature and the deformation temperature [6, 
34,35]. 
 
– Equiaxed microstructure, is obtained by extensive mechanical working in the α+β phase 
region and subsequent solution heat treatment at temperatures in the two phase field, where 
lamellar α breaks up into equiaxed α as a result of the recrystallisation process (see Figure 
2.5(b)). Extended annealing coarsens the equiaxed microstructure [6]. 
 

	  

 
 

Figure 2.5. Microstructure developed after thermo–mechanical processing of Ti–64 alloy   
(a) bimodal microstructure, (b) equiaxed microstructure. 

 
In addition to thermo–mechanical processing, there are other ways such as hot isostatic 
pressing (HIP), annealing heat treatments and quenching processes to modify the 
microstructures. A conventional heat treatment for Ti–64 involves holding in the α+β phase 
(e.g. 954ºC) for 1 hour, then fan cooling with inert gas and subsequent aging at 621ºC for 2 
hours. Another common heat treatment method for cast Ti–64 consists of solutionising in the 
β phase field (in vacuum) at 1038 ± 14ºC for 2 to 3 hours followed by oil quenching. This is 
followed by overaging at 704 ± 14ºC for 2.5 to 3 hours and furnace cooling in argon to room 
temperature. The process is called β solution treatment and overaging (β–STOA) and results 
in finer α laths with a smaller colony size. For Ti–6242 alloy, general annealing treatment 
involves heating at 705–845ºC for 1 to 8 hours followed by slow cooling to 565ºC and 
subsequent air cooling. For forgings, solution annealing for 1 hour at 900 to 955ºC with 
stabilising treatment at 595ºC for 8 hours, and air cooling is industrially practiced. Finally, 
another type of microstructure is obtained by rapidly quenching in water or oil, which result 
in formation of martensitic structure [5,6,11,12,33]. 

2.4. Mechanical properties of titanium alloys  
This section will describe typical mechanical properties of various types of titanium alloys. A 
brief description of the influence of microstructural features (such as prior β, α colony, 
primary α) on the mechanical properties will also be given. 
 
α alloys – Commercial pure titanium is the most widely used α alloy, which are divided based 
on the oxygen content. They have a reasonable tensile strength at room temperature and 
possess good ductility (~ 20%) at room temperature. Beside this they are lower in density, 
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possess good toughness, excellent creep resistance and improved weldability. The special 
about these alloys is that they do not change from ductile to brittle fracture at cryogenic 
temperatures (e.g. Ti–5Al–2.5Sn) [5,6,12,36].  
 
Near α alloys – exhibit high creep resistance and oxidation resistance. It is mainly because a 
large fraction of α phase in the alloys. Ti–6242 is the most commonly used commercial alloy 
at high temperatures up to 450ºC. The alloy was developed to complement the Ti–64 alloy 
and extend its temperature limit. It was developed by adding 6 wt.% Al, 2 wt.% Sn, 4 wt.% 
Zr and 2 wt.% Mo, which increases the high temperature strength. Al increases the tensile 
strength and creep strength while reducing density of the alloy; Sn is used as a solid solution 
strengthener along with Al to improve the strength without causing embrittlement. Zr is used 
as a solid solution strengthener to increase the strength at low and intermediate temperatures. 
Mo is used as the prime β stabiliser for most of the near α alloys, and increases the heat 
treatment response of the alloys by refining the transformed β and also subsequently 
increases the short–term high temperature strength. Further improvement in creep strength at 
the elevated temperature was achieved by adding 0.1 wt.% Si. This was possible because 
silicon interacts with the dislocations and impedes their motion because of silicides [Ti5Si3 or 
(Ti5Zr)5Si3] that are precipitated after the solubility limit is reached. In addition, zirconium 
(4–5 wt.%) present in Ti–6242 alloy promotes uniform silicide formation by reducing the 
solubility for silicon. Thereby adding Si and Zr extends the service temperature for Ti–6242 
alloy from 450ºC to 540ºC. Thereby in most of the near α alloys (see Table 2.2), silicon is 
used as mandatory alloying element to improve the high temperature strength 
[5,6,11,17,18,24–26,37–39].  

 
α+β alloys – possess higher strength, toughness, and corrosion resistance. The ductility and 
high temperature creep strength is not as good as the near α alloys. In addition, these alloys 
have excellent hot forming properties, as well as high strength at room temperature and 
intermediate temperature [5,12]. These alloys typically contain 10 to 15% of β phase in 
volume at room temperature; if it is more than 20% they are difficult to weld. The properties 
of these alloys can be controlled by the heat treatments, which are used to modify the 
microstructural features. Ti–64 is the most commonly used α+β alloy, which has a good 
combination of strength and fatigue properties up to 300ºC [11,12].  
 
Near β and β alloys– Near β alloy possess high strength and toughness. These alloys also 
possess excellent hardenability and formability over a wide range of temperatures. Beta 
alloys show additional high strength, fracture toughness, and are also corrosion resistant. 
However, they have relatively high density and low ductility compared with other types of 
alloys. Βeta alloys are prone to ductile–brittle transformation and therefore are not intended 
for use in low temperature applications [5,6,12].  
 
The above described properties for various titanium alloys are dependent on the factors: 
alloying elements and the manufacturing process route. Adding restricted amount of alloying 
elements that dissolve/substitute in titanium contributes to an increase in strength via solid 
solution strengthening. The addition of alloying elements that are not soluble form second 
phases (intermetallic compounds) restricts the deformation more effectively and result in 
higher strengthening. The addition of alloying elements also determines most of their 
physical properties (e.g. density, elastic modulus, coefficient of thermal expansion), and 
controls the chemical resistance of the material (corrosion, oxidation) [5,6,12]. Table 2.3 
shows quantitatively how the alloying elements contribute to the tensile properties. It is 
observed that about 60% of the total strength of the titanium alloys is provided by adding 
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interstitials (C, H, N, O), residual iron (Fe) and Al [40, 41]. The interstitial elements (C, O, N 
and H) are either added deliberately or picked up from the environment. The interstitial 
elements C, O, N increase the strength of pure titanium at the expense of a drastic reduction 
in ductility (see Figure 2.6(a,b)). Therefore there is a restriction on the limit amount of 
interstitial elements that is allowed in the titanium alloys (see Table 2.1, Table 2.2) [12].  
 

Table 2.3. Contribution of alloying elements to the variation in mechanical properties of 
titanium alloys [41]. 

 

Element 
Yield 

strength 
(%) 

Ultimate 
tensile 

strength 
(%) 

Al 1.57 1.62 
C 0.97 6.79 
H 15.08 21.76 
Fe 19.87 17.84 
N 7.65 4.43 
O 15.25 9.04 

Total 60.39 61.48 
 

 
  
Figure 2.6. Effect of interstitials (C, N, O) as alloying elements on the (a) tensile strength 
and (b) ductility of CP–Ti [12]. 
 
The manufacturing route of the titanium alloys has an important role on the mechanical 
properties, as it is possible to alter the fraction of α and β phases, reduce the size of the 
microstructural features by modifying the microstructures via different processes [5,6,11,12].  
 
As mentioned earlier there are three common microstructures; lamellar, equiaxed and 
bimodal. These microstructures mainly consist of α and β phases that are present in different 
physical forms. The most critical microstructural features are primary α, α colony, grain 
boundary α and transformed β. All these microstructural features contribute to the 
increase/decrease of mechanical properties [5,6,11]. The effect of microstructure on the 
mechanical properties are qualitatively summarised in Table 2.4 based on the sizes of these 
microstructural features in different microstructures. The size of the α colonies resulting from 
different cooling rates after β heat treatment is the most important microstructural feature.  It 
has been shown that decrease in α colony size results in reduction of the effective slip length 
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(i.e. restricting the dislocation movement), therefore improving the yield strength and the 
resistance for crack initiation. On the other hand, larger α colony size results in improved 
fatigue crack propagation resistance and fracture toughness. This is because the coarse α 
colonies have the possibility to deflect the crack, which leads to a slower crack growth rate, 
i.e. extra energy is consumed because of a rough crack front profile [5,6,12,34,42]. The size 
of α colonies is dependent on the prior β grain size, hence larger prior β grain increases the 
creep resistance. In addition to these, the thickness of α present at the grain boundary or in 
the colonies shows an influence on the fatigue properties [6,34]. 
 
Table 2.4. Correlation between microstructure and mechanical properties of α+β titanium 
alloys [5,11]. 
 

Fine Coarse Property Lamellar 
 

Equiaxed 
 

Bimodal 

 
No effect 

 
No effect Elastic 

Modulus No effect 
May be 
(due to 
texture) 

No effect 

 
Increase 

 
Decrease Strength Decrease Increase Increase 

 
Increase 

 
Decrease Ductility Decrease Increase Increase 

 
Decrease 

 
Increase Fracture 

toughness Increase Decrease Decrease 

 
Increase 

 
Decrease 

Fatigue crack 
initiation 
resistance 

Decrease Increase Increase 

 
Decrease 

 
Increase 

Fatigue crack 
propagation 

resistance 
Increase Decrease Decrease 

 
Decrease 

 
Increase Creep 

resistance Increase Decrease Increase 

 
Increase 

 
Decrease Oxidation rate Increase Decrease Decrease 

 

2.5. Applications of titanium alloys in aerospace 
The use of titanium alloys in aerospace applications is because of a good combination of low 
weight, high strength, corrosion resistance in different environments, and high temperature 
stability [1,2,5]. The most common aerospace application areas for titanium alloys are 
airframes, landing gears, and parts/components of aeroengines, where about 7 to 36% of the 
structural weight of the fuselage and jet engine consists of Ti alloys [6]. In aeroengines, 
titanium alloys are used to manufacture components such as compressor blades, discs and 
large front fan blades. The fan blades and discs that are used at temperatures below 300°C are 
mostly made out of Ti–64 alloy. For higher temperature applications Ti–6242, Ti–6242S, IMI 
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685, IMI 829, IMI 834 and Ti–1100 were developed. These alloys are of major interest and 
recommended for use in the high–pressure (HP) compressor stages of aero engines instead of 
nickel base super alloys, where the temperature exceeds 550°C. At these temperatures Ti–64 
cannot be used because of limitations in creep properties and decrease in oxidation resistance. 
A good example is the HP compressor spool, which consists of five Ti–64 front stages 
followed by two Ti–6242S rear stages. In these high temperature applications, bimodal 
microstructure as discussed in section 2.4 is used for the Ti–6242 stages (as well as for the 
Ti–64 stages) in the compressor spool. The IMI 685 and IMI 829 used are in fully β heat–
treated condition consisting lamellar microstructure for maximum creep resistance. Whereas, 
IMI 834 is used in a fully α+β solution treated and aged condition, which has a bimodal 
microstructure (i.e. about 15–20% primary α). It is because this microstructure exhibits a very 
good balance of fatigue and creep properties. Currently, Ti–1100 alloys are under 
investigation for their applicability [5,8,11,12,25–27]. 
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3. Experimental methods  
This chapter describes the materials investigated and the experimental methods used in the 
present study. Detailed information is provided in the appended papers.  

3.1. Materials and environment 
The materials used in the present study were Ti–6Al–2Sn–4Zr–2Mo (Ti–6242) and Ti–6Al–
4V (Ti–64) alloys in different material conditions.  

 
Ti–6242 alloy used in the Paper IV and V was a commercial forging, which was received in 
a solution and precipitation heat–treated condition according to the aerospace material 
specification AMS 4976G [43].  
 
The Ti–64 alloy used was commercial casting (see in Paper I, III, VI and VII) and forging 
(Paper II) obtained in the condition according to the aerospace material specification AMS 
4992 [44] and AMS 4928 [45]. In addition, electron beam melted (EBM) Ti–64 alloy was 
used in one of the studies to investigate the mechanical properties of the alloy manufactured 
by this newly developed near net shaping process (Paper I).  Ti–64 alloy with varying 
amounts of boron (≤ 0.11 wt.%) was also investigated (Paper VI and VII). More details of 
the material conditions can be found in the appended papers (see section 2.1 in Paper I, 
Paper III and Paper VI and see section 2 in Paper II, Paper IV and Paper V).  
 
In Paper I–III, Ti–64 alloy was exposed to ambient air and high–pressure gaseous hydrogen 
(> 99.995% purity with < 0.02% ppm oxygen) at room temperature. The desired pressure of 
15 MPa was achieved by pressurising the test chamber prior to testing. In contrast, Ti–6242 
alloy in Paper IV was isothermally heat–treated using laboratory furnaces in ambient air at 
500, 593 and 700°C up to 500 hours; similarly in Paper V the alloy was heat treated at 
593°C for 2.5, 50 and 300 hours. In Paper VI, Ti–64 alloy with different amount of boron 
was heat–treated in temperatures between 25 and 1100°C in vacuum.  

3.2. Microstructural characterisation 
As described in sections 2.3 and 2.4, the chemical composition and the material–processing 
route determine the microstructure and the corresponding mechanical properties of titanium 
alloys. Metallographic preparation and subsequent microstructural characterisation were 
carried out in the present study to be able to correlate the mechanical properties with the 
microstructure (see section 2.5 in Paper I, section 2 in Paper II, section 2.4 in Paper III, 
section 2 in Paper IV, section 2 in Paper V and section 2.2 in Paper VI).  

3.2.1. Metallographic preparation 
Samples used for the microstructural examination were metallographically prepared by 
precisely cutting the cross–sections with an aluminium oxide cut off wheel (Bakelite bond) 
using a water and lubricant cooled Struers® Secotom10 cutting machine. Extensive cooling 
during cutting of titanium alloys is necessary to prevent local overheating because of the 
alloy’s relatively low thermal conductivity in comparison with other metals. The cross–
sections were hot mounted (at 150°C for 6 min) with phenolic powder using a Buehler® – 
Simplimet3 hot mounting press machine. In the case of the analysis of the fatigue crack path 
(in Paper I, II, III and V) the samples were cold mounted using epoxy curing for 12 hours. 
The samples obtained were subjected to mechanical polishing, which involves planar 
grinding and polishing using a semi–automatic grinder/polishing machine (Buehler® Phoneix 
4000). The samples were first ground using 320 grit SiC paper with a continuous water flow, 
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with a force of 27 N at 300 rpm, until the samples were plane.  The initial polishing was 
carried out using a 9 µm diamond spray (Metadi) on an ultrapolishing cloth with a load of 27 
N at 150 rpm in contra mode for 10 minutes. Final polishing was performed with 0.05 µm 
Mastermet® solution on a Microcloth/Chemtex® cloth, applying a load of 27 N in 
compression at 150 rpm in contra mode for 10 minutes with an attack polishing agent (1:5 of 
hydrogen peroxide and colloidal silica) and/or only colloidal silica. The polished specimens 
were chemically etched using different types of etching reagent, as shown in Table 3.1, to 
reveal the respective microstructural features.  

 
Table 3.1. Etchants used for metallographic polishing 

 
Microstructural 

feature 
Etchant Etching 

time 
 

Alpha colony 
structure 

ABF: 1g NH4HF2 + 99 ml distilled H2O. Immersing 
60 s 

Alpha laths, grain 
boundaries, phases, 
grain boundary α 

Kroll’s reagent: 2ml HF + 4ml HNO3 + 
94 ml distilled H2O 

Immersing 
15 s 

Alpha–case Two step: 
Kroll’s reagent: 1–3 ml HF + 2–3 ml 

HNO3 + 100 ml distilled H2O 
 

Weck’s reagent: 1–3 g NH4HF2 + 100 
ml distilled H2O 

Swabbing 
for 5 s 

 
 

Immersing 
10 s 

3.2.2. Microstructural examination 
An Olympus Vanox–T AH–2 and Nikon Eclipse optical microscope (model MA200) were 
used for optical examination of the microstructure. Scanning electron microscopy (SEM) was 
performed using a JEOL JSM–6460LV. In addition, Field emission – SEM (FE–SEM) 
MERLIN from Carl Zeiss was used to obtain high–resolution micrographs. The above–
mentioned methods were employed to examine the microstructural features (in Papers I–VI). 
The electron micrographs were obtained using both secondary electrons (SE) and back 
scattered electrons (BSE). In addition, transmission electron microscopy was also used in one 
of the studies in collaboration work at Indian Institute of Science (IISc) (in Paper VII). 

3.2.3. Quantitative microstructural analysis 
In the present work, the stereological procedures developed by Tiley et al. [46] and Searles et 
al. [47] were applied to the micrographs obtained from polarized optical microscopy and 
SEM images for quantification of microstructural features using Adobe Photoshop with the 
FoveaPro plugin [48]. These methods were explicitly used to characterise the cast Ti–64 
microstructure before and after the addition of boron (in Paper VI and VII). In order to 
perform the measurements the prime requirement is the quality of the image, since it has a 
large influence on the accuracy and reliability of any stereology procedure. To obtain 
reproducible results, the electron micrographs acquired from SEM in grey scale were used, 
whereas polarized light optical micrographs were used to measure the α colony size. 
Furthermore, these methods can be performed automatically and semi–automatically on 
threshold images obtained from different fields of view (FOV), where the fraction of points 
that fall in any of the phases are measured as the volume fraction for each FOV. Beside this, 
the thicknesses of the different microstructural constituents were also measured. Details of 
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the method applied in the present study is described elsewhere [49]. In addition, Image J [50], 
an open source was used to estimate the grain sizes in the materials tested according to 
ASTM E112 standard [51]. 

3.2.4. Electron Probe Micro Analysis 
In addition to electron microscopes, Jeol JXA–8500F Electron Probe Micro Analyser 
(EPMA) at NTNU, Norway was used to characterise the elemental concentration profiles in 
the alpha–case. The EPMA line analysis was performed using accelerating voltage of 10 keV 
and probe current of 20 nA. The measurements were done using 100 – 350 points from the 
edge of the sample to the bulk with a step width of approximately 0.5 – 2 µm. The elemental 
concentrations for most of the alloying elements were quantified by overlapping the 
intensities of the characteristic x–ray peaks from the alloying elements in the specimen and 
from a standard with known composition. These peaks are later subjected to background 
correction, which takes into account the differences in electron scattering, x–ray generation 
and x–ray emission between the specimen and the standard (called as ZAF correction, where 
Z – atomic weight, A– adsorption coefficient, and F– fluorescence). The details of the 
procedure are described elsewhere [52,53].  
 
The alloying elements in the present study were quantified by using the x–rays peaks from 
the following standard samples: Ti by using Kα line from TiN, Al by using Kα line from pure 
aluminium metal, Sn by using Lα line from pure tin, Zr by using Lα line from pure zirconium 
metal, Mo by using Lα line from pure molybdenum metal, N by using Kα line from TiN, and 
O by using Kα line from quartz mineral. The energy resolution of microprobe (≈ 5 eV) was 
sufficient to resolve O Kα peak from Ti Lα, however it was not possible to quantify the 
actual amount of oxygen. It is because of the error in the ZAF correction, which 
overestimates the values and is also affected from the oxide layer formed during the handling. 
Therefore due to the uncertainties, the oxygen concentration measured by EPMA is 
multiplied by a factor to normalise it to the bulk oxygen content (see section 3.2.2 in Paper 
IV). 
 
3.3. Mechanical testing 
3.3.1. Hardness testing 
Hardness is a material property defined as the resistance to localised plastic deformation. The 
hardness is measured by applying a force on an indenter (such as a small sphere, or diamond 
in a pyramid or cone shape) onto the surface of the material; and the corresponding hardness 
number (Brinell, Vickers or Rockwell) is obtained from the diameter of the indent [54]. In the 
present study (see Paper IV and VI), Vickers hardness measurements were performed, 
where the Vickers Hardness Number (VHN) is defined as the load divided by the pyramidal 
area of the indentation, in kgf/mm2. 

3.3.2. Tensile testing 
Tensile testing is the most common mechanical test performed on materials to obtain the 
design parameters. Here the sample is subjected to a continuously increasing uniaxial tensile 
load at a constant strain rate while simultaneously measuring the elongation of the specimen 
until failure [54]. In Paper I, the tensile testing was performed on cast Ti–64 alloy in both 
ambient air and high–pressure gaseous hydrogen (15 MPa) according to the standard ASTM 
E–08 [55] (see section 2.3 in Paper I). In addition, this testing was also performed on cast 
Ti–64 alloy modified with different boron content at IISc (for more details see Paper VII). In 
both the studies, the tensile tests were performed on cylindrical samples at room temperature. 
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3.3.3. Compression testing 
Compression testing is an important mechanical testing method that is performed to study the 
deformation behaviour from low strains 0.001% up to 2%. The tests comprise of compressing 
a small cylindrical sample with an aspect ratio >1 between two anvils by applying a constant 
load for varying strain rates [54]. There exists a wide range of compression testing 
equipment; one of the most widely used is the Gleeble thermomechanical simulator. The 
problem associated with this test method is the high friction between the specimen and the 
anvils, which if not controlled result in adiabatic heating and barrelling of the specimen [54]. 
In the present study compression tests were performed after heating the samples in the 
temperature range from room temperature to 1100°C at different strain rates in vacuum. The 
testing was performed on a Gleeble 1500 instrument at the University of Oulu, Finland to 
study the effect of boron on cast Ti–64. More details of the test method are provided in 
section 2.4 of Paper VI. 

3.3.4. Low cycle fatigue testing 
Fatigue is a material property defined as failure occurring under conditions of dynamic 
loading after a certain period of cycles [54]. Fatigue failures are classified into two types: 
high cycle fatigue (HCF) (>105 cycles to failure) and low cycle fatigue (LCF) (<105 cycles to 
failure). In order to understand fatigue failure, fatigue testing is performed under either 
constant stress or constant strain whilst applying cyclic loading. In the present study (see 
experimental section in Paper I, III, V and VII), room temperature uniaxial strain–
controlled LCF tests were performed according to ASTM E606 [56] at stress ratio R = 
σmin/σmax = 0, and frequency of 0.5 Hz with triangular waveform on cylindrical samples.  

3.3.5. Fatigue crack growth testing 
Fatigue crack growth (FCG) testing was conducted on cast and forged Ti–64 alloy (Paper II 
and III). The testing was performed in ambient air and high–pressure gaseous hydrogen (15 
MPa) at room temperature, using a servohydraulic test rig. The entire specimen and grips 
were enclosed in the autoclave, and the measured loads were corrected for internal autoclave 
pressure and piston seal friction. The test specimens used were Kb–type, with rectangular 
cross sections in the gage section; see Fig. 2 in Paper II for more detailed information about 
the geometries. An initial starter notch of nominal depth was generated using electric 
discharge machining (EDM) and lead wires were spot welded across the notch to measure the 
crack length. The most precise methods are observations of the crack tip by optical 
microscope, SEM or the replica technique. These techniques are difficult when the 
acquisition of data has to be made automatically and/or when the experiments are carried out 
in high temperature and/or in special environments. In these situations potential drop (PD) 
method, which has a resolution of ≈ 1µm is very effective [57]. In the present study, the crack 
propagation was monitored/recorded by the direct current (DC) PD technique according to 
ASTM E647 [58]. Here, a direct current of 10 A was introduced through the specimen and 
the PD signal (i.e. electric resistance) was measured by lead wires that were spot welded 
close to the notch at both sides of it (see Fig. 3.1). Additional wires were spot welded to the 
back face of the specimen far from the cracked cross–section to collect a reference PD signal. 
The signal measured over the crack is divided by the reference signal to obtain a PD value, 
which is independent of any current or temperature fluctuations. The PD ratio was then 
converted to crack length through an experimentally obtained calibration function based on 
initial and final crack lengths measured on the fracture surface either by (1) evaluating beach 
marks that are generated by high frequency fatigue loading or heat tinting, or (2) by brittle 
cracking of specimens at certain PD signal levels and measuring the extent of the fatigue 
crack fraction [57]. 
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Figure 3.1. Schematic representation of potential drop method [57]. 
 
Before the testing, the specimens were fatigue pre–cracked in air at room temperature to 
obtain a sharp semi–circular crack with an initial crack length of ~ 0.5 mm. The FCG testing 
was then carried out by uniaxial loading of the specimen at a stress ratio R = 0 and a 
frequency of 0.5 Hz, with triangular waveform by using the applicable parts of ASTM E647 
[58] and ASTM E740–03 [59].  

3.4. Fractographic characterisation  
The fracture surfaces of the specimens obtained after the tensile, LCF and FCG testing were 
analysed using optical microscopy and scanning electron microscopy. Fractographic analysis 
was carried out in a conventional manner where the fracture surfaces were stored to prevent 
the fracture surface from contamination. The macrostructure of the fracture surfaces were 
imaged using a stereomicroscope. Later, the samples were cleaned using acetone in an 
ultrasonic bath and analysed using SEM techniques. In the present study, the fracture surfaces 
and the topography were imaged using JSM–6460LV from JEOL and Merlin (FE–SEM) with 
secondary electrons (BSE) [53,60] (see section 2.5 in Paper I, section 2 in Paper II, section 
2.4 in Paper III, and section 2 in Paper V).  
 
In addition to the analysis of fracture surfaces, metallographic analysis along the fatigue 
fracture crack path was carried out. Here the fracture surfaces were coated with an organic 
based adhesive coating (Lacquer – Metacoat), which was used to protect the surfaces from 
damage. The protected surfaces were sectioned parallel to the fatigue loading direction and 
metallographically prepared near to the crack initiation and crack propagation region, using 
the similar method as described in section 3.2.1, to reveal the microstructure beneath the 
fracture surface. 
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4. Influence of specific elements hydrogen, oxygen and boron on 
the microstructure and mechanical properties of Ti–64 and Ti–
6242 alloys 
 
As mentioned in section 2.4, the alloying elements and the processing route dictate the 
mechanical properties of titanium alloys. In addition, the mechanical properties are also 
dependent on the temperature. From Table 2.2 we can see that most of the titanium alloys are 
limited in service temperatures i.e. ranging from 300–600°C. The limitation in working 
temperature is because of oxygen being picked up from the oxidising environment, and 
decrease of the mechanical properties such as specific strength and creep strength 
[5,6,11,12,61–69]. In addition to oxidation, titanium also has the affinity to pick up hydrogen 
during processing or from service environment (like water vapour and gaseous hydrogen). 
The hydrogen picked up will lead to hydrogen embrittlement if the hydrogen content is 
greater than 0.015 wt.% [12,13,70,71]. In addition to this, titanium alloys comes are 
expensive to manufacture, because of high costs incurred during the intermediate processing 
steps to control the uptake of interstitials and performing the processing steps to break the 
coarse grained microstructure of the ingot into a fine grained microstructure to obtain better 
properties [5,6,12]. However, it has been shown that refinement of the microstructure can be 
achieved by adding solute atoms such as boron, silicon and beryllium to CP–Ti and Ti–64 
during the initial melting process, which improves the strength [72–76].  
 
The aim of the work is to understand the influence of these elements on the mechanical 
properties. IN this chapter, the characteristics of hydrogen, oxygen and boron in titanium and 
their influence on the mechanical properties of Ti–6242 and Ti–64 alloys along with findings 
from the present study (Papers I–VII) will be discussed. 
 
4.1. Hydrogen 
Hydrogen is the lightest interstitial element, which is soluble in most metals and alloys. In 
titanium, hydrogen is easily picked up during melting of the titanium sponge, or during 
chemical processing performed on finished components and/or when exposed to hydrogen 
containing environments. The hydrogen picked up during processing is usually removed by 
performing a vacuum annealing treatment between 700 and 900°C [6,12,40]. However, the 
hydrogen entering during service in hydrogen environments will be added to the molten 
material while recycling. Because of the high affinity of hydrogen to titanium, residual 
hydrogen will always be present in the titanium ingot, which is known to degrade the 
mechanical properties [12,13,70,71]. Therefore, the following section briefly discusses the 
influence of hydrogen on mechanical properties of titanium alloys including the results 
obtained in the present study (Papers I–III). 
 
Hydrogen and its interaction with titanium is a complex process; therefore it is important to 
know the key attributes of hydrogen in titanium. The characteristics of hydrogen in titanium 
are as follows: i) hydrogen acts as a strong β stabiliser; ii) hydrogen has a high solubility at 
low partial pressure (0.1 MPa); iii) hydrogen forms brittle hydrides under certain conditions; 
and iv) hydrogen expands the volume of α and β titanium lattices [21,70,71]. These 
characteristics are dependent on the absorption of hydrogen. In metallic materials, absorption 
of hydrogen takes place in two steps: firstly, it is adsorbed on the surface, and later absorbed 
into the bulk material via diffusion (either through lattice or dislocations) [21,77–82]. 
Adsorption is the process where atoms, ions or molecules of gas, liquid or dissolved solids 
adhere to a surface. Absorption is the process where hydrogen enters the first atomic layer 
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below the metal surface. Finally, lattice diffusion is the process, in which hydrogen infiltrates 
many atomic layers below the metal surface.   
 
Hydrogen that is absorbed into titanium diffuses rapidly through the metal. The rate at which 
hydrogen diffuses in titanium varies for different phases of titanium (i.e. α and β). There have 
been numerous studies carried out on pure titanium at different temperatures to establish the 
diffusion coefficients for the different phases [83–87]. At 25°C, Dα = 1.45 x 10–16 m2/s and 
Dβ = 5.45 x 10–12 m2/s. These values show that the mobility of hydrogen in the β phase is 
higher than in the α phase. There have been a few studies where the diffusion coefficients for 
hydrogen in different titanium alloys were calculated [88–90]. The diffusion coefficient for 
Ti–64 alloy at room temperature was estimated to about 10–12–10–15 m2/s. This shows that 
hydrogen diffuses quicker in α+β alloys than in pure α alloys, even though the alloy contains 
only about 5–10% β [91]. This indicates that even small amounts of β phase are sufficient to 
absorb the hydrogen, however the rate of hydrogen diffusion depends on the distribution of 
the β phase in the microstructure. For example, in Ti–64 alloy (α+β alloys) it was shown that 
the diffusion of hydrogen was higher by approximately two orders of magnitude in a coarse 
lamellar microstructure than in a fine equiaxed microstructure [92–94]. This is attributed to 
the continuous network of β phase present at the α/β boundaries in the lamellar structure, 
located at the prior β grain boundaries and in between the α colonies [95]. In addition, the 
composition and the stresses also contribute to the increased diffusion of hydrogen in Ti–64 
[88,89]. 
 
4.1.1. Ti–H phase diagram 
To explain the metallurgical aspects of hydrogen in titanium in more detail a Ti–H phase 
diagram is helpful. Figure 4.1 is a binary eutectoid phase diagram, with hydrogen stabilising 
the β phase. Hydrogen preferentially occupies the tetrahedral sites in both α–Ti and β–Ti. In 
α–Ti, only about 0.1 wt.% (≈ 4.7 at.%) hydrogen is soluble at the eutectoid temperature 
(298ºC), because the atomic radius of hydrogen (0.041 nm) is relatively large compared to 
the size of the tetrahedral sites in α–Ti (radii 0.034 nm). With decreasing temperature, 
negligible amount of hydrogen (< 0.04 at.%) is soluble in α–Ti. However, a higher amount of 
hydrogen can be soluble in β–Ti, about 1.5 wt.% (39 at.%) at 298ºC. At temperatures above 
600ºC the maximum solubility is about 50 at.% (see Figure 4.1). The reason for the higher 
solubility of hydrogen in β–Ti is because of the close match between the size of the 
tetrahedral sites in β–Ti (0.044 nm) and the atomic radius of hydrogen (0.041 nm) [12,21 
81,96–99]. Due to the strong stabilising effect of hydrogen on the β phase (as β stabiliser), 
addition of about 42.5 at.% hydrogen to titanium significantly lowers the α→β transformation 
temperature from 882 to 298°C in pure Ti [21, 98]. 
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Figure 4.1. Ti–H phase system [98]. 
 

Hydrides can be formed in titanium when there is excessive hydrogen in the alloy and by 
lowering the temperature to below 298°C. The most common types of hydrides that form in 
titanium are: gamma (γ), fct (face centred tetragonal); epsilon (ε), fct; delta (δ), fcc (face 
centred cubic) and strain induced bcc (body centred cubic). The type of hydride that forms 
depends on the hydrogen concentration [98,100–105]. The hydrides formed in titanium 
results in a volume expansion of the lattice in both the α and β phases; approximately 5.35 
vol.% in β phase, about 18 vol.% in α phase. This higher volume expansion in α lattice results 
in elastic and plastic strains, which increases the solubility of hydrogen in α titanium and 
decreases the nucleation of hydrides [98,104]. In a strain free α lattice, hydride precipitation 
occurs near room temperature, rather than near the eutectoid transformation temperature 
(298°C). Applying external stress and the presence of plastic deformation tend to increase the 
rate of nucleation and growth of the hydride at room temperature [102,104]. The formation of 
hydrides in the Ti–H system depend on the rate at which hydrogen is absorbed into titanium, 
which is affected by several parameters, such as: partial pressure of hydrogen, surface 
cleanliness, temperature, microstructure, alloy content, applied stress and strain, and 
environmental conditions (such as hydrogen gas purity) [70,80,81].  

4.1.2. Hydrogen embrittlement of titanium alloys  
Hydrides formed in titanium are brittle in nature. This makes the titanium alloys weaker and 
contributes to the reduction of the mechanical properties, which is commonly termed as 
“hydrogen embrittlement”. Research on the hydrogen embrittlement of metals and alloys has 
received significant attention over a long period of time; however it is still not a well–
understood phenomenon [81,106,107]. In titanium alloys it has been shown that the tendency 
for hydrogen embrittlement depends on the amount of hydrogen either present in the metal 
(i.e. internal hydrogen) and/or picked up during the exposure to hydrogen containing 
environments (external hydrogen). The susceptibility of titanium to hydrogen embrittlement 
varies considerably from alloy to alloy, and sometimes even within the same alloy for 
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different heat treatments [95,104,108,109]. This indicates that there are different types of 
mechanisms that could lead to the embrittlement of titanium alloys.  
 
In titanium alloys, there are four mechanisms that provide the explanation for the reduction of 
mechanical properties. Those are: hydrogen–enhanced decohesion (HEDE) [81]; hydrogen–
enhanced local plasticity (HELP) [104,110]; stress induced hydride formation [104] and 
adsorption–induced dislocation emission (AIDE) [111]. A brief description of these 
mechanisms is provided below to facilitate a better understanding about the influence of 
hydrogen on the mechanical properties studied in the present study (Papers I–III):  
 
1) HEDE: hydrogen atoms lower the surface free energy of atomic planes and promote 
breaking of atomic bonds.  
 
2) HELP: hydrogen atoms diffuse into the material and concentrate at the crack tip leading to 
an increase in local stress at the crack tip as result of solute hydrogen increasing the 
dislocation activity. This increases the local plastic deformation and the propagation of cracks 
when stresses are applied externally.  
 
3) Stress–induced hydride formation: involves a number of processes operating 
simultaneously when stress is applied: (i) diffusion of hydrogen at the crack tip, (ii) 
nucleation and formation of brittle hydrides once the hydrogen solubility limit is exceeded, 
(iii) cleavage of the hydrides when they reach a critical size, and iv) arrest of the crack at the 
hydride–matrix interface. When this mechanism is operative crack propagates through 
repeated formation and cleavage of hydrides under the applied stress.  
 
4) AIDE: adsorption of hydrogen atoms at the crack tip weakens the metal–atom bonds, 
creating dislocations at the crack tip, which further move under applied stress and enhances 
crack growth. 

 
Based on the source of hydrogen, hydrogen embrittlement in titanium alloys can be classified 
into two categories as described below: 
 
(1) Internal hydrogen embrittlement (IHE): hydrogen that enters or is trapped inside the bulk 
metal during manufacturing processes and when subjected to stresses lead to IHE. IHE 
failure of structural components takes place when the hydrogen is >150 ppm in most titanium 
alloys [71,99]. Under straining brittle hydrides are formed at the surface, in the bulk, or in 
front of a crack when sufficient amount of hydrogen is reached. The crack formed then grows 
by cutting through hydrides at a critical stress. This effect is commonly observed in the 
temperature range between –100 and 100°C, and is most severe near room temperature. The 
early research showed that the main mechanism responsible for IHE is formation and 
cracking of hydrides. However the study by Alvrez et al. [109] showed that there are different 
mechanisms occurring together. 
 
(2) Hydrogen environment embrittlement (HEE): occurs when the material is exposed to a 
hydrogen containing environment (e.g. hydrogen gas), over a wide range of pressure and/or 
temperature. HEE involves a combination of an applied stress and a chemical reaction that 
takes place at the surface. At the metal surface atomic hydrogen is produced via adsorption of 
hydrogen gas molecules, followed by dissociation of hydrogen molecules. The atomic 
hydrogen at the surface is absorbed into the metal, which later diffuses into the material 
through crystal lattice or with the help of dislocations ahead of a crack tip. The hydrogen that 
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is diffused into the stress field in the crack propagation zone leads to subsequent 
embrittlement via the different mechanisms that are shown in Figure 4.2 [70,81,104,109,112].  

 

 
 

Figure 4.2. Schematic illustration of HEE. 
 

In HEE, surface adsorption of hydrogen plays an important role in most metals, which is 
explained by the AIDE mechanism [111]. If the adsorption is surpassed, the rate–controlling 
step for HEE is either absorption or subsequent lattice diffusion. Studies by Gray et al. [79] 
on alloys that are susceptible to HEE showed that lattice diffusion is the primary mechanism 
involved in HEE. The HEE in most of the titanium alloys occurs in two possible ways; by 
formation and cracking of hydrides and/or increase of stresses locally at the crack tip (i.e. 
HELP). A hydride mechanism is operative at the temperature and strain rate where hydrogen 
has time to diffuse to the regions ahead of the crack tip, and only at temperatures where the 
hydride phase is stable. The mechanism that dominates has been shown to be dependent on 
the stress intensities [104]. Since HEE is mainly dependent on the diffusion of hydrogen, the 
microstructure of the material plays a critical role as it provides the essential path for lattice 
diffusion through different phases [95].  
 
In the present work, the effect of gaseous hydrogen on the mechanical properties of Ti–64 
alloy was investigated (see Papers I–III). Since hydrogen was in gaseous form, the 
parameters mainly responsible for HEE will be reviewed. For α+β alloys (such as Ti–64) it 
has been reported that the degradation of mechanical properties are primarily because of 
repeated formation and rupture of the brittle hydrides at, or very near, the gas–metal interface 
[95] similar to an α alloy [113]. The degree of embrittlement is dependent on the amount and 
distribution of β phase, as mentioned in section 4.1.1. Nelson et al. [95,114] showed that in 
α+β alloys the hydrogen preferentially diffuses within the β lattice and interacts with the α 
phase along the α/β boundaries and forms hydrides. The HEE is dependent on the hydrogen 
pressure and the rate of hydrogen diffusion within the β phase. Since β titanium alloys have a 
high solubility for hydrogen, hydrides are not readily formed, except at very high hydrogen 
pressures. The research work by Paton et al. [71] and Nelson et al. [95,114] showed that the 
alloy composition, microstructure, gaseous environment, test temperature and strain rate are 
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the most important parameters with regard to degree of embrittlement. From these works it 
can be concluded that the major criterion is the presence or absence of a continuous α–Ti 
matrix in the microstructure, as described below: 

 
(a) Presence of a continuous α phase: in this situation HEE at constant strain rate is 
independent of hydrogen pressure. However, decreasing the strain rate enhances the 
embrittlement. The failure is a result of the formation of a continuous hydride layer at, or 
near the fracture surface. 

 
(b) Presence of a continuous β phase: embrittlement is reported to be strongly dependent on 
hydrogen pressure, where an increase in hydrogen pressure increases the embrittlement. 
There is a transition from intergranular cracking at high pressure to transgranular failure at 
lower pressure. 

 
4.1.3. Effect of hydrogen on mechanical properties  
A large amount of research has been invested in understanding the influence of hydrogen on 
the mechanical properties of titanium and its alloys. It has been found that the major 
influence of hydrogen in titanium alloys is a significant loss of ductility, fracture toughness 
and reduction of threshold stress for crack propagation [95,104,115–121]. However, there is 
also a reduction in fatigue life either by enhancing the fatigue crack initiation or fatigue crack 
propagation process during cyclic loading [122,123,125–128]. Most of the studies were 
performed on titanium alloys that were pre–charged with certain amount of hydrogen (i.e. 
internal hydrogen). There are very few studies that have been performed in gaseous 
hydrogen. The research work in the present study is mainly aimed at understanding the 
effects from high–pressure gaseous hydrogen (15 MPa). To facilitate better understanding a 
brief description of the influence of gaseous hydrogen on the selected properties is reviewed.  
 
Pittinato [122] was the first to report that the tensile properties of welded Ti–64 ELI (extra 
low interstitial) forgings were slightly decreased (1–3%) in an gaseous hydrogen (≈ 0.1 and 
0.3 MPa). Studies by Walter et al. [80] in gaseous hydrogen (≈ 69 MPa) showed that the 
effect of hydrogen on tensile properties was more severe on notched specimens than 
unnotched Ti–64. It was observed that especially the tensile ductility was significantly 
lowered in the notched specimens. In the present study, performed on unnotched specimens, 
the ductility was not reduced (see Figure 1 in Paper II). In addition, no change in the cyclic 
stress–strain behaviour was detected (see Figure 4 in Paper III) when tested in gaseous 
hydrogen (15 MPa). This suggests that the titanium alloys are notch sensitive in gaseous 
hydrogen.  
 
The most notable effect of gaseous hydrogen on Ti–64 seems to be on the fatigue properties. 
This can be inferred from the results obtained in the present study (presented in Papers I–
III), where it was noted that the LCF life of cast Ti–64 was lowered in gaseous hydrogen. 
The effect of hydrogen on the LCF life increased with the increase of strain amplitude; see 
Figure 2 in Paper III. In addition, it was observed that there is a drastic decrease in stress 
amplitudes at higher strain amplitudes during the cyclic loading (see Figure 3 in Paper III). 
This indicates that the number of cycles required for crack growth is being affected rather 
than the number of cycles required for crack initiation. At higher strain amplitudes the crack 
initiation takes place more easily and the total life is associated to the life for crack 
propagation, i.e. the fatigue crack growth rate (FCG) is being affected. Initial studies by 
Pittinato [122,128] showed that there is an increase in the FCG rate of Ti–64 ELI and weld 
material at room temperature in a gaseous hydrogen compared with helium gas. It was shown 
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that the degree of embrittlement was dependent on the stress intensity values. However, the 
studies by Pao et al. [127], Evans et al. [129] and Ding et al. [124] showed that FCG rate was 
not being affected in gaseous hydrogen. In the present study, it has been observed that the 
FCG rate of cast and forged Ti–64 in gaseous hydrogen (15 MPa) was altered at a critical 
stress intensity value ΔK* (see Figure 3(c) in Paper II, Figure 6 in Paper III). Beyond ΔK* 
value, the FCG rate was fluctuated and increased significantly with increasing ΔK. This type 
of behaviour was not observed in the studies by Pao et al. [123], Evans et al. [129,] and Ding 
et al. [124]. The possible reasons are discussed in Paper II and Paper III. From the present 
study it is suggested that the observed ΔK* is dependent on various factors such as material 
microstructure, gaseous hydrogen pressure, the cyclic frequency and stress ratio.  
 
As mentioned above, the titanium alloys are susceptible to external hydrogen at room 
temperature although the exact mechanism associated with embrittlement has not yet been 
clearly identified as there are different mechanisms being operative (as discussed in section 
4.1.2). The most widely accepted explanation is the one suggested by Nelson et al. [95,114], 
where the HEE occurs by fracture of thin films of brittle hydrides. However, Shih et al. [104] 
proposed that the type of mechanism responsible is dependent on the stress intensity levels 
and Lynch [107, 111] says it could be operative together. In the present study, it can be said 
that change in fracture mechanisms might be dependent on the stress intensity as noted by 
Shih et al. [104]. More about the evaluation of fracture surfaces are provided in Paper II and 
Paper III. From the present study it can be concluded that gaseous hydrogen affects the 
fatigue crack growth rate, because of change in the crack growth process i.e. from ductile to 
brittle. 
 
4.2. Oxygen 
Titanium has high affinity to absorb oxygen when exposed to any oxidising environments, 
which results in the formation of a stable oxide (TiO2) at room temperature. This layer makes 
the titanium corrosion resistant to many environments, as TiO2 acts as a protective layer. For 
example, it restricts the interaction of hydrogen with the solid metal [5,6,12]. However, 
because of the high affinity of oxygen it can easily be picked up during the manufacturing 
(i.e. during melting/heat treatments/thermo–mechanical processing) of titanium alloys and 
result in higher amount of oxygen. Therefore processing of titanium and its alloys should be 
performed in inert gas or in vacuum to restrict the oxygen uptake. The maximum 
concentration of oxygen that is allowed in titanium alloys is 0.5 wt.% [12,130]. However, in 
most of the commercial titanium alloys used in aerospace applications, the upper limit for 
oxygen is about 0.2 wt.% (see Table 2.2). This is because that up to 0.2 wt.%, oxygen 
increases the strength of the titanium alloys via solid solution strengthening, while an 
increase of oxygen above 0.2 wt.% drastically reduces the ductility [130–134]. The maximum 
service temperature of titanium alloys is about 600ºC, because above these temperatures the 
protective nature of the oxide layer is reduced resulting in poor oxidation resistance [5,6]. To 
increase the service temperature of titanium alloys, a better understanding of the effect of air 
exposure on the mechanical properties is required. This section describes the physical 
characteristics of oxygen in titanium alloys and briefly discusses how titanium alloys behave 
when exposed to air at high temperatures, with the help of research findings on Ti–6242 alloy 
in the present study (Paper IV and Paper V). 
 
4.2.1. Ti–O phase diagram 
Figure 4.3 shows the Ti–O phase diagram, from which it can be seen that maximum amount 
of oxygen that is directly soluble in α –Ti is about 14.3 wt.% (33 at.%). The solubility of 
oxygen in β–Ti is about 8 at.% at 1700ºC [135,136]. The oxygen atoms that are soluble in α –
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Ti preferably occupy octahedral interstitial sites of the hcp lattice [21]. Recent study [137] 
showed that there are two other potential interstitial sites (hexahedral and crowdion) in α–Ti, 
where the oxygen can be located. Octahedral is the favourable interstitial site with respect to 
the interstitial site energies. However, it was shown that it is possible that the transition of 
oxygen atoms between the three interstitial sites can take place, which describes the motion 
of oxygen atoms through the hcp crystal lattice. 
 
The oxygen that is soluble in titanium stabilises the α phase [5,6,11]. It means that the 
addition of oxygen raises the βtransus in α –Ti [5,6,135] and α+β alloys [138]. In Ti–64, it has 
been reported that the oxygen raises the βtransus approximately 40ºC for each 0.1 wt.% O 
[138]. The increase of oxygen also results in increase of the amount of α phase present in the 
microstructure [6]. The oxygen atoms that are not soluble would form stable titanium oxides 
such as Ti2O, TiO, Ti2O3, Ti3O5, TinO2n–1 (4 < n < 38 wt.%) and TiO2 [136], see Figure 4.3. 
Thermodynamically all these oxides are expected to be present in titanium. However, at 
atmospheric pressures below 1000ºC, only TiO2 (rutile) is formed, whereas the other oxides 
are formed at higher temperatures for reduced oxygen pressure [136]. Formation of stable 
TiO2 makes the titanium and its alloys resistant to corrosive environments. Despite this 
advantage these alloys cannot be used at high temperatures as mentioned in section 2.4. The 
reason for this is that at higher temperatures the oxide loses its passive nature and there will 
be an increase in the rate of oxygen diffusion through the oxide layer, which would come in 
contact with the alloy [5,6].  More description of what is happening during oxidation will be 
described in section 4.2.2.  
 

 
 

Figure 4.3. Ti–O Phase diagram [135] 
. 

4.2.2. Oxidation 
As mentioned above, titanium and its alloys are usually covered with a thin layer of TiO2 (n–
type) on the material surface at room temperature. When these alloys are heat–treated in 
oxygen containing environments, the stability of the oxide layer is affected depending on the 
temperatures. It has been noted that when titanium is heated in ambient air, the oxidation 
kinetics would follow different relationships (logarithmic, cubic, parabolic and linear) 
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[136,139]. The type of relationship observed in titanium is dependent on the temperature and 
time, schematically shown in Figure 4.4. In the present study, the similar change in the 
oxidation kinetics in Ti–6242 alloy at 500–700ºC was observed, which were dependent on 
the time (see Figure 3 in Paper IV). Similarly, this type of behaviour has been observed in 
other titanium alloys such as Ti–64 [140] and IMI 834 [141]. Logarithmic oxidation mainly 
involves oxide scale formation; whereas in cubic oxidation (a transition region between the 
logarithmic and parabolic) oxygen dissolution and diffusion of oxygen in the oxide are 
involved. During parabolic oxidation simultaneous formation of oxide and dissolution of 
oxygen occur; and finally during linear oxidation mainly the growth of oxide scale at much 
higher rate is involved. The reason for the transition from parabolic to linear is because of the 
loss of protective nature of the oxide scale, where there is spallation of oxide scale because of 
increasing stresses in the oxide scale. Alternately, it has been proposed that this transition is 
also associated with the oxygen dissolution in the metal and the change in the lattice 
parameters at TiO0.35. This leads to an increase of stresses and strains in the metal and 
resulting in cracking, spallation of an outer layer of the metal and a subsequent increase in 
oxidation rate [136]. Possibly this is the reason for change in the oxidation kinetics at 700ºC 
after 300 hours observed in the present study (see Figure 3 in Paper IV), as spallation of the 
oxide scales was noticed.  
 

	    
 

Figure 4.4. Schematic illustration of the kinetics observed during the oxidation of pure 
titanium [136]. 

 
Alpha–case formation 
In the present study, the oxidation kinetics mainly followed parabolic relationship (see 
Figure 3 in Paper IV), which involves simultaneous formation of an oxide scale and 
dissolution of oxygen into the metal (alloy) as discussed above. Due to the high solubility of 
oxygen in alpha titanium most of the oxygen will dissolve in the alpha phase, simultaneously 
stabilising and solid solution strengthening the alpha phase [6,131,136,142]. The surface 
layer with higher amount of alpha phase, which is solid solution strengthened, is defined as 
alpha–case. This layer appears as a bright (white) layer on the surface in optical microscope 
(see Figure 4 in Paper IV).  
 
It is known that the major driving forces for the formation of alpha–case in titanium and its 
alloys are temperature and time [5,6,136]. In the present study, it was observed that the 
thickness of alpha–case in Ti–6242 alloy was proportionally increased with temperature and 
time (see Figure 7 in Paper IV). The growth of alpha–case mainly followed parabolic 
relationship similar to the oxidation kinetics. The activation energy calculated for the 
formation of alpha–case is about 172 kJ/mol, which is close to the activation energy for 
diffusion of oxygen in alpha–titanium [136]. Therefore it can be said that the alpha–case 
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formed is because of diffusion of oxygen in alpha phase. The formation of alpha–case layer 
in Ti–6242 alloy is discussed in Paper IV. 
 
4.2.3. Effect of diffused oxygen on the mechanical properties 
The evaluation of alpha–case layer using EPMA showed that it is mainly enriched with 
oxygen (see Figure 9(c) in Paper IV), which has also been reported by other researchers 
[143,144]. It is well known that in titanium and its alloys, the increase of oxygen increases 
the tensile strength and yield strength via solid solution strengthening (see Figure 2.6). 
However, it has been noted that the higher oxygen content leads to drastic reduction of 
ductility because the increased oxygen level leads to distortions in the lattice, hindering the 
dislocation mobility and changing the deformation behaviour [134]. The alpha–case layer is 
not only enriched with oxygen, there is a gradient of oxygen concentration i.e. higher at the 
surface and gradually decreasing along the thickness until the oxygen concentration becomes 
constant in the bulk (see Figure 9(c) in Paper IV). Due to the higher oxygen content in the 
layer, there is an increase in the hardness within the alpha–case [142]. Therefore the alpha–
case is characterised as hard and brittle layer, which can act as crack initiation site at the 
surface under the stress.  
 
There are numerous studies where the influence of the presence of alpha–case layer is 
evaluated. In these studies it was pointed out that the ductility, fatigue life and creep 
resistance were reduced significantly [61–69]. The property that is sensitive to alpha–case in 
real applications is fatigue. It is because the presence of brittle alpha–case layer at the surface 
region could lead to an easier crack initiation and lowering the total fatigue life. The fatigue 
test results in the present study shows that the low cycle fatigue life of Ti–6242 was lowered 
significantly with alpha–case layer (see Figure 4 in Paper V). The LCF life was reduced by 
50% with only 2 µm thick alpha–case at higher strain amplitudes (0.4%).  
 
In the present study, it was observed that the detrimental effect of alpha–case on the LCF life 
increased with the increase of its thickness. It is mainly because of the reduced ductility at the 
surface, due to the enrichment of oxygen in the alpha–case layer. In metallic materials an 
increase in hardness without any refinement of the microstructure will reduce the ductility 
because of less mobility of dislocations. In particular, the ductility at the surface would be 
relatively poor because of high hardness, which readily initiates the cracks without much 
plastic deformation during the initial stages of fatigue loading. This can be seen from the 
fractographic analysis in the present study (see Figure 7(b) in Paper V), where it was 
observed that the amount of plastic deformation on the facets at the crack initiation area was 
much lower in the specimens with alpha–case compared with the ones without alpha–case 
(see Figure 7(a) in Paper V). This tells that the crack initiation occurred rapidly through the 
brittle alpha–case layer, since the depth at which crack initiated was similar to the thickness 
of alpha–case measured by optical microscope and EPMA (see Figure 5 in Paper V). More 
about the influence on the fatigue properties is presented in Paper V. 
 
4.2.4. Prevention of alpha–case formation 
After looking at the effect of alpha–case layer (i.e. oxygen–enriched layer) on the selected 
mechanical properties, it can be said that even a 2 µm thick layer with higher amount of 
oxygen lowers the mechanical properties significantly. Therefore, to avoid the issues with 
presence of alpha–case, it is a regular practice in industry to remove this layer by machining 
and/or chemical milling [5,6,12]. Another way of minimising the alpha–case layer is by using 
the high temperature coatings made out of ceramics [5,6,145–149], and/or by adding alloying 
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elements such as aluminium in higher amount to lower the oxygen diffusion (e.g. 
intermetallics) [5]. 
 
4.3. Boron 
Recently there has been growing interest in adding boron to commercial alloys [14–20] as it 
seems to be a promising approach to reduce the intermediate processing steps and the 
manufacturing cost. In addition, boron also improves the properties significantly. The 
following section provides information about the interaction of titanium and boron and the 
influence on mechanical properties will be discussed with the help of research findings in the 
present study (Paper VI and Paper VII). 
	  
4.3.1. Ti–B phase diagram 
Boron is an α stabiliser that has limited solid solubility in solid titanium phases (α or β), but is 
completely soluble in the liquid phase [150-152] . The solubility of boron in α–Ti is less than 
0.02 wt.% at 25°C (298K) and about 0.1 wt.% in β–Ti at 1100°C (1373 K) [72,152]. Due to 
the limited solubility, alloying titanium with boron results is formation of intermetallic 
compounds such as TiB, Ti3B4 and TiB2 for concentrations of boron (wt.%) about 18%, 22% 
and 30% respectively. Among these, TiB is the most common intermetallic compound in the 
titanium boron phase system. TiB, with orthorhombic structure [153], is formed via the 
eutectic reaction L → βTi + TiB at 1540°C (1813 K) for 1.7 wt.% boron. The TiB precipitates 
formed do not act as nucleation sites for β–Ti since they are formed only after that the β–Ti is 
completely formed. The TiB precipitates formed provide significant increase in strength and 
stiffness without increasing the weight, since the density of TiB (4.46 g/cm3) is very close to 
that of titanium (4.51 g/cm3) but the stiffness is about five times higher (371 GPa) [153–155]. 
 
The Ti–B phase diagram (shown in Figure 4.5) can be classified into two types: (i) Ti–B 
alloys and (ii) Ti–B composites, based on the volume fraction of TiB and the corresponding 
microstructures. Ti–B alloys have a boron content less than 1.7 wt.% (i.e. hypoeutectic), 
where the volume fraction of TiB is less than 8%, and their microstructure, processing, and 
property combinations are similar to the alloys without B. Ti–B composites have a boron 
concentration higher than 1.7 wt.% (i.e. hypereutectic), and contain higher volume fractions 
of coarse TiB (>100 µm) precipitates [152,156].  
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Figure 4.5. Ti–B phase diagram [152]. 

 
In the present study (Paper VI and Paper VII), the compositions investigated are 0.06 and 
0.11 wt.% boron, which are classified as Ti–B alloys. Therefore, further discussion in this 
section is focused on Ti–B alloys.  
 
4.3.2. Effect of boron on microstructure and mechanical properties 
4.3.2.1. Microstructure 
The earliest studies on adding boron (0.5 wt.%) as an alloying element to titanium were 
carried out in 1950s, where an increase in stiffness was noted [150,151]. In 1980s, the 
difficulties associated with the addition of boron, notably segregation of titanium borides and 
loss of toughness in titanium welds were observed [157]. Regardless of the degradation of the 
ductility and fracture toughness, several researchers have added boron (< 1 wt.%) in the form 
of elemental powder or as TiB2 precipitates to titanium alloys [72,158,159]. In these studies it 
was shown that there is a significant improvement in the mechanical properties of cast 
titanium alloys after the addition of boron, notably tensile strength and hardness. The increase 
in strength was attributed to the refinement of the as cast microstructure resulting from 
heterogeneous nucleation of eutectic TiB precipitates along the prior β grain boundaries [72]. 
One theory of grain refinement was proposed by Tamirisakandala et al. [72] based on 
experimental observations, where it was pointed out that grain refinement during the 
solidification of titanium with boron takes place in the following four stages (see Figure 4.6): 
i) inoculation of Tiβ nuclei at T < Tliquidus; ii) growth restriction of β grains through the 
formation of boron rich layers on further cooling; iii) during cooling below Teutectic the 
remaining liquid transforms to β–Ti and TiB precipitates at the β grain boundaries via 
eutectic reactions; and iv) cooling below the Tβ–transus, the β phase starts transforming to α 
phase, which under certain cooling conditions initially lead to the formation of grain 
boundary α with some TiB precipitates.  
 
The theory proposed by Tamiriskandala et al. [72] was valid in the present study In the 
present study, we see that the TiB needles precipitate along the prior β grain boundaries 
(Figure 3(e–f) in Paper VI), which ensured homogeneous microstructure in the cast ingots. 
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The theory proposed by Tamiriskandala et al. [72] have been supported by other researchers 
[75,160]. 
 

 

 
 

Figure 4.6. Schematic sketch of the grain refinement process in boron modified titanium 
alloys. Reproduced from Tamirisakandala et al. [72]. 

During the second stage shown in Figure 4.6, where Teutectic < T < Tliquidus, there will be an 
additional cooling resulting from the solute enrichment. This provides the driving force for 
nucleation and increases the nucleation rate. Simultaneously, a barrier is caused by excess 
boron at the solid/liquid interface reducing the growth rate of β–Ti. These combined effects 
(i.e. increase in nucleation rate and reduction in growth rate) result in significant reduction of 
prior β grain sizes in a variety of titanium alloys (see Figure 4.7(a)). This was also observed 
in the present study (see Figure 4.8 and Figure 3 (a-f) in Paper VI), where the grain growth 
of prior β was effectively restricted for about 0.11 wt.% B for Ti–64 (i.e. reducing the grain 
size from 2446 to 223 µm (see Table 4.1)). It was also observed by other researchers 
[14,72,75], where the restriction of grain growth was found to be effective with < 0.1 wt.% 
boron for Ti–64 and Ti–6242 alloys (see Figure 4.7(a)). Further increase in boron content 
above 0.1 wt.% does not decrease the grain size much further (see Figure 4.7(a)). The 
addition of boron beside reducing the prior β grain size, it also refines the size of α colonies 
in the as cast structure, because the maximum α colony size in titanium alloys is limited by 
the prior β grain size (see Figure 4.7(b), Table 4.1). The refinement of α colonies is observed 
because of the strong partitioning of boron during solidification and the presence of TiB 
precipitates (50 µm or less in length) at the grain boundaries, which increase the β grain 
boundary surface area and assists the nucleation of equiaxed α from the β phase [75,161]. 
The magnitude at which α colony size reduced is similar to the reduction in prior β grain size 
with the addition of 0.1 wt.% B, see Figure 4.7(b). In addition, it is observed that the length 
of the α laths is significantly reduced (see Figure 5 in Paper VI), which leads to the 
formation of equiaxed prior β grains in the boron modified titanium alloys as reported by Roy 
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et al. [160]. Beside this it was noted that the thickness of the α lath and the grain boundary α 
increased with boron content (see Table 4.1). 
 

 

(a)                                                            (b) 

Figure 4.7. Refinement of microstructural features with boron content. (a) Grain size (prior 
β) in various titanium alloys data from [75,14], (b) alpha colony size in Ti–64 with data from 

[14]. 

 

 

                   (a)                                            (b)                                            (c) 

Figure 4.8. Polarized optical micrographs: (a) Ti–64–0B, (b) Ti–64–0.06B and (c) Ti–64–
0.11B. 

 
Table 4.1. Microstructural parameters in as cast Ti–64 with and without boron addition: prior 
β grain size, d; α colony size, c; primary α lath size, λ; thickness of grain boundary α, tα; 
volume fraction of α phase, Vα; volume fraction of β phase, Vβ, volume fraction of TiB phase, 
VTiB. (Supplementary data in Paper VII).  
 

Boron 

(wt.%) 

d (µm) c (µm) λ (µm) tα (µm) Vα (%) Vβ (%) VTiB(%) 

0 2446±1901.7 250.4±150.2 2.7±1.1 4.7±1.5 82.9±3.8 17.1±3.8 0 

0.06 1083.7±273.3 53.4±3 4.02±1.2 6.8±2.2 85.5±2.8 14.2±2.8 0.3±0.2 

0.11 223.7±32 23.4±3 3.9±1.2 7.0±2.2 86.3±2.8 13.2±2.8 0.62±0.3 
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4.3.2.2. Mechanical properties 
From the above, it is evident that adding boron <0.1 wt.% refines the microstructure. As 
pointed out earlier, early studies saw that there is an increase in tensile properties 
[72,158,159]. Recently [14] it has been reported that beside the increase of tensile strength, 
the ductility of Ti–64 alloy increases for this small amount of boron [14]. The similar 
increase in ductility was also observed in the present study for boron up to 0.06 wt.% (see 
Table 1 in Paper VII). The increase in strength with addition of boron in titanium alloys was 
mainly attributed to the significant reduction in prior beta grain size, which followed Hall–
Petch relationship [14]. It would be wise to say that the possible reduction of alpha colony 
also contributes to the increase in strength by reducing the effective slip length in lamellar 
type microstructures (i.e. impede dislocation motion) as pointed out by Lutjering [34]. It is 
because; the maximum size of alpha colony is dependent on the prior beta grain size. This 
together forms a possible reason for the increase of compression and tensile properties in the 
present study (see section 3.3. in Paper VI, Table 1 in Paper VII). 
 
The increase in tensile strength and the ductility with the addition of small amount of boron 
in the present study indicates that the fatigue properties of the cast Ti–64 alloys should be 
improved. The studies by Sen et al. [162] showed that for ≤ 0.1 wt.% boron the high cycle 
fatigue properties (i.e. fatigue strength for crack initiation) increased by 15% for cast Ti–64 
alloy at room temperature. Chen et al. [16,17] noted that there is an increase in fatigue life in 
the HCF and LCF regimes for the same alloy with 0.1 wt.% boron at 455°C. The similar 
increase in fatigue lives was also noted in cast Ti–6242 alloy for the same amount of boron 
[163]. The increase in fatigue strength and life in the boron modified Ti–64 and Ti–6242 
alloy could be attributed to the refinement of microstructure, since it is well known that the 
reduction of microstructural features such as grain size and alpha colony size reduce the 
effective slip length in the titanium alloys for lamellar type of microstructure, and thereby 
increasing the fatigue strength [6,34,164]. However, it was not possible to find an exact 
correlation between the reduction of prior β grain size or alpha colony size on the increase of 
fatigue strength in boron modified cast Ti–64 and Ti–6242 alloys [16,17,162]. Rather it was 
explained that the increase in fatigue life and strength is because of the increase in tensile 
strength, ductility, and reduction of porosity. Similar observation was also noted in the 
present study (see Paper VII), where LCF life of as cast Ti–64 increased with addition of 
boron at strain amplitudes ≤ 0.75% (i.e. within elastic regimes), which was mainly because 
of increase in tensile strength. In addition, it was noted that the TiB precipitates in the study 
were not acting as source of crack initiation; rather it was observed that the presence of TiB 
precipitates appeared to be beneficial because of the strong, coherent interface between TiB 
and the matrix. This could hinder crack initiation as noted by Sen et al. [162]. However, 
when the strain amplitudes = 1%, the LCF life of the cast Ti–64 with boron is lowered, 
because of the multiple cracking of TiB precipitates and decohesion of TiB precipitates from 
the matrix. This type of observation is possible because of strain incompatibility between the 
ductile alloy and easy to deform matrix and brittle and hard TiB phase [165]. Besides to the 
increase in tensile properties and fatigue properties with the addition of boron (≤ 0.1 wt.% 
B), the creep resistance was also improved in the temperature range of 455–565°C for cast 
Ti–6242 alloy [166]. In contrast, there was reduction in fracture toughness and increase of 
fatigue crack growth rate for cast Ti–64 alloy [14]. 
 
It can be concluded that the addition of small amounts of boron ≤ 0.1 wt.% to cast Ti–64 and 
Ti–6242 alloys refines the microstructure significantly. This makes it possible to produce the 
semi–finished products such as billets and plates directly after the casting without any 
intermediate processing steps [167–169]. It was noted that these boron modified alloys after 
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thermo–mechanical processing showed better properties than the alloys without boron 
[19,170–172]. Therefore, it can be inferred that adding boron, as a solute during the melting 
of titanium is a promising approach to reduce the cost associated to the total production.  
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5. Summary of appended papers 
 
In the present thesis the quest to answer the research question has resulted in seven research 
papers. In this chapter, a summary of the appended papers and the author’s contribution to 
each work is provided. 
 
5.1. Paper I 
Influence of hydrogen environment on the mechanical properties of cast and electron 
beam melted Ti–6Al–4V 
Raghuveer Gaddam, Pia Åkerfeldt, Robert Pederson, Marta–Lena Antti 
 
In Paper I, the influence of high–pressure gaseous hydrogen (15 MPa) on the tensile and 
LCF properties of cast Ti–64 was studied. In addition, the properties of EBM Ti–64 were also 
studied in hydrogen. It was observed that the LCF life of cast Ti–64 reduces in gaseous 
hydrogen compared to the life in air.  The effect of hydrogen on the LCF life increased with 
strain ranges and was more pronounced at higher strain ranges (2%). It was noted that the 
LCF life of EBM is much higher than the cast material. The results from the tensile testing 
show that there is decrease in tensile properties such as yield strength (YS) and ultimate 
tensile strength (UTS) in hydrogen for both cast and EBM Ti–64. However, there is a need 
for a correction of parts of the conclusions in this paper. Since the tensile tests in air and 
hydrogen were performed at different strain rates, it is possible that YS and UTS were in fact 
not affected in hydrogen, if we take into account the strain rate sensitivity.  
 
In this paper, fractographic analysis could not elucidate the exact reason for the effect of 
hydrogen on the properties. It is mainly because of the difficulty in distinguishing the fracture 
surface in air and hydrogen due to coarse microstructural features. However, from the 
analysis of fatigue crack paths of cast and EBM Ti–64 in hydrogen, it is observed that 
possibly the microstructure of the material plays a role in the effect of hydrogen on the 
properties. Comparison of the microstructure and mechanical properties of cast and EBM 
materials in hydrogen indicates that the α colony size is an important microstructural 
parameter, which possibly influences the effect of gaseous hydrogen.  

 
Author’s contribution 
The author performed the literature review, carried out microstructural and fractographic 
analysis, contributed to the analysis and discussion of the results. In addition, the author 
wrote the paper with the suggestions of co–authors. 
 
5.2. Paper II 
Fatigue crack growth behaviour of forged Ti–6Al–4V in gaseous hydrogen 
Raghuveer Gaddam, Robert Pederson, Magnus Hörnqvist and Marta–Lena Antti 
 
In Paper II, the fatigue crack growth (FCG) behaviour of forged Ti–64 in high–pressure 
gaseous hydrogen (15 MPa) was studied. Here, the FCG tests were performed in ambient air 
and high–pressure gaseous hydrogen at room temperature. The results show that the effect of 
gaseous hydrogen is dependent on the stress intensity factor (ΔK). There is a critical stress 
intensity factor, ΔK* ≈ 20 MPa√m, above which the FCG rate is fluctuated and subsequently 
increased with increasing ΔK values in presence of hydrogen. However, below ΔK* the FCG 
rate was unaffected by hydrogen. The fractographic analysis performed using high resolution 
scanning electron microscopy (FE–SEM), provided evidence that the observed change in 
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FCG behaviour in gaseous hydrogen is due to the change in the fatigue crack growth 
processes i.e. from ductile to brittle behaviour. Based on the FCG results and the 
fractographic analysis, a hypothesis is proposed that describes the FCG behaviour in gaseous 
hydrogen for this alloy.  
 
Author’s contribution 
The author performed the literature review, microstructural and fractographic analysis. 
Author also performed the calculations for the diffusion of hydrogen into the material and 
contributed to the analysis and discussion of the results. In addition, the author wrote the 
paper with the suggestions of co–authors. 
	  
5.3. Paper III 
Influence of high–pressure gaseous hydrogen on the fatigue properties of cast Ti–6Al–
4V 
Raghuveer Gaddam, Magnus Hörnqvist, Marta–Lena Antti and Robert Pederson  
 
In Paper III, low cycle fatigue (LCF) and fatigue crack growth (FCG) properties of cast Ti–
64 in air and high–pressure gaseous hydrogen (15 MPa) at room temperature were 
investigated. The results indicated that the LCF life is significantly lowered in gaseous 
hydrogen compared with the one in air. The detrimental effect of hydrogen was clearly 
noticed at higher strain amplitudes. It seems that the number of cycles required for crack 
propagation is lowered rather than the one required for crack initiation. In addition, it was 
noted that the FCG rate was altered at critical stress intensity ΔK* ≈ 17 MPa√m in hydrogen, 
beyond that the FCG rate increased compared to the crack growth rates in air. The FCG rate 
in gaseous hydrogen remained unaffected at stress intensity range, ΔK < 17 MPa√m. It has 
been shown that the FCG rate of cast Ti–64 in hydrogen is dependent on ΔK. Fractographic 
analysis reveals that the decrease in LCF life and the increase in the FCG rate are mainly 
because of the change in mode of fracture process i.e. from ductile to brittle.  
 
In this paper, the FCG behaviour of cast and forged Ti–64 are compared to understand the 
influence of microstructure on the influence of hydrogen. It indicated that the FCG rate is 
much faster in cast Ti–64 compared to the forged material. This is believed to be due to the 
difference in microstructure. Comparison of the microstructure of cast and forged materials 
suggests that it is the prior β grain size and the α colony size that is the most important 
microstructural parameters, which influence the rate of hydrogen transport into the material. 
The mechanisms responsible for the observed results are discussed. 
 
Author’s contribution 
The author performed the literature review, microstructural and fractographic analysis, 
analysed the results with the help of co–authors and contributed to the discussion of the 
results. In addition the author wrote the paper with the suggestions of co–authors. 
	  
5.4. Paper IV 
Evaluation of alpha–case in Ti–6Al–2Sn–4Zr–2Mo 
Raghuveer Gaddam, Birhan Sefer, Robert Pederson, and Marta–Lena Antti 
 
In Paper IV, the alpha–case layer that is formed in Ti–6242 alloy after prolonged exposure at 
elevated temperatures was characterised using three different methods. In addition, the 
oxidation kinetics and the mechanism responsible for the formation of alpha–case in Ti–6242 
alloy was explicitly studied.  
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In this paper, isothermal heat treatments in ambient air were performed on forged Ti–6242 
alloy at 500, 593 and 700°C up to 500 hours. It is observed that at these temperatures 
simultaneous reactions have taken place, which results in formation of an oxide scale and an 
alpha–case layer. At these temperatures, it is observed that there is a change in the oxidation 
kinetics in Ti–6242 alloy with respect to time, i.e. changes from cubic to parabolic at 500°C, 
and parabolic to linear at 700°C with the increase of exposure time. However, at 593°C the 
oxidation follows parabolic relationship for all times. The change in the oxidation kinetics 
has been attributed to the physical changes in the oxide scale. The activation energy for the 
oxidation in the parabolic region is estimated to be 152 kJ/mol. In addition, the thickness of 
the alpha–case layer is measured using optical microscope. It is found that the thickness 
increases proportionally with increase of temperature and time, mainly following parabolic 
relationship. The activation energy for alpha–case formation was estimated to be 176 kJ/mol. 
Electron micro probe analysis (EPMA) of the alpha–case layer revealed that it is enriched 
with oxygen. The thickness of alpha–case layer measured using optical microscopy, and 
EPMA were comparable for most of the tested temperatures and times, except at 700°C for 
exposure times > 300 hours. This was confirmed by the micro–hardness testing.  
 
Author’s contribution 
The author performed the literature review, isothermal heat treatments in air, evaluation of 
the oxide scales using scanning electron microscope and characterisation of alpha–case layer 
using optical microscopy and EPMA. The author contributed to the analysis and the 
discussion of the results. In addition, the author wrote the paper along with the second co–
author and suggestions from the other co–authors. 
 
5.5. Paper V 
Influence of alpha–case layer on the low cycle fatigue properties of Ti–6Al–2Sn–4Zr–
2Mo alloy 
Raghuveer Gaddam, Marta–Lena Antti and Robert Pederson 
 
In Paper V, the influence of different alpha–case thicknesses on the low cycle fatigue 
properties (LCF) of wrought Ti–6242 was investigated. In this work, the Ti–6242 alloy was 
isothermally heat treated in ambient air at 593°C for 2.5, 50 and 300 hours, which resulted in 
an alpha–case layer with thicknesses ranging from 2 – 22 µm. The thickness of the alpha–
case layer was measured using optical microscope. Electron micro probe (EPMA) analysis of 
this layer revealed that the layer is enriched with oxygen, therefore this layer is also referred 
to as “oxygen–enriched layer”. The thickness of this layer was measured using EPMA, and 
was comparable to alpha–case thickness measured by optical microscope.  
 
Low cycle fatigue testing was performed on Ti–6242 with different thicknesses of alpha–case 
at room temperature. The test results show that at strain amplitude 0.4%, the fatigue life of 
the alloy is reduced about 50% for the specimens with alpha–case layer about 2 µm thick. 
The LCF life reduced nearly 90% with 10 µm thick alpha–case layer. However, at strain 
amplitude 0.3%, it was difficult to say if there is a reduction of LCF life for the specimens 
with alpha–case layer about 2 µm. However, it was clearly noted that for 10 µm thick alpha–
case layer, the LCF life is significantly reduced. It is noted that at 0.3 and 0.4% strain 
amplitudes, the degrading effect of the alpha–case layer on the LCF life increased with 
increase of the alpha–case thickness. The fractographic analysis showed that possibly there is 
a reduction of the number of cycles for fatigue crack initiation because of the hard and brittle 
alpha–case layer rather than the number of cycles required for crack propagation. Thereby it 



	   52	  

can be said that reduction in fatigue life is mainly because of the presence of hard and brittle 
alpha–case layer that is enriched with oxygen. 
 
Author’s contribution 
The author performed the literature review, isothermal heat treatments in air, and evaluation 
of the alpha–case layer using optical microscopy. Author also performed the fractographic 
analysis after the LCF tests, contributed to the analysis and the discussion of the results. The 
author wrote the paper with the suggestions from the co–authors. 
 
5.6. Paper VI 
Microstructure and mechanical behavior of cast Ti–6Al–4V with addition of boron 
Robert Pederson, Raghuveer Gaddam, Marta–Lena Antti 
 
In Paper VI, the effect of adding small amounts of boron (0, 0.06 and 0.11 wt.%) on the 
microstructure and mechanical behaviour of cast Ti–64 alloy was explicitly investigated. It 
was observed that the addition of boron refines the coarse as cast microstructure. The 
microstructural features are quantitatively evaluated using an image analysis method (Adobe 
Photoshop installed with a FoveaPro plugin). The results from the microstructural 
characterisation showed that the addition of boron refined the prior β grain size and the α 
colony size in higher magnitude. In this work, to probe the mechanical properties, 
compression testing was performed on these alloys using Gleeble 1500 at temperatures 25 to 
1100°C with different strain rates (0.01, 0.1, 1s–1). The test results showed a significant 
improvement of room temperature compressive yield strength (approximately 15%) when 
0.06 wt.% boron was added to the standard cast Ti–64 alloy. The increase in strength is 
because of the finer microstructure in the boron modified Ti–64 alloys. The improvement in 
strength was also noted for 0.11 wt.% boron. The influence of boron on the strength was 
retained up to 500°C and its strengthening effect diminished as the temperature exceeded 
500°C.	  
	  
Author’s contribution 
The author performed the microstructural characterisation of the as received material, where 
the quantitative analysis of the microstructural features was performed using FoveaPro. In 
addition, the hardness values were measured. The author formulated the mechanical tests and 
analysed the results together with the co–authors. The author wrote the experimental and the 
result sections in the paper. 
 
5.7. Paper VII 
Strain–controlled fatigue in B–modified Ti–6Al–4V alloys 
Gaurav Singh, Raghuveer Gaddam, Vijay Petley, Ranjan Datta, Robert Pederson and 
Upadrasta Ramamurty 
 
In Paper VII, the effect of adding small amounts of boron (0, 0.06 and 0.11 wt.%) on the low 
cycle fatigue (LCF) properties of cast Ti–64 alloy at room temperature was investigated. 
Microstructural characterisation was performed using image analysis software (Adobe 
Photoshop installed with a FoveaPro plugin). The results from the quantitative 
characterisation of the microstructure show that the addition of boron refined the coarse 
microstructure of as cast Ti–64, especially the prior β grain size and the α colony size. LCF 
testing was performed on the cast Ti–64 ally with different amounts of boron. The test results 
show that the addition of boron up to 0.11 wt.% improved the LCF life. The increase was 
noted at strain amplitudes < 0.75% because of increase in tensile strength. However, at strain 
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amplitude about 1%, the LCF life is reduced with addition of boron. It is because of cracking 
of TiB precipitates due to strain incompatibility with the alloy and the precipitates acting as 
easy crack initiation site.  
	  
Author’s contribution 
The author performed the quantitative microstructural analysis using FoveaPro of the 
materials tested, and contributed to the planning of the experiments and discussion of the 
results.  
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6. Conclusions and future work 
	  
The objective of the study was to understand the influence of hydrogen, oxygen and boron on 
the mechanical properties of titanium alloys. The research methodology employed was 
performing microstructural characterisation, mechanical testing and evaluation of the fracture 
surfaces to understand the physical phenomena and/or mechanisms responsible for failure. 
The conclusions from the present study and suggestions for future work are as follows: 
	  

• Hydrogen in the form of gas significantly reduced the fatigue properties such as the 
LCF life and the FCG resistance for Ti–64 alloy in comparison with those properties 
measured in ambient air at room temperature. However, it was noted that there was no 
change in the cyclic stress–strain response, which shows that possibly gaseous 
hydrogen does not have a detrimental effect on the tensile properties such as yield 
strength (YS), ultimate tensile strength (UTS), and ductility. The influence of 
hydrogen on the mechanical properties seems to be dependent on the microstructure 
of the alloy. It was noted that the FCG resistance was higher for Ti–64 alloy with 
smaller prior β grains and smaller α colonies (i.e. forged material) than for the coarser 
microstructure (i.e. cast material). The results in this study indicate that hydrogen 
mainly influences the crack growth properties, as it changes the mode of fracture from 
ductile to brittle at a critical stress intensity value, and that the influence of hydrogen 
is dependent on the stress intensity factor. Based on the observations, a hypothesis is 
proposed that describes the FCG behaviour in gaseous hydrogen.  
 
The exact mechanism responsible for the observed effect of hydrogen on the 
mechanical properties is not completely understood. Therefore, comprehensive 
analysis of the fatigue results coupled with the fracture mechanics and additional 
experiments such as transmission electron microscopy to study the hydrides and/or 
dislocation behaviour is required. This type of approach could render in explaining 
the deleterious effect of hydrogen on the mechanical properties of titanium alloys. 
 

• Oxygen, about 21% in volume (equivalent to 23 wt.%) is present in ambient air, 
which would readily be adsorbed at the surface and result in formation of stable oxide 
(TiO2) on the titanium alloys at room temperature. In the present study, Ti–6242 alloy 
when exposed to elevated temperatures 500, 593 and 700°C up to 500 hours in 
ambient air results in simultaneous formation of oxide scale and alpha–case layer. The 
weight gain analysis showed that at these temperatures the oxidation kinetics mainly 
obeys parabolic relationship. However, it was observed that there is a change in the 
oxidation kinetics with respect to the time at 500 and 700°C. It was found that the 
thickness of the alpha–case layer increases proportionally with increasing temperature 
and time, mainly following parabolic relationship. The thickness of the alpha–case 
layer measured by optical microscope was about 9, 28 and 108 µm at 500, 593 and 
700°C after exposure for 500 hours. Electron micro probe analysis (EPMA) of the 
alpha–case layer revealed that the layer is enriched with oxygen. It was observed that 
the thickness of alpha–case layer measured using optical microscope, and EPMA 
were comparable for most of the tested temperatures and times, except at 700°C for 
times longer than 300 hours. Microhardness measurements also showed that the 
alpha–case layer measured using optical microscopy is lower than measured by 
EPMA at 700°C for longer exposure times. It was shown that the LCF life of Ti–6242 
alloy was reduced about 50% with an alpha–case layer with a thickness of about 2 µm 
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and nearly 90% with 10 µm thick alpha–case layer at strain amplitude 0.4%. It was 
noted that at 0.3 and 0.4% strain amplitudes, the detrimental effect of the alpha–case 
layer on the LCF life increased with increasing thickness. The fractographic analysis 
showed that cracks are easily initiated up to the thickness of alpha–case layer, which 
suggests that it is the number of cycles for fatigue crack initiation that is reduced 
rather than the one required for crack propagation and this is contributing to the total 
LCF life reduction. Thereby it can be said that reduction in LCF life is mainly 
because of the presence of hard and brittle alpha–case layer that is enriched with 
oxygen.  
 
As pointed out, it is observed that there is a change in oxidation behaviour in the 
studied alloy, which possibly would also affect the formation of alpha–case layer. 
Therefore it requires more systematic study on evaluating the alpha–case formation, 
which includes the study of oxide scales and oxidation studies at shorter heating 
times. Beside this, it is required to study the influence of alloying elements, oxygen 
pressure, and different environmental gases on the alpha–case formation. It is 
because, in practice, titanium alloys are either used in service at higher pressure of air 
or heat–treated/ welded using different shield gases where even a small amount of 
oxygen could also lead to the formation of alpha–case. In addition, it is very much 
required to develop an oxidation model for different titanium alloys that could predict 
the thickness of alpha–case layer that can form during service, which possibly 
increase the service temperature and the life of titanium alloys. 
 

• Boron, added in small amounts (< 0.11 wt.%) result in the formation of TiB 
precipitates, which restricts the grain growth during solidification of titanium alloys. 
Thereby adding boron result in fine grained microstructure in cast ingots. The 
quantitative microstructural characterisation using an image analysis software (i.e. 
FoveaPro), showed that the addition of boron significantly refined the prior β grain 
size and thereby the α colony size. However it was observed that there is an increase 
in the thickness of grain boundary α and the α lath thickness. The refined 
microstructure i.e. decrease in α colony size, increased the compressive strength 
(about 15%), YS and UTS at room temperature. It was also observed that the ductility 
increased with addition of boron up to 0.06 wt.%, however it was reduced for higher 
amount of boron (0.11 wt.%). In addition, it was observed that the boron improved 
the LCF life at strain amplitudes < 1% because of increase in the initial strength. 
However, it was noted that at higher strain amplitudes (1%) the LCF life was 
significantly reduced. This is because of cracking of the TiB precipitates, which easily 
initiate the cracks. Beside this, the strengthening effect of boron was observed up to 
500°C from the compression test results, beyond this temperature the effect seems to 
be diminished.  
 
The mechanical tests revealed that TiB precipitates are cracked under stress, primarily 
because of their brittle nature. There is a risk that the brittleness of these TiB particles 
may restrict the potential use of titanium alloys modified by boron in aerospace 
applications. Therefore further investigations on high strength properties like creep 
properties and oxidation resistance are required to assess the magnitude of the risk. In 
addition, it would be of interest to study how these newly developed alloys resist the 
gaseous hydrogen similar to the one studied in this work.  
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Influence of Hydrogen Environment on the Mechanical Properties of Cast and 
Electron Beam Melted Ti-6Al-4V 
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In order to save weight in a certain engine application the possibility of replacing the currently used material with cast Ti-6Al-4V is investigated here. The 
working environment for this particular engine part is pure hydrogen gas at high pressure. Therefore selected mechanical properties such as tensile and low 
cycle fatigue (LCF) in air and hydrogen atmosphere have been studied for cast Ti-6Al-4V. In addition to cast Ti-6Al-4V, the corresponding mechanical 
properties of a more recently developed additive manufacturing method, electron beam melting (EBM), is also investigated in hydrogen and compared with 
cast Ti-6Al-4V. Cast Ti-6Al-4V showed lower yield strength and lower ultimate tensile strength in hydrogen compared with air. However, no significant 
change in the ductility was observed. The LCF was significantly reduced in the hydrogen atmosphere, mostly at high strain range (≈ 2%). The EBM Ti-6Al-
4V in hydrogen showed higher yield strength, higher ultimate strength and higher ductility as well as improved fatigue life compared with cast Ti-6Al-4V 
under the same test conditions. Microstructural and fractographic characterization were also performed and the results are included.  
 
Keywords: hydrogen, titanium, tensile strength, ductility, fatigue, embrittlement, fractography 
 
1. Introduction 

Titanium alloys are known for their excellent strength to 
weight ratio and corrosion resistance in a wide range of 
environments1). However, it is well established that certain 
titanium alloys, including Ti-6Al-4V (Ti-64) are 
susceptible to hydrogen embrittlement at ambient 
conditions in high2) and low-pressure hydrogen3). The 
embrittlement observed in Ti-64 at low-pressure hydrogen 
has shown to be dependent on the microstructure.  

The aim of the present study was to explore selected 
mechanical properties of Ti-64 in hydrogen environment.  
 
2. Experimental Methods 
 
2.1 Materials investigated 

In the present study cast and electron beam melted 
(EBM) Ti-64 were investigated. Cast specimens were 
machined from commercially produced rings, which were 
hot isostatically pressed (HIP) at 899°C for 2 hours, 
followed by annealing at 843°C for 2 hours and then 
furnace cooling to below 538°C. EBM specimens were 
machined from bars manufactured using an ARCAM-A2 
equipment (Arcam AB, Sweden) followed by HIP at 954°C 
for 2 hours. 
  
2.2 Environment  

The test environments used were ambient air and pure 
hydrogen. For all hydrogen tests a pressurizing time of 
approximately 2 hours was necessary in order to reach the 
desired hydrogen pressure (150 bar) in the sealed test 
chamber. This means that the samples were exposed to 
hydrogen atmosphere under increasing pressure for up to 2 
hours before commencing the mechanical tests.  
 
2.3 Tensile testing 

Uniaxial tensile tests in hydrogen environment were 
performed according to ASTM E8 at ambient temperature. 
These tests were carried out on cylindrical specimens with 
a gauge length of 20 mm and a gauge diameter of 4 mm. 
The applied strain rate was 0.005 mm/mm/min. For 

comparison similar tests were also performed on cast and 
EBM Ti-64 in air.  
 
2.4 Low cycle fatigue testing 

Uniaxial LCF strain controlled tests in hydrogen 
environment were conducted according to ASTM E 606 at 
ambient temperature. The stress ratio was R=0 and the 
frequency was 0.5 Hz. The LCF specimens were 
manufactured with low stress grinding resulting in a 
surface roughness of 0.2 µm, with a gauge length of 16 mm 
and a gauge diameter of 6.3 mm. The strain ranges used 
were in between 0.5% to 2%. Similar LCF tests were also 
performed on cast Ti-64 in air. 

 
2.5 Microstructure and fractography 

Optical microscopy was used to examine the 
microstructure in cast and EBM specimens. Sample 
preparation was done using conventional metallographic 
techniques for titanium alloys, involving grinding, 
polishing, and etching using Kroll’s etchant.   

Scanning electron microscopy was used to investigate the 
fracture surfaces using JEOL JSM-6460LV operating with 
an accelerating voltage of 15kV.  

  
3. Results and Discussion 
 
3.1 Tensile properties 

The ultimate tensile strength (UTS) for cast Ti-64 was 
reduced by 4%, yield strength (YS) was reduced by around 
5% when tested in hydrogen. The ductility (i.e. reduction 
of area) was however not significantly reduced when tested 
in hydrogen. Similar observations for YS and ductility 
were also noticed for EBM material but UTS in EBM 
material was reduced by 11%, which is a larger decrease 
than for cast Ti-64. These results are shown in Figure 1. 

EBM material showed higher tensile properties (i.e. UTS 
and YS) both in air and hydrogen than cast Ti-64, whereas 
the ductility seemed to be the same (see Figure 1).  
 

 



 
 
 

       Figure 1. Tensile properties (YS, UTS and ductility) of cast and EBM Ti-64 tested in air and hydrogen. 
 
3.2 LCF properties 

LCF properties for cast Ti-64 tested in air and hydrogen 
are represented using Δεt-Nf diagram (Figure 2), Δεt being 
the total strain range, and Nf the number of cycles to 
failure. It is observed that the LCF life is reduced for cast 
Ti-64 in hydrogen environment at strain ranges 1.0 - 2.0%. 
However, the LCF properties remained unaffected by 
hydrogen environment below 1.0% and therefore showed 
similar behavior both in hydrogen and in air.  

The EBM material showed significantly better LCF 
properties in hydrogen than cast material at all tested strain 
ranges (Figure 2). It should be noted however that only 
one test result at 2% strain exists for EBM material. 

 

 
 
 

Figure 2. LCF properties (Nf) of cast and EBM Ti-64 tested in hydrogen 
and cast Ti-64 tested in air. 
 
3.3 Microstructure and fractography 

The microstructural characterization showed that both 
cast and EBM Ti-64 exhibit a lamellar type of 
microstructure (Figure 3c,d). Cast Ti-64 is characterized 
by a coarse-grained structure due to the long time at high 
temperature associated with the casting process (Figure 
3a). Compared with the EBM material the microstructure 
in the cast Ti-64 consists of coarser prior β grains, thicker 
grain boundary α, higher aspect ratio of α laths and larger α 
colonies (Figure 3a,b). 

The mechanical properties of titanium alloys are strongly 
dependent on the microstructure1). Normally in engineering 
materials it is the grain size that is the most important 
microstructural parameter affecting the mechanical 
properties, such as the tensile and fatigue strengths. In Ti-
64 it is the α colony size, which is the most important 
microstructural feature, influencing the yield strength and 
LCF strength4).   

The reason why the yield strength of Ti-64 is mainly 
influenced by the α colony size is because the size of the α 
colony limits the effective slip length4). This explains the 
current results in which the yield strength of the cast Ti-64 
was found lower than the EBM Ti-64 material (Figure 1). 
In addition, EBM Ti-64 shows higher UTS than cast Ti-64 
(Figure 1) in both air and hydrogen environment. This is 
also due to the smaller prior β grains and α colony size 
(Figure 3d) in EBM Ti-64, which decreases the effective 
slip length.	   The reduction in prior β grain size, which 
decreases the α colony size, could provide resistance to 
hydrogen diffusion and thus hydrogen embrittlement. 

 

 
 
 

Figure 3. Microstructure of Ti-6Al-4V in different conditions; (a,c) cast, 
(b,d) EBM, (c-d) higher magnification images of (a) and (b) respectively. 



The LCF life (Nf) of cast Ti-64 was significantly reduced 
at strains above 1.0% in hydrogen atmosphere when 
compared with air, but at lower strains this difference 
diminished. In order to understand the reasons for this 
several fracture surfaces were investigated (Figure 4). The 
fracture surface features appeared similar in both air and 
hydrogen i.e. faceted (Figure 4a,b). It was difficult to 
distinguish between crack initiation site, crack propagation 
zone and the border to the final fracture area, especially for 
cast Ti-64 material. This difficulty has been noted in earlier 
work by others5). In the current work it can however be 
seen that the scale of the fracture surface features are all 
related to the size of the prior β grains and α colonies. This 
yields for specimens tested in both air and hydrogen 
environment, compare Figure 3a with Figure 4a,b. 
 

 
 
 

Figure 4. SEM fractographs of LCF specimens tested at a total strain of 
2% (a,d) cast Ti-64 tested in air (b,e) cast Ti-64 tested in hydrogen and 
(c,f) EBM Ti-64 tested in hydrogen. (d-f) magnified images of the areas 
highlighted by boxes in (a-c). The arrows indicate the direction of fatigue 
crack propagation.  

 
A large effort was invested in trying to locate striations 

on the fracture surfaces because these could help in 
explaining the effect of hydrogen. However, striations were 
only found in a few cast samples tested in air (below 1.4% 
strain) and one EBM sample (hydrogen at 2% strain).  
Because of the limit of striations found in this investigation 
no correlation was possible between striations and 
environmental effect on fatigue properties. Figure 5 shows 
the representation of the striations found on fracture 
surfaces of cast and EBM Ti-64. 

In addition to the fracture surface investigations, crack 
path profiles of both cast and EBM Ti-64 specimens were 
examined. It is observed that the degrading effect of 
hydrogen atmosphere on the fatigue life was most severe 
for the specimens tested with the highest strain, therefore 

only crack path profiles of these specimens were 
investigated (Figure 6). In order to get the crack path 
profile along the crack propagation area each specimen was 
carefully sectioned and ground until reaching the crack 
initiation area which was located at the surface of all 
investigated samples (marked with boxes in Figures 4a-c). 

In cast Ti-64, the crack propagation in the LCF specimen 
tested in air seems to follow the interface between either 
two α colonies or the interface between an α colony and a 
prior β grain boundary (Figure 6a). The crack propagation 
in the cast Ti-64 specimen tested in hydrogen follows the 
interface between grain boundary α and α colonies (Figure 
6b). However, the crack propagation in EBM Ti-64 
material follows a much more serrated path as compared to 
cast Ti-64 (Figure 6c). The reason for this is the smaller α 
colony size in the EBM Ti-64 material. This explains the 
difference in fatigue life between the cast and EBM Ti-64 
tested in hydrogen (Figure 2).  

 

 
 
 

Figure 5. SEM fractographs showing the striations formed in (a) cast Ti-
64 in air and (b) EBM Ti-64 tested in hydrogen. The images are taken in 
the vicinity of the crack propagation area. The arrows indicate the 
direction of fatigue crack propagation. 
 

The crack path profiles of cast Ti-64 specimens tested in 
air and hydrogen appear similar, where the cracks seem to 
follow along the interface between α colonies and the 
interface between prior β grain boundaries and α colonies 
(Figure 6a,b). Thus, the effect of hydrogen environment 
does not seem to change the fatigue crack propagation path 
through the microstructure in the cast Ti-64 material. 
Consequently there must be some other phenomena that 
could explain the dramatic drop in LCF life occurring when 
tested with high strain in hydrogen environment, but not 
for low strains. 

Since hydrogen is known to diffuse easily within the β 
phase, a microstructure with long continuous β phase 
would lead to enhanced hydrogen diffusion into the 
material as compared with a microstructure where the 
existing β phase is less continuous3,6,7). In Ti-64, the 
amount of retained β phase existing in the material at 
equilibrium is only about 5-10% at RT8). The cast Ti-64 
material in the present study consists of a complete 
Widmanstätten type of microstructure with large α 
colonies, where each colony is built of parallel α lamellas. 
Most of the retained β phase that exist will be found lying 
between the α lamellas in these α colonies. If the α colony 
size decreases, so will the continuous β phase as well, and 
thus the rate of hydrogen diffusion through the β phase into 
the material will also decrease. In the present study this 
means that the diffusion of hydrogen into the EBM Ti-64 
material should be less than the diffusion into the cast Ti-



64 material, because of the significant smaller α colonies in 
the microstructure of the EBM Ti-64 material. 

 

 
 
 

Figure 6. Crack path profiles along the crack propagation area of (a) cast 
Ti-64 tested in air (b) cast Ti-64 tested in hydrogen and (c) EBM Ti-64 
tested in hydrogen. The arrows indicate the direction of the fatigue crack. 

 
The observed LCF life dependence on strain range 

(Figure 2) could be explained by one of two common 
theories behind hydrogen embrittlement in titanium alloys. 
These two theories are hydrogen enhanced localized 
plasticity9) (HELP) and stress induced hydride formation10). 
The theory behind HELP explains that hydrogen atoms 
diffuse into the material and concentrate at the crack front 
leading to an increase in local stress at the crack tip. This 
enhances the local plastic deformation and crack 
propagation as a result of an externally applied load9-12). At 
high stress intensity the crack propagation rate is faster 
than the time necessary for hydrides to form at the crack 
front, therefore HELP here becomes the responsible crack 
propagation mechanism. However, below a certain 
threshold value of the stress intensity the time for hydride 
formation will be sufficient and the crack will then 
propagate through repeated formation and cleavage of 
these hydrides11). The formation and decomposition of 
stress induced hydride cracking is often claimed to be the 
main mechanism for hydrogen embrittlement in α+β 

titanium alloys3,7). 
However, in the present study it has not yet been possible 

to prove which one of the two embrittlement mechanisms 
that dominate. 
 
4. Conclusions 

Based on the results found in the present study the 
following conclusions could be made: 
1) Both the yield strength and the ultimate tensile strength 
were decreased in hydrogen for both cast and EBM Ti-64.  
2) Tensile ductility (reduction of area) was not affected by 
the hydrogen environment. 
3) The EBM Ti-64 material showed higher tensile strength 
as well as LCF properties compared with cast Ti-64, both 
in hydrogen environment and in air. 
4) The LCF properties were significantly reduced for cast 
Ti-64 at high strains in hydrogen when compared with air. 
For low strains however, the LCF life in hydrogen 
environment was similar to air. 
5) The α colony size is the most important microstructural 
feature affecting tensile and fatigue properties in hydrogen 
atmosphere.  
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a b s t r a c t

Fatigue crack growth (FCG) tests were performed to evaluate the fatigue behaviour of forged Ti–6A1–4V
in air and high-pressure gaseous hydrogen (15 MPa) at room temperature. The results indicate that the
effect of gaseous hydrogen is dependent on the stress intensity factor (DK). The FCG rate was unaffected
by hydrogen below a critical stress intensity, DK� � 20 MPa

p
m. Above DK�, the FCG rate fluctuated and

subsequently accelerated at higher DK values. The observed behaviour is attributed to the change in the
fracture processes. A hypothesis is proposed that describes the FCG behaviour in gaseous hydrogen.

� 2013 Elsevier Ltd. All rights reserved.

1. Introduction

Ti–6Al–4V (Ti-64) is the most frequently used titanium alloy for
aerospace applications because of its high strength-to-weight ratio,
good combination of strength and fatigue resistance up to 300 �C
[1,2]. However, one of the concerns is its incompatibility with
hydrogen [3]. Studies have shown that gaseous hydrogen degrades
the critical fracture properties of Ti-64, such as fracture toughness
[4,5] and fatigue resistance [6–9] at room temperature. It is worth
mentioning that there is limited research on the influence of gas-
eous hydrogen on fatigue crack growth (FCG) of Ti-64 alloy
[7,10–12]. These studies suggest that an interaction between
hydrogen and titanium at the crack tip plays a major role, but
the effect on the FCG behaviour is not well understood.

Increased understanding of the influence of gaseous hydrogen
on the fatigue properties of Ti-64 alloy is of importance as the alloy
is mainly used in aerospace applications. In a recent study [8], it
was observed that the fatigue life of cast Ti-64 alloy was reduced
more at higher strain ranges in the presence of gaseous hydrogen
than at lower strain ranges. This indicates that the hydrogen might
be affecting the FCG resistance rather than the crack initiation. The
purpose of the present work was to investigate the FCG behaviour
of forged Ti-64 in a high-pressure gaseous hydrogen (15 MPa) at
room temperature.

2. Materials and methods

The material investigated was forged Ti-64 in the solution trea-
ted and aged condition according to AMS 4928. It has a bimodal
microstructure with a phase (�83%) and beta phase (�17%), which
consists of primary a (42.5% in volume, grain size � 15 lm) and
transformed b (57.5% in volume, grain size � 18.6 lm) (see
Fig. 1(a)). The transformed b grain consists of parallel a lamellas
with retained b (see Fig. 1(b)). The test environments used were
ambient air and high-pressure gaseous hydrogen (>99.995% pur-
ity), where the desired pressure of 15 MPa was achieved by pressu-
rising the test chamber prior to testing.

Fatigue crack growth testing was carried out using a servo-
hydraulic testing machine on one sample each in ambient air and
gaseous hydrogen at room temperature. In the present study, the
test specimens used were Kb-type (see Fig. 2(a)), having a rectan-
gular cross-section with a surface flaw in the gauge section (see
Fig. 2(b)). Detailed information about the test specimens are de-
scribed elsewhere [9]. Before testing, the specimens were fatigue
precracked in air at room temperature, using a frequency of
10 Hz with a stress ratio (R) = 0 to obtain an initial crack length
(a) of 0.5 mm. Thereafter, FCG testing was performed in air and
gaseous hydrogen by uniaxial loading of the specimens at a stress
ratio R = 0 and a frequency of 0.5 Hz, with triangular waveform
using the applicable parts of ASTM E647-08 and ASTM E740-03
standards. In these tests, the total crack lengths were recorded
by the direct current potential drop technique according to the
ASTM E 647 standard. For testing in gaseous hydrogen, the
specimen, along with the grips, was enclosed in an autoclave. In
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the present work, the stress intensity factor range, DK, was calcu-
lated for the deepest point of the crack according to ASTM E740
standard assuming a semi-circular shape. The applied stress ranges
were different for the tests in air and hydrogen (450 and 530 MPa,

respectively). Here it is assumed that the stress range have negligi-
ble influence, since it is known from the literature [7,10–12] that in
presence of gaseous hydrogen, DK is the controlling loading
parameter. Therefore, the expression to calculate DK was used to
correlate the crack lengths between the tests and the fractographic
results were compared at the same DK.

Scanning electron microscopy (SEM) was used to characterise
the fracture surfaces and the microstructure of the specimens after
FCG testing. Analysis of the fracture surfaces was conducted using
a field emission scanning electron microscope (FE-SEM) from Carl
Zeiss (MERLIN�). It was performed using secondary electron imag-
ing with an accelerating voltage of 3 kV and probe current of 1 nA.
Attention was paid to specific regions on the fracture surfaces. SEM
was also used to observe the fatigue crack path profiles prepared
by protecting the fracture surface using Lacquer from METACOAT�,
then cross sectioning the samples along the FCG direction and
examining from the side surface. Sample preparation for micro-
structural analysis was performed using conventional methods
for titanium alloys involving grinding, polishing and etching using
Kroll’s reagent.

3. Results and discussion

Fig. 3(a) and (b) shows the FCG curves for forged Ti-64 in air and
gaseous hydrogen. The FCG rate in air follows a power law rela-
tionship for the tested stress intensity factor ranges. The FCG
behaviour in hydrogen is almost identical up to DK � 20 MPa

p
m

and thereafter it changes. It is noted that at about 20 MPa
p

m,
the FCG rate starts to fluctuate and then accelerates significantly,
see Fig. 3(a). The fluctuation can also be noted at the corresponding
crack length, see inset in Fig. 3(b). The extent of the hydrogen effect
can be seen by dividing the FCG rate in hydrogen by that in air, see
Fig. 3(c), and the FCG curve can be separated into three distinct
areas. In the first region, A (DK 6 20 MPa

p
m), the FCG rate is unaf-

fected showing a stable crack growth similar to the one in air. In
the second region, B (20 6 DK 6 26 MPa

p
m), the average FCG rate

is lower than in air, but there were fluctuations in da/dN values

Fig. 1. (a) Scanning electron micrograph of forged Ti-64 revealing the bi-modal
microstructure with primary a and transformed b grains, (b) micrograph showing
the a (dark) and b (bright) in transformed b.
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Fig. 2. (a) Schematic illustration of the Kb-type test specimens used in the study, (b) cross-section of the gauge length, including notch and crack geometry.
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indicating unstable crack growth. This could be because of the
crack being temporarily arrested. Finally, in the third region, C
(DK > 26 MPa

p
m), the FCG rate is drastically increased compared

to air and the effect increases with increasing DK.
The results show that the FCG rate in gaseous hydrogen is al-

tered at a critical stress intensity value DK� � 20 MPa
p

m. Earlier
studies showed that the FCG rate was slightly reduced in hydro-
gen compared to air at room temperature [10–12]. However, the
hydrogen pressures in these studies were significantly lower than
in the present case i.e. 10�5 [10,11] and 0.1 MPa [12], which
makes the comparison difficult. Furthermore, the cyclic frequen-
cies were slightly higher (5 Hz). If the observed threshold value
in stress intensity, below which no effect of hydrogen can be
seen, is a true material property, it can be assumed that it will
most likely increase with increasing frequency and stress ratio
and decreasing pressure. It could be expected that DK� is signifi-
cantly higher at the very low pressures used in the previous stud-
ies compared to the present case. Considering this, these studies
are in general agreement with the present results that the effect
of hydrogen would not be expected for low pressures at the
tested stress intensities that were below approximately 20
[10,11] and 30 [12] MPa

p
m. If the testing had continued to high-

er values of DK in [10–12], the transition might possibly have
occurred, and if so the effect of hydrogen would have been no-
ticed, provided that DK� under the specific conditions was lower
than the fracture toughness of the material. At such low-pressure
levels, the reduction in FCG rate may well be a result of the
reduced detrimental effect of oxygen outweighing the small det-
rimental effect of the presence of hydrogen. This is supported by
the similar FCG rates obtained in vacuum and low-pressure
hydrogen [12].

In duplex annealed Ti–6Al–2Sn–4Zr–2Mo–0.1Si charged to
530 ppm hydrogen, the FCG rate at room temperature was identi-
cal to that in the as-received material (53 ppm hydrogen) up to
about 20 MPa

p
m [13]. Above this value, the FCG rate increased

drastically compared to that of the as-received material, similar
to what was observed in this study. Furthermore, it was clearly
demonstrated that 1 Hz cyclic frequency leads to higher crack
growth rates compared to 5 Hz at DK above approximately
30 MPa

p
m while showing similar FCG rates at lower DK [13]. This

offers indirect support for the argument that DK� would have been
too high to allow observations of hydrogen effects in [10–12], gi-
ven the combination of lower pressure and higher frequency. In
addition, the microstructure of the alloy could also play an impor-
tant role for the detrimental effect of hydrogen on FCG. This can be
inferred from our previous study [8], where the fatigue life of cast
Ti-64 was lower than the electron beam melted (EBM) Ti-64 alloy
in gaseous hydrogen. The cast Ti-64 consists of lamellar micro-
structure with large a colonies, where each colony is built of a
lamellas growing parallel to each other. The b phase retained in
these microstructures is mostly found between the a lamellas
(similar to Fig. 1(b)). In contrast, EBM Ti-64 consists of lamellar
microstructure with smaller a colonies. It is known that a contin-
uous b phase in the microstructure provides easier path for hydro-
gen transport [4]. Thereby cast Ti-64 with coarser a colonies
contains more continuous b phase, showed shorter fatigue life than
the EBM Ti-64. Based on these observations it can be expected that
DK� observed in this study would depend on the combination of
testing conditions, microstructure and processing route of the
material.

Fig. 4(a) and (b) shows macroscopic fracture surfaces in air and
hydrogen, respectively, exhibiting semi-circular crack fronts. The

(a)

(b)

(c)

Fig. 3. Stage II FCG curves for forged Ti-64 in air and gaseous hydrogen. (a) da/dN versus DK (log scale), (b) crack length (a) versus number of cycles (N) (log scale), and (c)
((da/dN)hydrogen/(da/dN)air) vs DK.
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fracture surface in air reveals fatigue striations along the entire
surface (see Fig. 4(c)), whereas the fracture surface in hydrogen
shows significant differences in the three distinct regions, which
correspond to the regions A, B and C as shown in Fig. 3(c). The frac-
ture surface in region A consists of fatigue striations (see Fig. 4(d))
similar to those seen in air. In contrast, the fracture surface of re-
gion B contains secondary cracks and relatively flat areas with fea-
tures resembling crack arrest marks (see Fig. 4(e)). In C, the
fracture surface appears brittle with higher density of secondary
cracks (see Fig. 4(f)). Detailed fractographic observations are de-
scribed elsewhere [9].

Fig. 5 shows the SEM micrographs of the fatigue crack path
profiles in air and gaseous hydrogen, which clearly reflect the
observations of the FCG. In air, the crack path is tortuous, and
the crack growth is transgranular (see Fig. 5(a) and (e)). In gaseous
hydrogen, the crack path profile seems to change with DK. The
crack path in the region A is tortuous, like the one in air, and the
crack seems to follow a transgranular path (see Fig. 5(b) and (f)).
The crack path profile in B region is less tortuous (see Fig. 5(c)),
but the primary crack also follow transgranular path as in A (see
Fig. 5(g)). In addition, secondary cracks, about 10 lm in depth, ex-
tend from the fracture surface. Besides these, subsurface cracks can
be seen about 6–20 lm beneath the fracture surface in region B

(see Fig. 5(g)). These cracks are almost perpendicular to the loading
directions, with no visible connection to the fracture surface. Some
of the secondary and subsurface cracks grow along the grain
boundaries of primary a, or within the primary a grains. The cracks
seldom follow the a/b interface (see Fig. 5(g)). Finally, in region C,
the crack path becomes more tortuous than in B, containing a high-
er density of secondary and subsurface cracks (see Fig. 5(d) and
Fig. 5(h)). Here, the subsurface cracks occur about 10–30 lm be-
neath the fracture surface. It is seen that the primary, secondary
and subsurface cracks follow the same microstructural paths as
noted in region B.

The fracture surfaces and the crack path profiles in gaseous
hydrogen are similar to those in air in region A. Presumably the
stresses at the crack tip are too low for the hydrogen to influence
the crack growth. At the higher stress intensities i.e. in the B region,
the secondary cracking could be due to the increased stress at the
crack tip, resulting in crack branching that might lower the FCG
rate because of crack tip shielding [14]. Fracture surface features
similar to those observed in region B, have previously been taken
as an indication of crack propagation by repeated formation and
fracture of brittle hydrides at the crack tip [4,15]. In this region,
the crack growth is still slow, which in combination with the in-
creased stress intensities could provide sufficient stress and time

Fig. 4. Representative fatigue fracture surfaces in air and gaseous hydrogen. (a–b) macroscopic views, (c–d) show striations at DK 6 20 MPa
p

m, (e) brittle flat surfaces with
features looking like crack arrest marks along with secondary cracks at 20 6 DK 6 26 MPa

p
m, and (f) brittle surface with higher density of secondary cracking at

DK > 26 MPa
p

m. Arrows indicate the crack growth direction.
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for hydrogen to accumulate at the crack tip and precipitate as brit-
tle hydrides [16,17]. The fluctuation of the FCG rate in gaseous
hydrogen at 20 6 DK 6 26 MPa

p
m could be attributed to the com-

peting effects of crack branching (causing a deceleration in the FCG
rate) and brittle fracture of hydrides (causing an acceleration).

The subsurface cracks found in region B (see Fig. 5(g)) appeared
much deeper below the fracture surface than the secondary cracks
and cannot be attributed to the branching effect. The maximum
distances that hydrogen can diffuse into the material via the crystal
lattice (XL) and dislocation sweeping (XD) were calculated using the
following expressions [18]:

XL ¼ 4
ffiffiffiffiffiffiffi
Dtc

p
ð1Þ

XD ¼
DEB

30kTb
tc ð2Þ

where D is diffusion coefficient at room temperature, tc is time
available for diffusion, k is Boltzmann constant, T is absolute tem-
perature, EB is the binding energy (0.3 eV) at room temperature
and b is the length of the Burger’s vector.

In the calculations the diffusion coefficient of hydrogen in b
phase (Db-Ti � 2.62 � 10�12 m2/s) was used [19], since the speci-
mens in the study contain continuous b phase (see Fig. 1(b)). In cal-
culating XL, it is assumed that the crack tip is accessible for the
interaction with gaseous hydrogen during the entire cycle
(tc = 2 s). For XD, it is considered that the forward plastic flow can
only be expected during the loading part of the cycle (tc = 1 s).
The estimated diffusion distances are XL = 9.16 lm, XD = 3.62 mm.
XD is limited by the maximum monotonic plastic zone size (ry) per-
pendicular to the crack growth direction. In region B, ry is esti-
mated to be 61–102 lm depending on DK, which represents the
maximum hydrogen penetration depth. The cyclic plastic zone
size, rc

y, in this region was 21–36 lm. The ry and rc
y are estimated

using the expressions described in [20] for the plain strain condi-
tion. The depths of the subsurface cracks in region B are smaller
than the volume affected by dislocation mediated hydrogen diffu-
sion. Thus, the subsurface cracks could have been formed because
of hydrogen transport through dislocations into the stressed region
during fatigue cycling, resulting in hydrogen assisted cracking

during deformation in the cyclic plastic zone. However, the
mechanism of formation is not clear at present. The estimation of
XL neglects any influence of stress-assisted diffusion, but can still
be considered as an upper bound since the diffusion coefficient
for pure b phase was used. The diffusion distance XL is approxi-
mately one order of magnitude larger than the crack growth per
cycle in region B, which means that there is a possibility of hydro-
gen accumulation during crack growth. Lattice diffusion to 20 lm
is possible in about 10 s, corresponding to 5 fatigue cycles. Hence,
the formation of subsurface cracks in region B even without dislo-
cation sweeping cannot be ruled out.

Finally in region C, it can be inferred by the absence of crack ar-
rest type features on the fracture surface that the crack growth by
fracture of hydrides is not possible as the stresses are much higher,
and there is not sufficient time for hydride formation. Instead, the
diffused hydrogen might result in an increase of local plasticity at
the crack tip by enhancing the mobility of dislocations, which in-
creases the FCG rate and result in brittle fracture. The term ‘‘local-
ized plasticity’’ here refers to an increased dislocation activity on a
very local scale, which lead to a highly localized fracture. This phe-
nomenon is commonly referred to as hydrogen enhanced localised
plasticity (HELP) [16]. The subsurface cracks observed in region C
are about 10 lm deeper than in B. The transport of hydrogen
through dislocations could occur over longer distances in region
C, as the plastic zone size increases, and the crack depth is still
smaller than rc

y, placing them in the cyclically strained region. In re-
gion C, the crack growth per cycle is of the same order of magni-
tude as XL, and hydrogen accumulation during more than one
cycle is not possible. Therefore, it seems that the transport of
hydrogen through mobile dislocations to the strained regions
ahead of the crack tip at higher stress intensities might be affecting
the FCG behaviour in forged Ti-64.

4. Summary

The results of the current study reveal that high-pressure gas-
eous hydrogen has a detrimental effect on the FCG resistance of
forged Ti-64 alloy because of the change in crack growth processes.
The observations are supported by a change in the fracture surface

Fig. 5. Fatigue crack path profiles along the crack growth. (a) air, (b–d) at different regions in hydrogen showing secondary and subsurface cracks, and (e–f) magnified images
of the highlighted areas in (a–d). Arrows indicate the direction of crack growth.
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appearance. Based on the observations, a hypothesis for FCG in gas-
eous hydrogen can be formulated; at low DK values, the rate of
interaction with hydrogen is low and thereby crack growth in
hydrogen is dominated by the same mechanism as in air, but with
increasing DK there is an increase in hydrogen interaction. The in-
crease in hydrogen interaction leads to two possible effects: (i) the
FCG rate is increased as the hydrogen assisted fracture becomes
faster than that occurring in air, and (ii) the degree of crack branch-
ing is increased, causing crack tip shielding and thus decreasing the
FCG rate. As DK increases, the hydrogen induced fracture process
becomes fast enough and dominates the behaviour, leading to a
drastic increase in the FCG rate, in spite of crack branching.

The hypothesis postulated above can be shown schematically in
Fig. 6, by the relationship between da/dN and DK in air and gaseous
hydrogen. It also includes the reduced crack growth rate in air
including deceleration due to crack branching (i.e. air + branching).
In the region A, da/dN follows the normal rate, as the influence of
hydrogen is limited. In Fig. 6, the point 1 corresponds to a transi-
tion between the regions A and B (DK� � 20 MPa

p
m in the present

case). At this point, the effect of hydrogen leads to an increased
crack growth rate due to hydride formation. However, the hydro-
gen interaction also causes secondary cracking, which lowers the
crack growth rate. The FCG rate would depend on the competing
effects of branching and hydride formation, leading to oscillations
between the boundary lines of air + branching and hydride crack-
ing. At point 2, i.e. DK < 26 MPa

p
m, the hydrogen affected rate

due to HELP is even faster, and we enter into region C at point 3
characterised by rapid crack growth. The total crack growth rate
da/dN vs DK curve is given by the black solid line.
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Abstract 
 
Strain–controlled low cycle fatigue (LCF) and fatigue crack growth (FCG) properties of cast 
Ti–6Al–4V were studied in ambient air and high–pressure gaseous hydrogen (15 MPa) at 
room temperature. It was observed that the LCF life was significantly reduced in hydrogen 
compared to air. The detrimental effect was clearly noticed at higher strain amplitudes. 
Beside this, it was noted that the FCG rate was altered at a critical stress intensity ΔK* ≈ 17 
MPa√m in hydrogen in contrast to the crack growth rate in air. The FCG rate in hydrogen 
remained unaffected at stress intensity range ΔK < 17 MPa√m. Beyond this value the FCG 
rate fluctuated and increased with increasing ΔK. The decrease in LCF life and the increase 
of FCG rate was attributed to the change in mode of fracture process. 
 
Keywords: Electron microscopy, Mechanical characterisation, Titanium alloys, Fatigue, 
Fracture, Hydrogen embrittlement. 
 
 
1. Introduction 
 
Titanium alloy, Ti–6Al–4V (Ti–64) is widely used in aerospace applications because of its 
high strength–to–weight ratio, good combination of strength and fatigue resistance up to 
300°C [1,2]. In certain applications, the alloy is used where the components are exposed to 
gaseous hydrogen, where there is a distinct risk of hydrogen pick–up during service. It is well 
documented that titanium alloys, including Ti–64, are susceptible to hydrogen embrittlement 
[3], which is one of the major limitations to their application. Most of the studies in 
evaluating the influence of hydrogen on titanium alloys were performed by pre–charging 
with certain amount of hydrogen. There are few studies that have been performed in gaseous 
hydrogen [4–10]. These studies showed that the mechanical properties, such as fracture 
toughness and fatigue properties are reduced. There were other studies where it was shown 
that gaseous hydrogen does not have any effect on the fatigue crack growth resistance of Ti–
64 [11–13]. However, in a recent study [10], it was reported that the fatigue crack growth rate 
of forged Ti–64 was altered and increased. This was observed at a critical stress intensity 
(ΔK*) above which the fracture process and the crack growth rate are changed. The study 
suggested that ΔK* could depend on the combination of testing conditions (such as hydrogen 
pressure, cyclic frequency and stress ratio), microstructure and processing route of the 
material. It has been found that an interaction between hydrogen and titanium around the 
crack tip plays a major role, which has also been noted by others [6,7,11–13]. Beside this, it 
seems that there are different hydrogen embrittlement mechanisms that are responsible for 
degradation of fatigue properties in Ti–64. Possibly these are depending on the stress 
intensity levels as noted by Shih et al. [8] in Ti–4Al alloy. It is worth mentioning that there is 
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scarcity in knowledge about the influence of high–pressure gaseous hydrogen on the 
mechanical properties of titanium alloys. 
 
The objective of the present work was to investigate the influence of high–pressure gaseous 
hydrogen (15 MPa) on the strain–controlled low cycle fatigue and fatigue crack growth 
properties of Ti–64 alloy with lamellar microstructure. 
 
2. Experimental Methods 
 
2.1. Materials and environment 
The material investigated was cast Ti–64 with a chemical composition (wt.%): Al–6.22, V–
3.92, Fe–0.20, O–0.16, C–0.033, N–0.022, H–0.0014, Y<0.0010, and the rest Ti. The test 
specimens were machined from commercially produced rings, which were hot isostatically 
pressed (HIP) at 899°C for 2 hours, followed by annealing at 843°C for 2 hours and then 
furnace cooling to below 538°C. Fig. 1 shows the typical fully lamellar microstructure for 
cast Ti–64 with 85 vol% α and 15 vol% β. The microstructure consists of prior β grains (2–3 
mm), α colonies (0.5–1.5 mm), grain boundary (Gb) α, and α laths (2–3 µm). The test 
environments used were ambient air and gaseous hydrogen (> 99.995% purity), where the 
desired pressure of 15 MPa was achieved by pressurising the test chamber prior to testing.  

 

 
 

Fig. 1. Microstructure of the as received cast Ti–64 alloy showing microstructural features: 
(a) prior β grains, α colonies and (b) grain boundary (Gb) α, α laths. 
 
2.2. Low cycle fatigue (LCF) testing 
Strain–controlled LCF tests were performed on ten specimens in air and eight specimens in 
high–pressure gaseous hydrogen (15 MPa) at room temperature. The test specimens were 
manufactured by low stress grinding up to a surface roughness of 0.2 µm, with a gauge length 
of 16 mm and a gauge diameter of 6.3 mm. LCF testing was carried out by uniaxial loading 
of the specimens at a stress ratio, R = 0 and a frequency of 0.5 Hz, with triangular waveform 
according to ASTM E 606. The strain amplitudes tested were in the range of 0.25% to 1%. In 
these tests, the LCF failure is defined as the complete fracture separation of the specimen.  
  
2.3. Fatigue crack growth (FCG) testing 
FCG tests were carried out using a servo hydraulic testing machine on two samples each in 
ambient air and in gaseous hydrogen (15 MPa) at room temperature. The test specimens used 
in the present study were Kb–type having a rectangular cross–section with a surface flaw in 
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the gauge section; more information is given elsewhere [10]. Before the testing, the 
specimens were fatigue pre–cracked in air at room temperature, using a frequency of 10 Hz 
with stress ratio R = 0 to obtain an initial crack length (a) of 0.5 mm. Thereafter, FCG tests 
were performed in air and gaseous hydrogen by uniaxial loading of the specimens at a stress 
ratio R = 0 and a frequency of 0.5 Hz, with triangular waveform using the applicable parts of 
ASTM E647–08 and ASTM E740–03. The applied stress range was about 500 MPa for the 
tests in air and hydrogen. In these tests, the total crack lengths were recorded by the direct 
current potential drop technique according to ASTM E647 standard. For the testing in 
gaseous hydrogen, the specimen along with the grips was enclosed in an autoclave. In the 
present work, the stress intensity factor range, ΔK, was calculated for the deepest point of the 
crack according to ASTM E740 assuming a semi–circular shape.  
 
2.4. Characterisation 
Scanning electron microscopy (SEM) was used to investigate the fracture surfaces of the 
specimens after LCF and FCG testing using JEOL JSM–6460LV and field emission scanning 
electron microscope (FE–SEM) from Carl Zeiss (MERLIN®). It was performed using 
secondary electrons with an accelerating voltage of 3 kV, 15 kV and probe current of 1 nA. 
Attention was paid to specific regions on the fracture surfaces. Optical microscopy was used 
to observe the microstructure along the fatigue crack path. Crack path profiles were prepared 
by protecting the fracture surface using Lacquer from METACOAT®, then cross sectioning 
the samples along the crack growth direction and examining from the side surface. 
Metallographic sample preparation was done using conventional techniques for titanium 
alloys, involving grinding, polishing, and etching using Kroll’s etchant.  
 
3. Results  
 
3.1. Fatigue properties  
3.1.1. Low cycle fatigue (LCF) life 
The LCF life for cast Ti–64 tested in air and gaseous hydrogen (15 MPa) is expressed by 
plotting a relationship between total strain amplitudes (Δεt/2) and number of cycles to failure 
(Nf), see Fig. 2. The data obtained in both air and hydrogen is fitted using the Coffin–
Manson–Basquin expression [14]: 
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Here (Δεel)/2 is the elastic strain amplitude, (Δεpl)/2 is the plastic strain amplitude, σf′ is the 
fracture strength, εf′ is the fatigue ductility, Nf is the number of cycles to failure, E is the 
elastic modulus, b is fatigue strength exponent and c is fatigue ductility exponent. 
From Fig. 2 it can be seen that the LCF life is significantly lowered in gaseous hydrogen. It is 
observed that the detrimental effect of hydrogen increases with increasing strain amplitude. 
To understand the influence of hydrogen on fatigue life, a plot showing the relationship 
between the (Δσ)/2 and the Nf for the specimens tested at different strain amplitudes in air 
and gaseous hydrogen is made (see Fig. 3). It can be seen that at (Δεt)/2 ≥ 0.65%, there is a 
drastic drop of the stress amplitude during the fatigue cycling at the end in presence of 
gaseous hydrogen. In contrast, the stresses in air were reduced gradually.  
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Fig. 2. LCF life curves for cast Ti–64 in air and gaseous hydrogen. Circles are the 
experimental data points and lines are fitted using eq. (1). 
 

 
 
Fig. 3. Stress amplitude vs. number of cycles to failure for cast Ti–64 tested at strain 
amplitudes > 0.45% in air (closed data) and gaseous hydrogen (open data).  
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3.1.2. Cyclic behaviour  
Fig. 4 shows the cyclic stress–strain curves that are calculated at the mid–life (Nf/2) for the 
specimens tested in air and gaseous hydrogen. The data obtained from the LCF testing was 
fitted using the Ramberg–Osgood equation [14]: 
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where K and n are determined by linear regression to Δσ/2 vs Δεt/2 data points (where 
(Δεpl)/2 = (Δεt)/2 – Δσ/2E).  
 
In Fig. 4 it can be seen that there is no influence of gaseous hydrogen on the stress–strain 
response of cast Ti–64 alloy as they show nearly the similar values to the ones in air.  

 

  
 
Fig. 4. Cyclic stress–strain curves for cast Ti–64 in air and gaseous hydrogen. Circles are the 
experimental data points and lines are fitted using eq. (2). 
 
3.1.3. Fatigue crack growth (FCG) rate 
Fig. 5 shows the Stage II FCG curves for cast Ti–64 in air and gaseous hydrogen. The FCG 
rate in air follows a power law relationship for the tested stress intensity factor ranges. The 
FCG rate in gaseous hydrogen is almost identical to the one in air up to ΔK ≈ 17 MPa√m and 
thereafter it changes. It is noted that the FCG rate above ΔK = 17 MPa√m starts to fluctuate 
and accelerates significantly with increasing ΔK (see Fig. 5(a)). The fluctuation can also be 
noted at the corresponding crack lengths, see Fig. 5(b). This shows that ΔK* ≈ 17 MPa√m is 
a critical stress intensity value beyond which the influence of hydrogen is noticeable.  
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Fig. 5. FCG curves for cast Ti–64 alloy tested in air and gaseous hydrogen. (a) da/dN vs. ΔK 
for Stage II, and (b) crack length (a) vs. number of cycles to failure (Nf). In (a) Paris fit is 
shown as a line. 
 
The extent of the hydrogen effect can be seen by dividing the FCG rate in hydrogen by that in 
air, see Fig. 6. For this purpose a Paris exponential law was fitted to the da/dN vs. ΔK curve 
in air (see Fig. 5(a)), and the data points in hydrogen were divided by the FCG rate predicted 
by the Paris law. In Fig. 6, the FCG curve can be divided into two distinct areas. In the first 
region, A (ΔK ≤ 17 MPa√m), the FCG rate is unaffected in hydrogen showing a stable crack 
growth similar to the one in air. In the second region, B (ΔK > 17 MPa√m), the FCG rate in 
average is higher than in air. Here the da/dN values were fluctuating, which indicates an 
unstable crack growth. It was observed that the FCG rate is gradually increased compared to 
air and the effect increases with increasing ΔK (i.e. ΔK > 21–24 MPa√m).  
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Fig. 6. Relationship between (da/dN)hydrogen/ (da/dN)air vs. ΔK. 
 
3.2. Characterisation 
From Fig. 2, it was noted that the detrimental effect of gaseous hydrogen on the LCF life was 
more pronounced at higher (Δεt)/2. Therefore, analysis of the LCF fracture surfaces tested in 
air and hydrogen at (Δεt)/2 = 1% was performed. The fracture surface in air appears to be 
ductile (see Fig. 7(a)). In contrast, the fracture surface in hydrogen appeared to be relatively 
brittle (see Fig. 7(b)). The crack initiation in both air and gaseous hydrogen has taken place at 
the surface as noted in Fig. 7(a) and 7(b). However, it was difficult to distinguish a specific 
crack initiation site. The noticeable difference was found in the fatigue crack growth region. 
Here, striations were observed in air (see Fig. 7(c)), whereas in hydrogen the striations were 
observed initially, and with increase of crack length secondary cracks, brittle flat surfaces 
with features like crack arrest marks (see Fig. 7(d)) were noted. Similar changes in the 
fracture surface in the crack propagation area were also noted on the specimens tested at 
(Δεt)/2 = 0.3% in hydrogen.  
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Fig. 7. Fatigue fracture surfaces observed on the LCF specimens that are tested at (Δεt)/2 = 
1% in air and hydrogen. (a,b) Overview of fracture surfaces with initiation area (I), (c,d) 
representative fracture surfaces in the crack growth area (dotted box in (a) and (b)). Arrows 
indicate the direction of crack growth. 
 
Fig. 8(a–b) shows the macroscopic fracture surfaces of the FCG tested specimens in air and 
hydrogen. The fracture surface in air reveals striations along the entire surface (see Fig. 8(c)). 
In contrast, the specimens tested in hydrogen showed significant differences in different areas 
of the fracture surface, corresponding to the regions A and B shown in Fig. 6. In region A, 
the fracture surface consists of fatigue striations (see Fig. 8(d)) similar to those seen in air. In 
region B, the fracture surface consists of relatively flat areas with the features resembling 
crack arrest marks along with secondary cracks (see Fig. 8(e). However, it was noted that 
with increasing crack length i.e. corresponding to ΔK > 21–24 MPa√m, the fracture surface 
mostly consists of brittle fracture surface with secondary cracks (see Fig. 8(f)).  
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Fig. 8. Representative fatigue fracture surfaces observed on the FCG specimens in air and 
hydrogen. (a,b) macroscopic views, (c,d) striations at ΔK ≤ 17 MPa√m, (e) brittle flat surface 
with features looking like crack arrest marks along with secondary cracks at ΔK > 17 
MPa√m, (f) brittle surface with secondary cracks at ΔK > 21–24 MPa√m. Arrows indicate the 
crack growth direction. 
 
Fatigue test results showed that there is a reduction in LCF life and also a change in the FCG 
rate (see Fig. 2, Fig. 5), which could be because of a change in the fracture crack path in the 
presence of hydrogen. Therefore, crack path profiles for cast Ti–64 tested under LCF and 
FCG conditions were analysed. Fig. 9 shows representative crack path profiles in the crack 
growth areas in LCF specimens. In air, crack follows a transgranular path i.e. through the α 
lamellas present in the α colony (see Fig. 9(a)). In contrast, in the presence of hydrogen it 
appears that the crack seems to follow both transgranular and intergranular path. It means that 
the primary crack follows through the α colonies, along the prior β grain boundaries and at 
α/β interface within the α colonies (see Fig. 9(b)). Beside this, in hydrogen there are 
secondary cracks that follow similar path as the primary crack. Fig. 10 shows representative 
micrographs of the crack path profiles for FCG specimens corresponding to region B in Fig. 
6. It can be seen that in air, the crack growth is transgranular as it passes through the α 
lamellas within α colonies (see Fig. 10(a)). In contrast, the crack path profile in hydrogen 
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seems to change, where it follows the similar path as noted in LCF specimens i.e. 
transgranular and intergranular path (see Fig. 10(b) and 10(c)). In addition, secondary cracks 
about 50–200 µm in depth that were extending from the fracture surface were observed, 
which mostly followed α/β interface.  

 

 
 

Fig. 9. Crack path profiles along the crack propagation area of LCF tested specimens in (a) 
air (b) hydrogen. Arrow indicates the direction of the fatigue crack. 
  

 
 
Fig. 10. Representative crack path profiles in region B along the FCG direction in cast Ti–64. 
(a) Air, (b,c) hydrogen. Arrows indicate the direction of the crack growth. 
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4. Discussion 
 
Results in the present study shows that the high–pressure gaseous hydrogen (15 MPa) 
reduces the LCF life and increases the FCG rate. This is believed to be because of change in 
the crack growth process, which was found from the analysis of fracture surfaces and the 
crack path profiles. The section below discusses the possible reasons. 
 
4.1. Fatigue properties 
The effect of hydrogen on the LCF life was significant at higher (Δεt)/2 compared to the 
lower (Δεt)/2. This indicates that possibly the number of cycles for crack propagation might 
be affected rather than the number of cycles required for crack initiation. It is because, at 
higher (Δεt)/2, the cracks will be initiated easily at the start and the total fatigue life is 
dominated by the number of cycles for fatigue crack propagation. This was supported by the 
observation in Fig. 3, where the stress amplitudes at higher (Δεt)/2 were drastically reduced 
towards the end of the LCF life in hydrogen but not in air. It is possibly because at higher 
(Δεt)/2 the stresses are much higher, which allows accumulation of higher amount of 
hydrogen in front of the crack tip leading to brittle cracking [8,15,16]. This might enhance 
the rate at which the crack grows, and inherently reduce the number of cycles required for 
fatigue crack growth. The FCG results in the present study support this, where it was noted 
that the FCG rate of cast Ti–64 in gaseous hydrogen is altered at a critical stress intensity 
value ΔK* ≈ 17 MPa√m (see Fig. 5(a) and Fig. 6). Beyond ΔK* value, the FCG rate was 
fluctuated and increased significantly with increasing ΔK. Similar observation was also noted 
in forged Ti–64 alloy [10] for similar test conditions. In contrast, earlier studies on FCG of 
Ti–64 alloy in gaseous hydrogen showed that the FCG rate was slightly reduced in hydrogen 
compared to air at room temperature [11–13]. However, the FCG studies on duplex annealed 
Ti–6Al–2Sn–4Zr–2Mo–0.1Si, which was charged with 530 ppm hydrogen showed that the 
FCG rate was identical for the specimens up to ΔK* ≈ 20 MPa√m when compared to that of 
the as–received material (with 53 ppm hydrogen) [17]. Furthermore, it was also demonstrated 
that the smaller cyclic frequency leads to an increase in crack growth rates at higher ΔK while 
showing similar FCG rates at lower ΔK. These observations support that there could be a 
critical stress intensity ΔK* above which the effect of hydrogen is noticed. Thereby it can be 
said that there is a change in the FCG rate in Ti–64 alloy at a critical stress intensity ΔK*, 
which inherently affects the total LCF life in high–pressure gaseous hydrogen.  
 
It is believed that the microstructure of the alloy plays an important role for the detrimental 
effect of hydrogen on the fatigue properties. This can be understood by comparing the FCG 
results obtained on cast Ti–64 alloy in the present study and forged Ti–64 alloy [10]. Fig. 
11(a) shows the FCG curves for cast and forged Ti–64 in hydrogen and in air, which also 
includes the Paris line fitted to the da/dN vs. ΔK curve in air. It can be observed that in 
presence of hydrogen the FCG rate is higher for cast Ti–64 than forged (Fig. 11(a)) and 
nearly the same in air. These observations show that FCG is faster in cast material than in 
forged in hydrogen, and tend to fail earlier. It is well known that the FCG rate is usually 
lower for cast Ti–64 than forged Ti–64 because of their coarse microstructure [18]. Cast Ti–
64 consists of lamellar microstructure with coarse prior β and α colonies (see Fig. 1(a)), 
where each colony is built of α lamellas parallel to each other. The β phase retained (dark) in 
these microstructures is mostly found between the α lamellas (see Fig. 1(b)). In contrast, 
forged Ti–64 consists of bimodal microstructure with primary α and transformed β grains. 
The transformed β grains consist of α colonies as noted in cast, but smaller in size. It has been 
shown for Ti–64 alloy [4,19], that material containing lamellar microstructure is highly 
susceptible to hydrogen embrittlement, as the hydrogen transport is much faster through the 
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continuous network of β phase. Therefore, it is possible that in cast Ti–64 hydrogen diffuses 
at a higher rate and deeper into the material due to the long and continuous network of β 
phase compared to the forged Ti–64. This would eventually increase the FCG rate for cast 
Ti–64 in gaseous hydrogen (see Fig. 11(a)). However, it seems that the ΔK* value, above 
which the hydrogen effect is noticed, was nearly the same for cast and forged materials, i.e. 
ΔK* ≈ 17 MPa√m and, ΔK* = 20 MPa√m respectively (see Fig. 11(b)).  

 

 
 
Fig. 11. FCG rate curves for cast and forged Ti–64. (a) da/dN vs ΔK, (b) (da/dN)hydrogen/ 
(da/dN)air vs ΔK. 
 
4.2. Characterisation  
The LCF and FCG results obtained in the present study are well supported by the analysis of 
the fracture surfaces and the crack path profiles on LCF and FCG tested specimens. The 
analysis of LCF specimens in air and gaseous hydrogen showed that it was difficult to 
distinguish a specific crack initiation site. This is particularly true for titanium alloys with 
fully lamellar structure, since in these type of microstructures the crack initiation occurs 
either by shearing across the α colonies, casting defects, micro cracking within the α phase 
and sometimes along the grain boundary α [18]. It is possible that the crack initiation is not 
affected, because the LCF life at lower strain amplitudes is less affected by gaseous 
hydrogen. Therefore the discussion will focus on the differences observed on the facture 
surfaces in the crack growth regions of the LCF and FCG specimens tested in both air and 
gaseous hydrogen. 
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The analysis of LCF and FCG specimens shows that the fracture surfaces in air consist of 
fatigue striations in all tested specimens (see Fig. 7(c), 8(c)), and the crack follows 
transgranular path (see Fig. 9(a) and Fig. 10(a)). In contrast, the fracture surface in gaseous 
hydrogen consists of striations, crack arrest type features and brittle surfaces with secondary 
cracks (see Fig. 7(d), 8(d–f)). It was evident that there were changes in the fracture surface 
features in different regions of the FCG specimens, which correspond to the regions where 
the FCG rate altered (see Fig. 6). In region A, the fracture surface contains striations similar 
to those noted in specimens tested in air (see Fig. 8(d), presuming that the stresses at the 
crack tip are too low for the hydrogen to influence the crack growth. However, in region B 
(i.e. beyond ΔK*), the stress intensities would be much higher, which result in secondary 
cracking (see Fig. 8(e)). This could be because of the increased stresses at the crack tip, 
which inherently result in lowering of the FCG rate because of crack tip shielding [20]. Here, 
the increase in stress would result in: 1) repeated formation and cracking of stress–induced 
hydrides, and/or 2) formation of secondary cracks that result in crack branching. The fracture 
surface features observed in region B mainly consist of features similar to crack arrest marks 
along with secondary cracks. These features are indications of crack propagation by repeated 
formation and fracture of brittle hydrides in α–β titanium alloys [4,19]. This type of fracture 
surfaces is commonly termed as “terraced structures”, which is a result of stepwise crack 
growth with a considerable plastic deformation. Therefore, in region B, it can be presumed 
that even though the crack growth rate is still slow, a simultaneous increase in stress 
intensities could provide sufficient stress and time for the hydrogen to accumulate at the 
crack tip [8,15,16]. The accumulated hydrogen diffuses faster through β phase [21] and will 
react with α phase along the α/β boundaries and precipitate as brittle hydrides [4,8,19]. This 
inherently increases the FCG rate (see Fig. 6). Therefore, the appearance of fracture surface 
similar to crack arrest features in region B is an indication for an intergranular failure of the 
material as pointed in [4,19], where the cracking occurs predominantly along the prior β grain 
boundaries and the secondary cracks would follow intergranular and transgranular path (see 
Fig. 9(b), 10(b) and (c)). 
 
Beside the crack arrest marks fracture surfaces in gaseous hydrogen consist of brittle surfaces 
with secondary cracks (see Fig. 8(f)). More of these features were observed with increasing 
stress intensity values. It means that at higher stress intensities, the crack growth is rapid and 
might not provide sufficient time to form stress–induced hydrides. Therefore, the hydrogen 
diffused into the material through crystal lattice or through dislocations result in an increase 
of local plastic deformation at the crack tip by enhancing the mobility of dislocations, thereby 
increasing the FCG rate and result in brittle fracture. The term “local plastic deformation” 
here refers to an increased dislocation activity on a very local scale, which lead to a highly 
localised fracture. This phenomenon is commonly referred to as hydrogen enhanced localised 
plasticity (HELP) [8]. Possibly this type of cracking is occurring at higher stress intensities in 
the present study. 
 
Similar observations in changes of the fracture surface appearances with stress intensity were 
also noted on forged Ti–64 alloy [10]. It was possible to distinguish the stress intensities 
where the fracture mechanisms were changing. In the present study, however, this was not 
possible because of the coarse microstructure for cast material. Nevertheless, the present 
study shows clear evidence that the FCG behaviour is affected because of high–pressure 
gaseous hydrogen in Ti–64 as suggested in [10] irrespective of the alloy condition, which can 
be attributed to the change in the fracture processes involved in hydrogen assisted cracking. 
Identifying the exact mechanism was difficult but at intermediate stress intensities (i.e. 
slightly above ΔK*) possibly the cracking is mainly dominated by the repeated fracture of 
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brittle hydrides; with increasing stress intensities the HELP is being operative in Ti–64 alloy. 
This observation is in agreement with the study by Shih et al. [18] on Ti–4Al alloy, where it 
was identified that there is a change in fracture processes dependent on stress intensities.  
 
5. Conclusions 
 
Strain–controlled low cycle fatigue and fatigue crack growth tests were performed on cast 
Ti–64 in air and high–pressure gaseous hydrogen (15 MPa). The results indicate that the 
gaseous hydrogen has a significant influence on the fatigue properties of Ti–64 and the 
conclusions are as follows: 
 

1. The LCF life is reduced in gaseous hydrogen compared with air. The effect is more 
pronounced at higher strain amplitudes. 

2. The lower fatigue life is attributed to the reduction in number of cycles for crack 
growth rather than for crack initiation. 

3. The FCG rate is altered at a critical stress intensity ΔK*, beyond which it increases 
drastically with increasing ΔK.  

4. The reduction in LCF life and the increase of FCG rate in gaseous hydrogen is 
because of a change in the crack growth process from ductile to brittle. 

5. The detrimental effect of hydrogen on FCG rate is larger in cast Ti–64 alloy with fully 
lamellar microstructure than in forged Ti–64 with bimodal structure. 
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Abstract 
 
Isothermal heat treatments in ambient air were performed on wrought Ti–6Al–2Sn–4Zr–2Mo 
(Ti-6242) material at 500, 593 and 700°C up to 500 hours. In presence of oxygen at elevated 
temperatures simultaneous reactions occur in Ti-6242 alloy, which result in formation of an 
oxide scale and a layer with higher oxygen concentration (alpha–case). A change in the oxidation 
kinetics was observed at the tested temperatures with respect to time. The alpha–case layer was 
evaluated using optical microscope, electron probe micro analyser (EPMA), and microhardness 
testing. The thickness of the alpha–case layer was found to be a function of temperature and 
time, increasing proportionally, mainly following parabolic relationship. The activation energy 
for alpha–case formation was estimated to be 172 kJ/mol. In addition, the oxidation kinetics was 
discussed. 
 
Keywords: Metals and alloys, Diffusion, Kinetics, Microstructure, Oxidation, Metallography, 
SEM.  
 
1. Introduction 
	  
Titanium alloys possess high strength–to–weight ratio compared to other metals. This 
advantageous property makes them suitable to be used in aerospace applications. Ti–6Al–2Sn–
4Zr–2Mo (Ti–6242) is a high temperature titanium alloy. It is commonly used for manufacturing 
parts and components in the compressor sections of aero engines [1–4].  The maximum service 
temperature for this alloy is limited to about 450°C, due to degradation of the mechanical 
properties at higher temperatures [1]. At elevated temperatures and in oxygen containing 
environments (e.g. air), titanium and its alloys oxidise. Oxidation occurs because titanium has 
high affinity to absorb elements such as oxygen and nitrogen from the environment. Oxygen is 
the most potent element, because it is absorbed instantaneously at the surface with higher rate 
than nitrogen [1,2,5]. Additionally, oxygen is an α–stabiliser and has high solid solubility in α–
titanium (about 14.5 wt.%) [6]. The oxidation of titanium and its alloys proceeds as two 
simultaneous reactions. A thin n–type oxide scale (TiO2) is formed on the surface, followed by 
further diffusion of oxygen into the bulk metal. The thickness of the oxide scale increases with 
temperature and time. During the first stages of oxidation the oxide scale is protective, whereas 
after prolonged oxidation times it loses its protective nature and favours higher diffusion of 
oxygen through the oxide [4,7]. Therefore, exposure of titanium and its alloys at elevated 
temperatures (480–700°C) to any oxygen containing environment results in simultaneous 
formation of an oxide (TiO2) scale and an oxygen enriched layer beneath the scale commonly 
referred to as alpha–case (α–case). Alpha–case is a continuous, hard and brittle layer, which is 
formed because of the inward diffusion of oxygen [3,4]. It is formed during elevated temperature 
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processing such as: casting, heat treatments, and thermo–mechanical treatments [8–10]. 
Additionally, prolonged exposure of titanium and its alloys at elevated temperatures i.e. during 
service could lead to formation of alpha–case [1,3,4]. It is known that the presence of alpha–case 
results in reduction of important mechanical properties such as: ductility, fracture toughness and 
fatigue life [9,11–20]. Therefore, in aerospace applications alpha–case is removed by machining 
and chemical milling processes [1,3,4], or avoided by using high temperature coatings [3,4,21–
25]. The necessity of using these additional processes is one of the reasons for higher 
manufacturing cost of titanium and its alloys.  
 
The environmental restrictions and economic requirements of future aero engines set higher 
demands on the efficiency. One way of improving the efficiency is to increase the pressure in the 
engines. However, by increasing the pressure, the temperature also increases. For titanium parts 
in jet engines that are used today, exposed to their maximum allowed temperatures (especially if 
close to the temperatures were alpha–case formation starts) an additional temperature increase 
could become a serious issue with regard to formation of brittle alpha–case layer. The time that a 
jet engine spends at maximum temperature during a normal flight is relatively short, but if each 
such short time is added together the time at the maximum temperature becomes significant, 
when considering the fact that the jet engines run many thousands of flight hours during their 
total life. If a small amount of oxygen diffuses a short distance into the titanium alloy component 
during each such maximum envelope, the accumulative effect of this could eventually lead to 
formation of critical amount of oxygen to form alpha–case. In order to be able to increase the 
maximum working temperature of the titanium alloys in jet engines it is important to increase the 
understanding of the physical phenomena such as oxidation mechanisms, alpha–case formation 
and its effect on mechanical properties. Many studies have been performed on evaluating the 
detrimental effect of alpha–case on the mechanical properties of titanium alloys [11–20]. 
However, there is scarcity in the understanding of oxidation mechanisms and their relation to the 
formation of alpha–case in high temperature titanium alloys especially for prolonged exposure 
times that are relevant for service. The most notable studies on the Ti-6242 alloy are the work of 
Shamblen et al. [11], Shenoy et al. [14] and McReynolds et al. [26], where the rate at which 
alpha–case is formed was estimated. Similar studies were carried out for Ti–6Al–2.75Sn–4Zr–
0.4Mo–0,45Si (Timetal 1100) [15], Ti–5.8Al–4Sn–3.5Zr–0.5Mo–0.7Nb–0.35Si–0.06C (Timetal 
834) [16], and Ti–5.8Al–4Sn–3.5Zr–0.4Mo–0.4Nb–1Ta–0.4Si–0.06C (Ti60) [27]. In all of these 
studies, the thickness of the alpha–case layer was either measured directly using optical 
microscope (OM) or indirectly by estimating the change in microhardness values from the 
surface to the bulk, which is a standardised method in the aerospace industry for evaluation of air 
contamination in titanium alloys [28]. In addition to these methods, electron probe micro 
analyser (EPMA) is an advanced instrumental technique, which could be used as a 
complementary method to the more conventional methods in evaluation of the alpha–case 
thickness. EPMA could probe the gradient of oxygen in very thin layers. It is shown that EPMA 
is a reliable method, with capabilities of identifying light elements including oxygen, and 
simultaneously providing the distribution of other alloying elements within the alpha–case layer 
[17,19,26,29].  
 
The objective of this study was to investigate the effect of temperature and time on the alpha–
case thickness in wrought Ti–6242. The selected heat treatment conditions were of interest from 
manufacturing and application point of view. In addition, EPMA was applied on selected 
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samples in order to characterise the alpha–case layer, estimate the oxygen concentration profiles 
and compare these results with those received by metallographic studies. 
	  
2. Experimental methods 

In the present study the investigated alloy was a commercially available Ti–6242 forging, 
received in solution and precipitation heat–treated condition according to the standard AMS 
4976G [30]. Table 1 shows the chemical composition in weight percentage. The as–received 
material has a bimodal microstructure consisting of 65 vol% transformed β with grain size of 
about 25 µm and 35 vol% primary α, with grain size about 18 µm (see Fig. 1(a)). Additionally, 
the transformed β has a microstructure with α and β lamellas (see Fig. 1(b)). 
 

Table 1. Chemical composition of the Ti–6Al–2Sn–4Zr–2Mo alloy (wt.%). 
 

Al Sn Zr Mo N O C H Fe Si Y Ti 
6.14 2.02 4.06 1.97 0.003 0.14 0.008 0.0049 0.02 0.08 <0.0004 Bal. 

 
 

 
 

Fig. 1. Microstructure of as–received Ti–6242 alloy. 
 
In total 48 samples with the dimension 10 x 5 x 10 mm were cut using electric discharge 
machining (EDM) followed by grinding and polishing to remove the recast layer on the sample 
surfaces derived from the EDM process. The samples were ultrasonically cleaned in technical 
acetone, rinsed with ethanol, and dried in hot air. After cleaning, the samples were isothermally 
heat–treated at 500, 593 and 700ºC up to 500 hours in atmospheric air. The heat treatments were 
performed using Nabertherm box furnace (N11/R) and Nabertherm tube furnace (RHTC 80–
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450/15). After heat treatments the samples were cooled in air. All samples were weighed before 
and after each heat treatment using analytical microbalance Sartorius Analytic with an accuracy 
of ± 0.0001 g. 
 
The heat–treated samples were cross–sectioned followed by cleaning in acetone, rinsing with 
ethanol and drying in hot air. Further, the samples were grinded and polished with colloidal silica 
using a semiautomatic BUEHLER Phoenix 4000 to achieve a surface roughness of ~ 0.05 µm. 
The polished sample surfaces were chemically treated by using a two–step etching procedure 
that reveals the alpha–case layer. The first step involves swabbing the sample surface with 
Kroll’s reagent and the second immersing in Weck’s reagent (1 – 3 g NH4HF2 in 100 ml distilled 
water). Alpha–case layer was estimated using a Nikon Eclipse OM (model MA200). In total 40 
measurements of the alpha–case thickness was conducted in each sample, and the measurements 
were done along the entire perimeter with approximately 500 µm spacing. In addition, the alpha–
case layer was characterised using Jeol JXA–8500F Electron Probe Micro Analyser (EPMA), 
with an accelerating voltage of 10 keV and probe current of 20 nA. The EPMA measurements 
were performed using 100 – 300 points from the edge to the bulk with a step width of 
approximately 0.5 – 2 µm.   
 
Scanning electron microscope (FE–SEM, Merlin from Zeiss) was used to characterise the oxide 
scale on the samples. Accelerating voltage of 3 kV, probe current of 1 nA and secondary/back-
scattered electrons were used. The hardness measurements were performed using MXT– α 
Vickers microhardness tester from Matsuzawa with a load of 100 g.  
 
3. Results and discussion  
	  
3.1. Weight gain analysis 
Fig. 2 shows the weight gain per surface area ∆W A  for samples heat–treated at 500, 593 and 
700°C in atmospheric air up to 500 hours. The weight gain per surface area (mg/cm2) was 
estimated by dividing the weight difference of the samples ∆!  (measured before and after 
each heat treatment) with their total surface area  (!). It can be seen that the ∆! !  ratio is 
increasing with increasing time and temperature.  
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Fig. 2. Weight gain per surface area ∆! !  as a function of time for different temperatures. 
 
The weight gain per surface area was analysed by using the following equation [31]:  
 

∆!
!

= !  !
!
!   (1) 

 
where k is the rate constant, t is the exposure time and n is the reaction index. At a constant 
temperature, the weight gain per surface area is linear if n = 1, parabolic if n = 2 and cubic if n = 
3. The k value is obtained by regression analysis of the normalised weight gain per surface area 
vs. time from Fig. 2.  
 
Log–log plots of the weight gain per surface area vs. time (Fig. 3) were used for identifying the 
oxidation kinetics. For the samples heat–treated at 500°C for 5, 10 and 50 hours, there was no 
change in the weight gain observed. Therefore, those results were not included in the analysis. 
From Fig. 3 it can be seen that at 500°C the oxidation kinetics follows cubic relationship up to 
100 hours, where for prolonged exposure times is changing to parabolic. At 593°C the 
relationship is parabolic for all tested times, whereas at 700°C the relationship is parabolic up to 
100 hours and then seems to deviate from parabolic and become linear. It can be noted that at 
500 and 700°C there is a possible transition in the oxidation kinetics (denoted as T) occurring 
within the time interval of 100–300 hours. 
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Fig. 3. Log–log plots of weight gain per unit area vs. time at 500, 593 and 700°C. 
 
The oxidation kinetics of titanium and its alloys is time and temperature dependent. In general 
for titanium and its alloys the following oxidation kinetics have been observed [7,31]: i) 
logarithmic relationship at temperatures below 400°C, ii) transition from logarithmic to parabolic 
(defined as cubic) relationship in the temperature range 400–600°C, iii) parabolic relationship in 
the temperature range 600–700°C, and iv) linear relationship above 700°C. It has been suggested 
that a transition in the oxidation rate could occur for prolonged exposure times at certain 
temperatures. Such type of transition was reported by Guleryuz et al. [32] for Ti–64 alloy. The 
authors observed that the oxidation followed parabolic relationship in the temperature range 
600–700°C, and changed from parabolic to linear at 700°C for longer exposure times (> 36 
hours). Similar observations in the oxidation kinetics with respect to the time were also noted for 
the Timetal 834 [33] and Ti60 alloys [27]. In the present study, a transition from parabolic to 
linear relationship was noted at 700°C (> 100 hours). This transition corresponds to the region 
where spallation of the oxide layer was observed, along with increased porosity in the oxide 
scale. It is assumed that this might lead to higher rate of interaction between the oxygen and the 
bulk metal, seen at high temperatures and long exposure times. In addition, a cubic relationship 
for the oxidation kinetics was observed at 500°C for shorter exposure times (5–100 hours).  
 
For the parabolic oxidation the following equation was used to determine the rate constants [34]:  
 

(∆!
!
)! = !!! + !  (2) 

 
where !! is the parabolic rate constant in g2cm–4s–1, and C is a constant. By plotting the square of 
the weight gain per surface area vs. time a straight line with slope equal to !! is achieved. The 
!! values along with the C values for all three temperatures are listed in Table 2.  
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Table 2. Parabolic rate constants for the oxidation in Ti-6242 alloy 
 

Temperature 
(ºC) 

!! (g2cm–4s–1) C 

500 3.55 ∙ 10!! 6.21 ∙ 10!! 
593 4.48 ∙ 10!! 8.16 ∙ 10!! 
700 4.51 ∙ 10!! 1.09 ∙ 10!! 

 
The temperature dependence of kp was estimated by Arrhenius equation [31]: 
 

!! = !! !"#   
!!!"
!"

   (3) 
 

where ko is the frequency factor, Qox is the activation energy for parabolic oxidation, R is the 
universal gas constant (8.3143 J/(mol K)) and T is the reaction temperature (K). The Qox value 
was estimated to 152 kJ/mol, by plotting the logarithmic values of the rate constant vs. 1/T, 
where the slope of the best-fit line is equal to –Qox/2.303R. Activation energy for oxidation of 
about 115 kJ/mol for the same alloy was reported by Shenoy et al. [14].  
 
3.2. Alpha–case evaluation 
3.2.1. Optical microscopy  
Fig. 4(a) and 4(b) shows micrographs of alpha–case for the samples exposed at 700ºC for 500 
hours with lower and higher magnification, respectively. After appropriate etching the alpha–
case layer appears as a continuous white layer at the edge of the sample, which is observed along 
the entire periphery of the cross-section of the sample. Fig. 4(c) shows the oxide scale in higher 
magnification. It can be seen that the oxide is detached from the substrate and that it is highly 
porous. X–ray diffraction analysis on the oxide scale for the samples heat–treated at all three 
temperatures showed formation of rutile (TiO2) type of oxide (data not shown). It is reported that 
the oxidation of titanium and its alloys in atmospheric air at temperatures below 1000°C mainly 
results in formation of rutile (TiO2) type of oxide scale [35]. 
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Fig. 4. Micrographs showing (a-b) the alpha–case layer and (c) the oxide scale on the sample 
heat–treated at 700ºC for 500 hours. 

 
Shenoy et al. [14] showed that the increase in weight after oxidation in Ti–6242 alloy is because 
of simultaneous formation of oxide scale and diffusion of oxygen into the bulk (i.e. formation of 
alpha–case). Therefore, analysis of the oxide scale has been performed from its physical 
perspective i.e. thickness, adherence and porosity. Fig. 5 shows SEM micrographs of the oxide 
scales formed at 500, 593 and 700ºC after 500 hours exposure time. It can be seen that the 
thickness of the oxide scale increased with temperature and exposure time, ranging from 500 nm 
to 5 µm. The adherence of the oxide to the metal substrate for the samples heat–treated at 500 
and 593ºC was not affected by increased exposure time (see Fig. 5(a), 5(b)). In contrast, the 
oxide scale on the samples heat–treated at 700ºC showed detachment from the metal substrate 
after 500 hours (Fig. 4(c) and Fig. 5(c)). Coddet et al. [36] reported similar relationship for 
commercially pure titanium in the temperature range of 500–700ºC and suggested that the 
adhesion strength of the oxide scale is relatively high for temperatures below 650ºC, while at 
700ºC the oxide adhesion strength tends to decrease significantly. In the present study, two types 
of appearances of the oxide scale were noted i.e. dense and porous. The oxide scale formed on 
the samples heat–treated at 500ºC was compact and dense, while the oxide scale formed at 593 
and 700ºC was porous (see Fig. 5(a), (b) and (c)). After 500 hours at 700ºC, the thickest and 
most porous oxide scale was observed, with a layered structure (see Fig. 4(c) and Fig. 5(c)). In 
addition, cracking beneath the oxide layer can be seen (Fig. 5(b) and 5(c), which most likely 
occur during polishing because of the hard and brittle alpha–case layer. 
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Fig. 5. SEM micrographs showing the oxide scale after 500 hours exposure time (a) 500ºC, (b) 
593ºC, and (c) 700ºC. 

 
Fig. 6 shows representative micrographs of the alpha–case layers formed at 500, 593 and 700ºC 
after 50 and 500 hours exposure time. Using the optical micrographs, the average thickness of 
alpha–case was measured and plotted as a function of time for different temperatures (see Fig. 
7). It can be seen that the thickness of the alpha–case increased with increasing temperature and 
time. The maximum measured thickness of the alpha–case layer was about 9, 28, and 108 µm 
after 500 hours at 500, 593 and 700ºC, respectively. 

 

 
 

Fig. 6. Optical micrographs showing the alpha–case (bright layer) after 50 and 500 hours at 500, 
593 and 700ºC.  
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Fig. 7. Alpha–case thickness measured optically as a function of time for different temperatures. 
 
It is assumed that the physical appearance of the oxide scale plays a crucial role in the 
mechanisms and kinetics of alpha–case formation. Hence, a similar approach was used in 
analysing the alpha–case thickness with respect to time as discussed in section 3.1. The weight 
gain analysis showed that the oxidation mostly follows a parabolic relationship. Therefore it can 
be assumed that the diffusion of oxygen from the oxide scale to the bulk follows a parabolic 
relationship.  
 
To estimate the diffusion of oxygen the approximate solution of Fick’s second law was used: 

 
! = √(!")    (4) 

 
where x is the alpha–case thickness, D is the diffusion coefficient, and t is the exposure time.  
 
Log–log plots of x vs. t (see Fig. 8) shows the relationship between the alpha–case thickness and 
time. The thickness mainly follows parabolic relationship for all tested temperatures. However, 
at 500 and 700°C there is a deviation from parabolic relationship at certain time intervals, and 
these intervals are similar to the ones identified from the weight gain analysis (see Fig. 3). 
Beyond these time intervals, the oxygen diffusion was deviating from the parabolic relationship, 
which indicates a change in the rate of alpha–case formation, similar to the change in oxidation 
kinetics. 
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Fig. 8. Log–log plots of the alpha–case thickness vs. exposure time. 
 
The temperature dependence of D can be estimated by using the Arrhenius type of equation: 
 

! = !! !"#   
!!!"##$%"&'

!"
   (5) 

 
where !! is the pre–exponent factor, !!"##$%"&'  is the activation energy for diffusion of oxygen 
in alpha phase, ! is the universal gas constant (8.3143 J/(mol K)) and ! is the temperature (K). 
The activation energy can be estimated by plotting log D vs. 1/T in which the slope of the best fit 
line is equal to −!!"##$%"&'/2.303!. The !!"##$%"&' value was estimated to be 172 kJ/mol, 
which is in reasonable agreement to the values reported by Shamblen et al. [11] (203 kJ/mol), 
and Shenoy et al. [14] (167 kJ/mol) for the same alloy. The reported values are also close to the 
ones reported for Ti-834 (160 kJ/mol) [16] and Ti-1100 (188 kJ/mol) [15]. In addition, the value 
is close to the activation energy for interstitial diffusion of oxygen in alpha-titanium [31], which 
is supporting the idea that the alpha–case formed is because of inward diffusion of oxygen. 
However, in a recent study McReynolds et al. [26] reported that !!"##$%"&' = 242 kJ/mol for Ti-
6242, which is slightly different from the !!"##$%"&' reported in the present study. The reason for 
this discrepancy is probably related to differences in microstructure, sensitivity of the etchant 
used and the errors in estimating the alpha–case thickness by OM.  
 
3.2.2.EPMA analysis 
Fig. 9(a) shows a SEM micrograph of the area (dark spotted line) where the EPMA was 
performed. The element composition profiles obtained from EPMA of the surface region are 
shown in Fig. 9(b). A fluctuation in some of the element composition was observed, which is 
considered to be due to different concentration of alloying elements in different microstructural 
constituents. Fig. 9(c) shows the normalised profile (normalised with respect to the known bulk 
oxygen concentration i.e. 0.14 wt.%) of oxygen concentration in wt.% with respect to the 
distance (µm) for the sample exposed at 593°C for 500 hours. It is known that oxygen and 



	  

12 
 

nitrogen dissolve in alpha phase of titanium alloys and that they are strong α–stabilisers [1-3]. 
Both elements have solid solution strengthening effect and have been accounted as main 
contributors for alpha–case formation [1,3]. However, from Fig. 9(c) it can be seen that there is a 
gradient of oxygen in the alpha–case layer. The oxygen concentration is highest at the surface 
and gradually decreases moving towards the bulk. However nitrogen was not detected by the 
EPMA measurements, which indicates that there is no uptake of nitrogen at these tested 
temperatures. 
 

 
 
Fig. 9. (a) SEM micrograph with EPMA line area, (b) element concentration profiles, and (c) 
normalised oxygen concentration profile along the thickness of alpha–case for the sample 
exposed for 500 hours at 593ºC. 
 
The oxygen concentrations (wt.%) measured by EPMA were normalised to the bulk oxygen 
concentration (wt.%) using the following expression:  

 
!!".%
(!"#$%&'()*) = !!".%

(!"#$%&"') ∙ !   (6) 

where !!".%
(!"#$%&"') is the weight percentage of oxygen concentration and ! =

!!".%
(!"#$)

!!".%
(!"#$!%#). F 

represents a quotient from the weight percentage of oxygen concentration in the non-heat–treated 
sample (!!".%

(!"#$) = 0.14) and the average weight percentage of oxygen concentration measured in 
the bulk for each heat–treated sample ( !!".%

(!"#$!%#)  ). It is important to note that the presented 
normalised oxygen concentration values are not the absolute oxygen concentration values 
diffused into the substrate, as there are some difficulties in quantifying the oxygen content using 
EPMA. However, these values, showing the distribution of oxygen along the thickness of the 
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samples, can still be used to estimate the alpha–case thickness (i.e. layer enriched with oxygen). 
For example, the alpha–case thickness for the heat–treated sample at 593ºC for 500 hours is 
estimated as the depth where the oxygen concentration exceeds 0.14 wt.%, i.e. around 35 µm, 
see Fig. 9 (c).  
 
Fig. 10 shows the normalised oxygen concentration as a function of distance for the samples 
heat–treated at 500, 593 and 700°C for 50 and 500 hours, respectively. It can be seen that the 
oxygen concentrations decrease with increasing distance from the surface eventually becoming 
constant when reaching the bulk (~ 0.14 wt.%). As mentioned above, the distance where the 
oxygen concentration reaches the bulk concentration is defined as the boundary for alpha–case 
layer.  
 

 
 

Fig. 10. Normalised oxygen concentration profiles measured by EPMA at (a) 500ºC, (b) 593ºC 
and (c) 700ºC after 50 and 500 hours. 
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The oxygen concentration was exponentially decreasing with respect to the distance. Hence, the 
following modified Arrhenius equation was used to analyse the data:  
 

!!".%  (!)
(!"#$%&'()*) = !!".%

(!"#$) +   !!".%
(!"#$%&') !"# −!"    (7) 

 
where !!".%  (!)

(!"#$%&'()*) is the normalised concentration of oxygen at a certain thickness x, 

!!".%
(!"#$) = 0.14  wt.% is the concentration of oxygen in the non–heat–treated sample, !!".%

(!"#$%&') 
is the concentration of oxygen at the surface, and A is a constant.  
 
The boundary of the alpha–case layer (i.e. oxygen enriched layer) was determined by regression 
analysis on the normalised oxygen concentration vs. distance data using Eq. (7). The intersection 
of the fitted lines with the bulk concentration (0.14 wt.%) is assumed to be the boundary of 
alpha–case layer (see Fig. 9(c)).  

 
3.3. Comparison between alpha–case thickness measured by OM, EPMA and 

microhardness  
Table 3 shows the alpha–case thickness measured by OM and EPMA on the samples heat–
treated at 500, 593, and 700°C for 5, 50 and 500 hours. From Table 3, it can be seen that the 
alpha–case thickness estimated by the two techniques are comparable for all tested temperatures 
and times, except for the samples heat–treated at 700°C in the time interval 300–500 hours.  For 
those samples the alpha–case thickness values estimated by EPMA were approximately 50 µm 
higher than when measured with OM. It is suggested that this difference is because of the 
deviation from parabolic relationship, as mentioned in section 3.2.  
 

Table 3. Comparison of the alpha–case thickness values measured using OM and EPMA 
 

  OM  
Alpha–case thickness  

(µm) 

EPMA  
Oxygen enriched layer 

thickness (µm) 
Temperature 

(ºC) 
Time  
(h) 

5 50 500 5 50 500 
 

500  1.5 ± 
0.5 

3.5 ± 
1.5 

9 ± 3 1.25 ± 
0.25 

4 ± 1 6.5 ± 0.5 

593  2.25 ± 
0.75 

9 ± 3 29 ± 4 3.5 ± 
1.5 

13.5 ± 
1.5 

32 ± 4 

700  13.5 ± 
1.5 

31 ± 4 107 ± 9 17.5 ± 
3.5 

33 ± 4  157 ± 4 

 
Microhardness testing of the samples heat–treated at 593 and 700°C for 500 hours has been 
performed in order to estimate the alpha–case thickness. Oxygen increases the hardness by solid 
solution strengthening, and Rosa et al. [37] suggested that the hardness values are directly 
proportional to the oxygen concentration present in titanium and its alloys. Fig. 11 shows the 
alpha–case thicknesses measured using OM, EPMA and microhardness values for the sample 
heat–treated at 700°C for 500 hours. From Fig. 11(a) it can be seen that the hardness gradually 
decreases from the surface towards the bulk, where it becomes constant (!" !"#$

!"!!"#" = 362  ±
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23). The distance at which the microhardness becomes constant indicates the alpha–case layer 
boundary. In Fig. 11(a) and (b) it can be seen that the alpha–case thickness measured using OM 
was lower (!"# = 107  ± 9  !") in comparison to those thicknesses obtained by EPMA 
concentration profiles and the microhardness testing [(!"#$% = 154  ± 9  !") and (!"#$ =
159  !")]. Additionally, it can also be seen that the distance where the hardness is becoming 
constant is similar to the distance where the oxygen concentration is reaching the bulk 
concentration.  
 

 
 

Fig. 11. (a) Microhardness profiles and (b) oxygen concentration profile of the sample heat–
treated at 700°C for 500 hours. The alpha–case thickness estimated by OM is also included in (a) 
and (b). 
 
The microhardness and the EPMA oxygen concentration profiles revealed that the optical 
evaluation of the alpha–case thickness is accurate for all investigated time/temperature 
combinations except for the samples heat–treated at 700°C in the time interval where we 
observed a deviation from parabolic relationship. The physical explanation for this deviation is 
not yet clear, and further investigation intends to give a reason for this difference.  
	  
	  
4. Conclusions 
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Isothermal heat treatments at 500, 593 and 700°C up to 500 hours were performed in ambient air 
on Ti-6242 alloy. The conclusions from the present study are as follows:  

 
1. Exposure of the alloy at all tested temperatures resulted in formation of an oxide scale 

and an alpha–case layer, i.e. a layer enriched with oxygen.    
2. Weight gain analysis showed that oxidation mainly follows parabolic relationship. A 

change in the oxidation kinetics at the investigated temperatures with respect to time 
was observed. 

3. The activation energy for parabolic relationship of oxidation was estimated to 152 
kJ/mol. 

4. The thickness of the alpha–case layer increased with increasing temperature and time, 
mainly following parabolic relationship. 

5. The activation energy for oxygen diffusion in alpha phase was estimated to 172 
kJ/mol. 

6. Evaluation of alpha–case thicknesses with OM and EPMA gave similar results for all 
tested time/temperature combinations, except for the samples heat–treated at 700°C in 
the time interval 300-500 hours. 
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Abstract  
 
Strain–controlled low cycle fatigue properties of Ti–6Al–2Sn–4Zr–2Mo with different 
thickness of alpha–case layers were investigated. Results show that at strain amplitudes 0.3 
and 0.4%, the fatigue life of the alloy is reduced for the specimens with alpha–case layer 
compared to the ones without any alpha–case. It was noted that with a 2 µm thick alpha–case 
layer the low cycle fatigue life is reduced about 50% at the higher strain amplitude. The 
degrading effect of the alpha–case layer on fatigue life increase with increasing thickness. 
The alpha–case layer at the surface is enriched with oxygen making the surface harder and 
brittle, which results in easier crack initiation and thus decrease in fatigue life.  
 
Keywords: Electron microscopy, Light optical microscopy, Mechanical characterisation, 
Titanium alloys, Fatigue, Oxygen effects. 
 
1. Introduction 
 
Ti–6Al–2Sn–4Zr–2Mo (Ti–6242) is a near–α titanium alloy used to manufacture components 
in the compressor sections of aero engines that are exposed to elevated temperatures. The 
alloy is used in these components because of high specific strength, creep resistance, 
toughness, and long–term thermal stability up to 450°C [1–4]. The maximum working 
temperature for this alloy is limited by degradation of mechanical properties [4–6] and 
formation of a hard and brittle layer beneath the surface. When titanium alloys are exposed to 
oxygen containing environments at elevated temperatures (> 480°C) there is simultaneous 
formation of an oxide (TiO2) scale on the surface and an oxygen rich layer beneath the scale 
(which is commonly known as alpha–case) [1,3]. The higher amount of oxygen in the alpha–
case layer both stabilises the α phase forming a microstructure with more α phase [1,3] and 
strengthens the α phase via solid solution strengthening [7,8].  
 
Numerous studies have shown that the presence of alpha–case has a detrimental effect on 
several mechanical properties in titanium alloys such as: ductility [9–14], fatigue properties 
[14,15] and creep resistance [16,17]. However, there is no information on the minimum 
alpha–case thickness that alters the mechanical properties in any of these studies. An 
increased understanding of this will be beneficial for aerospace industry, because such new 
knowledge has potential to indirectly make it possible to increase the maximum service 
temperature for titanium alloys in future engines. In addition, it could provide the possibility 
to use alpha–case as a parameter in the models to predict the service life of components 
[13,18]. 
 
The objective of this study was to investigate the influence of alpha–case layer thickness on 
the low cycle fatigue properties of the titanium alloy, Ti–6242.  
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2. Experimental Methods 
 
The material investigated was a wrought Ti–6242 alloy that has been solution and 
precipitation heat–treated according to the AMS 4976G specification [19]. Table 1 shows the 
chemical composition in weight percentage. The material in as–received condition has a 
bimodal microstructure with a total phase composition (in vol%) of 88% α and 12% β phase. 
The microstructure consists of primary α (35% in volume) and transformed β (65% in 
volume) (see Fig. 1(a)). The transformed β grains consist of α lamellas with retained β (see 
Fig. 1(b)). 
 

Table 1. Chemical composition (wt.%) of Ti–6Al–2Sn–4Zr–2Mo. 
 

Al Sn Zr Mo N O C H Fe Si Y Ti 
6.15 2.03 3.97 2.01 0.002 0.13 0.006 0.0086 0.03 0.08 <0.0004 Bal. 

 

 
 
Fig. 1. Backscattered electron micrographs showing the bimodal microstructure of the 
wrought Ti–6242 alloy.  
 
In total 16 cylindrical dog–bone shaped specimens, cut from the as–received material using 
electric discharged machining, were grinded down to a surface roughness of 0.2 µm. Four 
specimens were kept untreated and the rest of the specimens were isothermally heat–treated 
at 593°C for 2.5, 50 and 300 hours in ambient air using a Nabertherm box furnace (N11/R). 
After the heat treatment, the specimens were air cooled to room temperature. Fig. 2 shows 
representative specimens after the different heat treatments. The heat treatment temperature 
and exposure times were carefully selected to obtain a certain alpha–case thickness based on 
a previous study [20]. Low cycle fatigue (LCF) testing was carried out under strain control by 
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uniaxial loading of the specimens at a stress ratio, R = 0 and a frequency of 0.5 Hz, with 
triangular waveform according to ASTM E606 [21]. The strain amplitudes tested were 0.3% 
and 0.4%. LCF testing was conducted on two specimens for each parameter setting (i.e. at 
each strain amplitude for each alpha–case thickness). In these tests, the LCF failure was 
defined as 50% load drop from the stable hysteresis loop. 
 

 
 
Fig. 2. Pictures of the LCF specimens (a) untreated, (b–d) heat–treated at 593°C for exposure 
times (b) 2.5, (c) 50 and (d) 300 hours. 
 
Scanning electron microscopy (SEM) (Jeol JSM 6460 LV and FE–SEM Merlin from Zeiss) 
was used to analyse the fracture surfaces of the specimens. Imaging was carried out using 
secondary electrons with an accelerating voltage of 10 – 20 kV. Microstructural analysis of 
the untreated and heat–treated specimens was carried out on the specimens that were cross–
sectioned below the fracture surface, and prepared by standard metallographic methods 
including grinding and polishing the surface down to ~ 0.05 µm with colloidal silica. To 
reveal the alpha–case layer, a two–step etching method was used, which involves swabbing 
the specimen surface using Kroll’s reagent followed by immersing it in Weck’s reagent (1 – 3 
g NH4HF2 and 100 ml distilled water) for approximately 5 – 10 seconds. The etched 
specimens were evaluated using Nikon Eclipse Optical Microscope (model MA200), where 
the thickness of the alpha–case layer was quantitatively measured using NIS elements 
software. Totally 30 individual measurements of the alpha–case thickness on each sample 
were made and the average values are reported.  In addition, the alpha–case layer was also 
evaluated on the same specimens using Jeol JXA–8500F Electron Probe Micro Analyser 
(EPMA). EPMA was performed with an accelerating voltage of 10 – 15 keV and probe 
current of 20 nA. The elemental concentration profiles along the alpha–case layer was 
obtained by using a spot of 0.5 µm and measuring 100 points from the edge to the bulk with a 
step length of approximately 1 µm. 
 
3. Results  
 
3.1. Evaluation of alpha–case layer 
Fig. 3(a) shows a representative microstructure of the Ti–6242 alloy containing an alpha–case 
layer. Alpha–case appears as a bright (white) layer near the edge of the specimen, and it is 
continuous along the entire surface of the specimen. The thickness of alpha–case increased 
with increasing exposure time. Fig. 3(b) shows representative concentration profiles, in wt.%, 
for different alloying elements, obtained by EPMA from the surface and inwards up to 100 
µm. There is a fluctuation in the major alloying elements, which is because of the partitioning 
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of alloying elements between different microstructural constituents. From the EPMA 
measurements it was observed that the oxygen concentration gradually decreased from the 
interface of the metal/oxide inwards into the material until reaching the concentration of the 
bulk (see Fig. 3(c)). The thickness of the oxygen–enriched layer is defined as the distance 
from the surface and inwards to the depth where the normalised oxygen concentration 
reaches the bulk concentration (0.13 wt.%). More details about the evaluation of EPMA 
results and defining the depth can be found elsewhere [22]. Table 2 shows the values of 
alpha–case thickness measured with optical microscope along with the thickness of the 
oxygen–enriched layer estimated from the EPMA. There is good agreement between the 
thicknesses measured optically and the thicknesses determined from EPMA, and therefore 
the alpha–case layer can also be referred to as oxygen–enriched layer. 

 
 
Fig. 3. (a) Optical micrograph showing the alpha–case layer formed in the Ti–6242 alloy 
after heat treatment at 593°C for 300 hours. (b) Elemental concentration profiles measured by 
EPMA on the specimen heat–treated at 593ºC for 300 hours. (c) Normalised oxygen 
concentration profile along the thickness of the alpha–case layer in the same specimen as in 
(a,b). 
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Table 2.  Measured alpha–case thickness and estimated thickness from EPMA after heat 
treatment at 593°C for different times  

 

Material condition Αlpha–case 
thickness (µm) 

Oxygen–
enriched layer 

(µm) 
Untreated 0 0 

Heat–treated 2.5 hours 1.8 ± 0.5 3 ± 1.4 
Heat–treated 50 hours 9.1 ± 1.2 10 ± 1.4 
Heat–treated 300 hours 21.6 ± 1.9 25 ± 2.8 

 
3.2. Low cycle fatigue properties 
The LCF results are shown in Fig. 4. It can be seen that for the higher strain amplitude 
(0.4%), there was a reduction of approximately 50% in LCF life with an alpha–case thickness 
of 2 µm and that the LCF life decreased with increasing alpha–case thickness. For the lower 
strain amplitude (0.3%), however, there was no certain decrease in LCF life until an alpha–
case thickness of 10 µm. It should be noted that the reported LCF data is based on the results 
from two specimens for each parameter setting.  
  

 
 

Fig. 4. LCF life of Ti–6242 with different alpha–case thicknesses at two strain amplitudes, 
i.e. 0.3 and 0.4%. 
 
3.3. Fractography 
SEM analysis of the fatigue fracture surfaces revealed significant differences at the crack 
initiation areas between the heat–treated and untreated specimens. Fig. 5(a–d) shows 
representative fracture surfaces near the crack initiation areas on the specimens with and 
without alpha–case. For the specimens without alpha–case there was normally one crack 
initiation site, which was near the surface in all cases (see Fig. 5(a)). In specimens with 
alpha–case, the crack initiation had taken place along the entire surface of the specimen, as 
flat and smooth facetted areas, (see Fig. 5(b–d)), indicating multiple crack initiation sites in 
the brittle layers. The depth of a typical crack initiation area in the specimens with alpha–case 
layer was between 2 – 22 µm (see Fig 5(b–d)). This depth corresponds to the thickness of the 
alpha–case layer (i.e. oxygen–enriched layer) (see Table 2). Beyond the brittle crack 
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initiation areas the fracture surfaces are ductile consisting of striations and dimples similar to 
the ones observed in specimens without alpha–case layer. 
 
When looking at the outer surface of the tested specimens, as shown in Fig. 6(a–b), surface 
cracks perpendicular to the loading direction were found beneath the fracture surfaces on the 
specimens with alpha–case (see Fig. 6(b)). No such cracks were found on the untreated 
specimens (see Fig. 6(a)). The thickness and the length of these surface cracks were 
increasing with increasing alpha–case thickness. It was also observed that the topography of 
the fracture surface is relatively flat for the specimens with alpha–case in comparison to the 
one without alpha–case. Analysis of the cross–sections of the specimens with alpha–case 
shows that the cracks are initiated within the alpha–case layer (see Fig. 6(c)) and these cracks 
propagate into the material following a transgranular path with some crack branching (see 
Fig. 6(d)). 
 

 
 
Fig. 5. Secondary electron images of representative fatigue fracture surfaces at the crack 
initiation area in the specimens tested at 0.4% strain amplitudes. (a) Untreated, (b–d) heat–
treated at 593°C for different exposure times. Arrows indicates the crack growth direction. 
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Fig. 6. (a,b) Secondary electron micrographs showing the outer surfaces at the crack initiation 
area. (a) Side–view of untreated surface, (b) side–view of a specimen heat–treated at 593°C 
for 50 hours (i.e. alpha–case is ~ 10 µm), and (c,d) optical micrographs on the specimen 
heat–treated at 593°C for 300 hours tested at 0.4% showing the initiation of a crack within 
the alpha–case (c); and an example of crack–branching outside the alpha–case layer (d). 
Arrows indicates the loading direction. 
 
4. Discussion 
 
The low cycle fatigue test results in the present study show that the LCF life is significantly 
lowered with alpha–case layer (see Fig. 4). The most significant reduction was found at the 
higher strain amplitude (0.4%), where an alpha–case layer of 2 µm reduced the total fatigue 
life by 50%. The degrading effect increased with the increased alpha–case layer thickness 
(i.e. 10 and 22 µm). The reduced LCF life is believed to be because of the alpha–case layer 
possessing higher amount of oxygen than usually present in the bulk (see Fig. 3(c)). It is 
known for titanium alloys that an increase in oxygen content increases the strength but 
reduces the ductility and the fatigue resistance significantly [8,23–28]. From the 
fractographic analysis in the present study, it seems that the amount of plastic deformation in 
the crack initiation area was lower in the specimens with alpha–case than in the ones without 
alpha–case (see Fig. 7(a), 7(b)). It was also noted that the crack initiation in the specimens 
with alpha–case occurred at multiple locations (see Fig. 5(b–d)), leading to formation of 
surface cracks around the surface of the specimens (see Fig. 6(b)). This suggests that crack 
initiation was not sensitive to the local microstructure, but instead was driven by the stresses 
developed at the surface during the LCF testing. Therefore, the combination of stresses and 
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higher oxygen concentrations at the surface permits the cracks to initiate faster over a wider 
range of grains as noted in the present study (see Fig. 5(b–d)) contributing to decreased life 
for fatigue initiation. This is in agreement with the work of Pilchak et al. [14]. 

 

 
 
Fig. 7. High–resolution secondary electron images of fatigue fracture surfaces at the crack 
initiation area of specimens tested at 0.4% strain amplitudes. (a) Untreated, (b) heat–treated 
at 593°C for 300 hours. Arrows indicates the crack growth direction. 

 
Observing the cross–sections of the fatigue specimens with alpha–case shows that cracks 
initiates at the surface within the alpha–case layer (see Fig. 6(c)). The fatigue crack path 
analysis of the specimens with and without alpha–case layer revealed that the crack in both 
follows a transgranular path (see Fig. 6(d)). The fracture surfaces have similar appearance i.e. 
striations in the crack growth area and dimples in the final fracture surface. This indicates 
that possibly there is no change in the crack growth behaviour because of alpha–case layer. 
 
To summarise this work, it can be said that the increase in oxygen concentration lowers the 
ductility at the surface by changing the deformation behaviour. This contributes to lowering 
the number of cycles for fatigue crack initiation, and thus leads to significant decrease in LCF 
strength for the strain amplitudes investigated. 
 
5. Conclusions 
 
In the present study, low cycle fatigue properties of Ti–6242 alloy with different thickness of 
alpha–case was investigated. The conclusions from the study are: 
 

1. Existence of alpha–case significantly reduces the LCF life.  
a. 2 µm thick alpha–case reduces the LCF life up to 50% (at a strain amplitude of 

0.4%). 
b. 10 µm thick alpha–case reduces the LCF life up to 90% (at a strain amplitude 

of 0.4%).  
2. The reduction of fatigue life is attributed to the presence of surface layer enriched 

with oxygen i.e. alpha–case, which is hard and brittle. The oxygen rich layer reduces 
the number of cycles for crack initiation. 

3. The existence of an alpha–case leads to multiple crack initiation.  
4. Fracture surface analysis revealed that the specimens with alpha–case consists of a 

higher number of facet like features, which indicates brittleness, at the crack initiation 
sites than the specimens without alpha–case.  
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Abstract: The effect of boron (between 0.06 and 0.11 wt%) on the microstructure, hardness and compression properties of
cast Ti-6Al-4V was investigated. Compression properties were examined in the temperature range from room
temperature to 1000°C. It was found that the addition of boron refines the as-cast microstructure in terms of prior
beta grain size and alpha colony size. This microstructural refinement led to an increase in compressive yield
strength from room temperature up to 700°C. Three different strain rates (0.001, 0.1 and 1 s−1) were evaluated
during compression testing from which it was found that the compressive yield strength decreased with decreasing
strain rate from 600°C up to the beta transus temperature.
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1. Introduction
Titanium and its alloys are used in a wide range of struc-tural applications: in the marine and chemical industriesbecause of their high corrosion resistance in different en-vironments [1]; in the biomedical industry for orthopedicimplants because of their biocompatibility [2]; and in theaerospace industry for components such as disks, blades,spools and shafts in aeroengines because of their highspecific strength-to-weight ratio and high creep strength[3, 4].Low statically stressed titanium alloy parts in aeroenginesare usually manufactured from cast material, but for morehighly stressed and dynamically loaded components thewrought form of the materials are used [3]. The improvedmechanical properties in wrought titanium alloys, comparedwith cast materials, arise from the additional thermome-chanical processing steps that provide a combination of

deformation and recrystallization, which leads to a re-finement of the initially coarse microstructure and thusimproved mechanical properties. However, these additionalthermomechanical processing steps add extra cost to thefinal product. Therefore there is significant interest fromaeroengine component manufacturers to improve currentthermomechanical processes and/or limit the number ofnecessary thermomechanical steps used in today’s manufac-turing chains, whilst retaining or improving the mechanicalproperties.In recent years it has been observed that the addition ofalloying elements such as boron (≈ 2 wt%) [5, 6], silicon(≈ 4 wt%) [7] and beryllium (≈ 0.2 wt%) [8] refines themicrostructure of cast titanium alloys. This could reducethe number of secondary thermomechanical processingsteps necessary for producing the required microstructureand mechanical properties, resulting in a reduction in theoverall cost of the finished products. Microstructural re-
347
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Table 1. Chemical compositions (in wt%) of cast Ti-64 alloy and its variants investigated in the current workAlloy Al V B O Fe C N H Y TiTi-64 6.16 4.04 < 0.001 0.20 0.20 0.010 0.002 < 0.001 < 0.001 Bal.Ti-64-0.06B 6.24 4.06 0.06 0.19 0.18 0.012 0.003 < 0.001 < 0.001 Bal.Ti-64-0.11B 6.18 4.02 0.11 0.24 0.19 0.007 0.004 < 0.001 < 0.001 Bal.

Figure 1. Schematic illustration of samples used for microstructural characterisation: (a) ingot slice; (b) location and position of
the specimens that were removed from the ingot slice and used for metallographic examination; (c) the specimens in
(b) were divided into six areas with area designations as 1-edge, 3-middle, and 6-center, with respect to the ingot.

finement enhances tensile properties, and fatigue strengthboth at room temperature and at elevated temperature[9–14]. It has been reported that with small boron addi-tion (< 0.1 wt% B) both ductility and fatigue strength areimproved. However, addition of higher amount of boron(> 0.1 wt% B) increases the volume fraction of TiB par-ticles, which in turn act as crack initiation sites duringfatigue loading, and thus can reduce the overall ductilityof the alloy [10–12].The aim of the present work is to investigate how theaddition of boron to cast Ti-6Al-4V affects the microstruc-ture and mechanical properties at ambient and high tem-peratures. This involves quantitative characterization ofimportant microstructural features in cast Ti-6Al-4V, suchas prior β grains, α colonies and α plates/lamellae. Thecorrelation of the microstructural features with hardnessand compression properties is investigated here. For com-parison, standard cast Ti-6Al-4V material was used as areference material.
2. Experimental methods

2.1. Materials

Induction skull melted rod-like ingots, with dimensions150×120 mm, of as cast Ti-6Al-4V (hereafter called Ti-64)

and with different boron concentrations (0, 0.06, 0.11 wt%)were obtained from Titanium Castings Ltd, UK for this study.The chemical compositions are shown in Table 1. Boronwas added in the form of TiB2 particles of size between1.7–5 mm. After casting, the ingots were hot isostaticallypressed (HIP) at 900°C at 100 MPa for 2 hours.After HIP, a 10 mm thick section was cut from each ingotfor microstructural investigation, see Fig. 1(a). Rods ofdiameter 6 and 8 mm of various lengths were machinedfrom the ingot for hot compression testing along the radialdirection as shown schematically in Fig. 1(b). From eachslice in Fig. 1(b) six different samples were removed alongthe radial direction, as shown in Fig. 1(c), where cross-sections 1, 3 and 6 were chosen for initial microstructuralcharacterization.
2.2. Microstructural characterization
The samples before and after hot compression testing weremetallographically prepared using the three-step polish-ing method proposed by Vanderfort for titanium alloys,which involved coarse grinding, intermediate and finalpolishing [14]. The etching procedure used to reveal themicrostructures was carried out in two steps: 1) immer-sion of the samples for 60 seconds in ammonium bifluoride(ABF), which consists of 1 g NH4FHF + 99 ml H2O toreveal the α/β colonies; 2) immersion of the samples in
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Kroll’s reagent (2 ml HF + 4 ml HNO3 + 94 ml H2O) for15 seconds to reveal α lamellae and grain boundary α .The specimens were characterized by using a light opticalmicroscope (Olympus Vanox-T AH-2) and a scanning elec-tron microscope (Jeol JSM-6460 LV). Scanning electronmicrographs were obtained using both secondary electronimaging (SEI) and back scattered electron imaging (BSE).Quantitative analysis was performed using image basedprocessing techniques employing Adobe Photoshop CS4Extended Version 11.0.1 coupled with commercial plug-inFoveaPro® 5.0 software developed by Reindeer Graphics,USA [16]. In addition, quantitative microstructural tech-niques developed by Tiley and co-workers for titaniumalloys, described elsewhere [17–19], were used to measurethe microstructural features for different fields of view i.e.15 measurements for each microstructure feature.
2.3. Hardness measurements
Hardness measurements were performed on as receivedmaterials using a Vicker’s indenter. In macro hardnesstesting, a load of 5 kg for 30 seconds was employed, andin the micro hardness measurements a test load of 300 gfor 15 seconds was used.
2.4. Hot compression testing
Compression tests were performed using Gleeble 1500thermo-mechanical testing equipment with lengthwisestrain control. The test specimens were placed betweentwo tungsten carbide anvils, which were coated with afilm of tantalum to prevent sticking and minimize friction.Resistance heating of the specimens was used to attainthe desired temperatures, which also permits rapid heat-ing/cooling rates. Prior to deformation, specimens wereheated at a rate of 20°C/s to the desired test temperatureafter which a holding time of approximately 3 minutes wasapplied in order to be able to make a few adjustmentsof the control system as well as to ensure a homogenoustemperature distribution throughout the specimen. Aftercompression, the specimens were furnace cooled in air toroom temperature. The temperature was measured using aPt/Pt-Rh thermocouple, which was welded onto the surfaceat the mid-height of the cylindrical specimens. The testswere performed in an evacuated chamber (0.013 kPa) tominimize α-case formation. The samples were deformed to10% compressive strain with strain rates of 0.001, 0.01 and1 s−1. These tests were performed at different tempera-tures from room temperature to 1000°C. During the testingsequence axial compression force, axial displacement anddisplacement rate, and temperature were registered. Cylin-drical specimens of 6 × 8 mm and 8 × 10 mm (diameter
× length) were machined from the standard Ti-64 and

Figure 2. (a) Optical micrograph of cast Ti-64 showing part of a prior
β grain and α colonies. (b) Secondary electron micrograph
of cast Ti-64 showing α laths and grain boundary α.

boron added Ti-64 ingots along the radial direction. Thesmaller diameter specimens were used for tests at lowertemperatures, whereas the larger diameter specimens wereused for tests at higher temperatures.
3. Results

3.1. Microstructural characterization of as re-
ceived material
The large prior beta grains in the as received cast Ti-64comprise α colonies and α lamellae as shown in Fig. 2(a–b),also known as a Widmanstätten type of microstructure. Theoptical and scanning electron microscopy (SEM) analysisof the materials after addition of boron showed significantgrain refinement, Fig. 3. TiB precipitates are present in the
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Figure 3. Optical and SEM micrographs of (a, d) Ti-64, (b, e) Ti-64-0.06B and (c, f) Ti-64-0.11B alloys. In (d-f) the α
phase is gray, the β phase is white, and the TiB is dark gray.

form of needles, which are preferentially observed alongthe prior β grain boundaries, see Fig. 3(e–f), Fig. 4(a)and Fig. 4(b). However, it was also observed that TiBprecipitates are present within the prior β grains, seeFig. 4(c).The observed refinement of the microstructure caused bythe boron addition was quantitatively evaluated: the prior
β grain size decreased from approximately 1700 (Ti-64)to 200 µm (Ti-64 + 0.11 wt% B), see Fig. 3(a–f). Thisreduction in prior β grain size led to a shortening of the
α laths and thus a reduction in the size of the α colonies,

as seen in Fig. 5 and Table 2. It was also observed thatthe volume fraction of β decreased with the addition ofboron. However, the volume fraction of α , the thicknessof the individual α laths as well as the grain boundary α ,were all found to increase with increasing boron content.
3.2. Hardness
Micro- and macro hardness values for the examined alloysare given in Table 3. Each value in the table is the averagevalue of 54 measurements. The results indicate that both
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Figure 4. SEM micrographs showing the location and morphology of TiB precipitates in boron modified Ti-64 alloys. Micrograph
(a) shows the TiB particles along prior beta grain boundaries, (b) shows a cross section of TiB needles, and (c) shows a
TiB particle lying within a prior β grain crossing several individual alpha laths.

Table 2. Summary of quantitative metallography of microstructural features.Microstructural feature Ti-64 Ti-64-0.06B Ti-64-0.11BVolume fraction of β phase, % 17.1 ± 3.8 14.2 ± 2.8 13.2 ± 2.8Volume fraction of α phase, % 82.9 ± 3.8 85.5 ± 2.8 86.3 ± 2.8Volume fraction of TiB phase, % 0 0.3 ± 0.2 0.6 ± 0.3Thickness of α lath, µm 2.7 ± 1.11 4.02 ± 1.25 3.90 ± 1.25Length of α lath, µm/µm3 0.12 ± 0.05 0.05 ± 0.02 0.09 ± 0.02Alpha colony size, µm 250.4 ± 150.2 53.4 ± 3.0 23.4 ± 3.0Thickness of grain boundary α , µm 4.7 ± 1.5 6.8 ± 2.2 7.0 ± 2.2
Table 3. Micro- and macro hardness results in as received conditions.Alloy Micro hardness (HV) Macro hardness (HV)Ti-64 323 ± 33 323 ± 32Ti-64-0.06B 335 ± 20 350 ± 19Ti-64-0.11B 337 ± 25 353 ± 21
the micro- and the macro hardness of Ti-64 increase withaddition of B. The reason for this is the significantly finermicrostructure in the boron modified materials. This alsoagrees well with findings of others where it has beenfound that both the Young’s modulus and the yield strength

increase in boron modified titanium alloys resulting fromgrain refinement [10, 11, 20].
3.3. Hot compression

Fig. 6 shows the true stress-strain curves from the hotcompression testing of Ti-64-0B, Ti-64-0.06B and Ti-64-0.11B tested with a strain rate of 0.001 s−1. Similar resultswere obtained for strain rates of 0.1 and 1 s−1.Microstructural examination performed on samples testedat elevated temperature revealed deformation zones withbent alpha laths, see Fig. 7. In addition, it was also found
351



Microstructure and mechanical behavior of cast Ti-6Al-4V with addition of boron

Figure 5. Results from quantitative measurements of selected microstructural features in cast Ti-64 with varying
boron content. Each feature was measured 15 times and the average out of each set of measurements
is here presented, including the corresponding standard deviation.

that TiB needles located in these deformation zones werefractured, forming cavitations in the alloy matrix. This wasfound in samples tested at all temperatures and for allstrain rates, see Fig. 8.The true stress-strain curves obtained for a strain rate of0.001 s−1 showed that the compressive yield strength (σyat 0.2% strain) at room temperature increased significantlywhen boron was added to Ti-64, see Fig. 6. This effectdecreased with increasing temperature and diminished attemperatures exceeding 600°C. The variation of compres-sive yield strength with temperature for the different strainrates is shown in Fig. 9. Here it can be seen that the yieldstrength appears to be independent of strain rate in thelower temperature region (< 600°C), but from 600°C andhigher the lowest strain rate shows a lower compressiveyield strength than that measured for the two higher strainrates.
4. Discussion

4.1. Microstructure
Addition of boron to the material results in smaller betagrains, smaller alpha colonies, shorter but thicker alphaplates, and thicker alpha along the prior beta grain bound-

aries. This microstructural refinement, found in the Ti-64variants with boron addition, agrees well with the find-ings of others [5, 6, 11–13]. The hypothesis behind theobserved grain refinement is similar to that proposed byTamiraskandala et al [5], in which the boron contributesto the grain refinement during solidification in two steps:1) inoculation of titanium β phase nuclei and 2) its growthrestriction on further cooling because of the boron richlayer formed around the β grain boundaries. During so-lidification, when the temperature drops below the solidustemperature there is a eutectic reaction taking place inwhich the remaining liquid transforms to solid β phaseand TiB forms at the β grain boundaries. During coolingdown from the high temperature regimes the TiB particlesthen restricts the grain growth of the β grains. When thetemperature drops below the beta transus for the materialthe β phase starts transforming to α phase. Under cer-tain cooling conditions the first α phase that forms liesalong the β grain boundaries, therefore it is called grainboundary α . This grain boundary α then coexists withthe already existing TiB particles. The smaller β grainsize, as found in the boron modified materials, providesan increased grain boundary area per volume of material.This increase in beta grain boundary area provides anincreased number of nucleation sites for α phase along thebeta grain boundaries [6]. However, since the β grain size
352



R. Pederson, R. Gaddam, M-L. Antti

Figure 6. True stress-strain curves for Ti-64 and the two variants with B, tested at different temperatures and with a
strain rate of 0.001 s−1.

limits the maximum α colony size, the smaller β grainsfound in the boron modified Ti-64 alloys lead to decreased
α colony size, as indicated in the results shown in Fig. 5.In accordance with the hypothesis of how the TiB particlesare formed, the TiB needles should lie along the prior
β grain boundaries and this was also observed in thecurrent work, see Fig. 3(e-f). However, in some areas theTiB precipitates were also found to lie within the prior βgrains as seen in Fig. 4(c) mainly inside the α coloniesbisecting several α laths. The reason for this is not yetcompletely understood, but since the initial size of the TiB2particles added to the melt was on the order of mm and thesize of the TiB precipitates found in the different alloysafter casting were all on the order of µm, it is reasonableto expect that the initial TiB2 particles were completelydissolved into the liquid metal during the melting process,and then nucleated and precipitated as new solid particlesduring the solidification and cooling process. During thefinal stage of the melting process, when the metal solidifies,some regions of the material could be cooled with such arate that some TiB particles precipitate within the betagrains rather than at a grain boundary.

The size distribution of the colonies and alpha laths wereless scattered in the boron modified Ti-64 materials thanin the standard Ti-64, which is indicated by shorter errorbars in Fig. 5. The reason why these features are moreuniform in size in the boron modified Ti-64 is because ofthe reduced prior β grain size, see Fig. 3(a-c). However,alpha lath thickness and grain boundary alpha were bothfound to increase in size with boron addition, as shown inFig. 5; this was also observed by Sen et al. [12] for similarmaterial. This increase in grain boundary alpha thicknessprobably arises from the alpha stabilizing effect of boron,which increases the total volume fraction of alpha phase[21], as shown in Table 2.The deformation mechanisms are rather complex in Ti-64as they depend on parameters such as temperature, strainrate and also on material state in terms of microstructureof the starting material [22–28]. It is well documentedfor Ti-64 alloys that the softening mechanisms operatingat low temperatures (≤ 600°C) are strain hardening anddynamic recovery. At higher temperatures (700–1000°C)globularization of alpha laths, which is an indication ofdynamic recrystallisation (DRX), and bending of alpha
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Figure 7. SEM images of (a) Ti-64, (b) Ti-64-0.06B, (c) Ti-64-0.11B,
compression tested at 700°C with a strain rate of 0.001 s−1.

laths are the dominant deformation related phenomena inTi-64 with a lamellar structure comprising alpha colonies[26, 29–32].The microstructure in the compression tested materialsin the lower temperature region (≤ 600°C) did not show

Figure 8. SEM image of the microstructure in a Ti-64-0.06B sample
compression tested at 500°C with a strain rate of 0.001 s−1.
Here a fractured TiB particle can be seen, forming cavities
within the matrix material.

any change in or transformation of the microstructure ascompared with the initial microstructure. This means thatthe grain refinement effect on the properties remains, whichwas also observed in the measured mechanical properties(see Fig. 6). However, at higher temperatures (700–900°C)flow softening occurred, which can be seen as bendingof the alpha laths in the microstructure, Fig. 7, throughplastic deformation. This phenomenon has been observedpreviously in the Ti-64 alloy [32, 33]. In addition, it wasalso noticed that the TiB precipitates in the boron modifiedvariants of Ti-64 fractured at all temperatures with thestrain rates used, see Fig. 8. Others noted similar defor-mation behavior in Ti-64 alloys containing 0.05–1 wt% B[33–35], and Boehlert et al. [35] noted by in situ tensiletesting that TiB particles tend to fracture even below theyielding point of the matrix material.
4.2. Mechanical behavior

The compressive yield strength is approximately 15% higherat room temperature for both boron modified materials, ascompared with the standard Ti-64. There is however no sig-nificant difference in yield strength between the two boronmodified materials. At 500°C the alloy with 0.11 wt% Bstill shows approximately 15% higher compressive strengthas compared with the standard Ti-64, and the compressiveyield strength of the 0.06 wt% B modified alloy lies be-tween the other two materials. At 600°C the compressiveyield strength is almost the same in all three materials,Fig. 6.In α + β titanium alloys with lamellar structure, such asthe Ti-64 variants in the current investigation, it is wellknown that the size of the α colonies is an important mi-
354



R. Pederson, R. Gaddam, M-L. Antti

Figure 9. Variation of compressive yield strength (σy at 0.2% strain) with temperature for different strain rates.

crostructural parameter that determines several mechanicalproperties such as yield strength and fatigue strength [36].Hence the observed reduction in α colony size resultingfrom boron addition decreases the slip length and therebyincreases the compressive yield strength. The effect ofgrain refinement on the compressive yield strength is ob-served up to ∼ 500°C, Fig. 6. In addition, the boron modi-fied Ti-64 alloys show strain hardening behavior similar tothe standard Ti-64 alloy, which has also been reported byMeester et al [22]. At 600°C the dynamic recovery effectgets stronger and at 700°C takes over as the dominantparameter in preference to strain hardening. Dynamicrecovery is the physical phenomenon in which the internalstresses that give rise to strain hardening are reduced byannihilation of dislocations [37]. Since dynamic recoveryinvolves diffusion of atoms, this phenomenon is dependenton temperature and increases with increasing temperature.For the Ti-64 materials currently investigated dynamic re-covery was apparent at 600°C, seen by the flattening of allthe compressive yield strength curves at this temperaturein Fig. 6.From 700°C and above, the compressive yield strengthof all tested materials decreased after reaching the yield

point, Fig. 6. This phenomenon is known as flow softening[38, 39]. It is known that standard Ti-64 exhibits flowsoftening at temperatures between 700 and 900°C, forwhich the reduction in the stress depends on both thestrain rate and the temperature [24, 27, 28]. The strainrate dependence on flow softening was also confirmed inthe current work, Fig. 9. Here it is evident that both thestandard Ti-64 and the boron modified Ti-64 alloys exhibitflow softening at the lowest strain rate tested (0.001 s−1).Similar findings were also reported by Sen [33].The compressive yield strength decreased with increasingtemperature, which is also reported by others [24–28]. Aninteresting observation here however is that the compres-sive yield strength of the Ti-64 with 0.0 wt% B, 0.06 wt%B and 0.11 wt% B were almost the same from a tempera-ture of 800°C and higher, even though the microstructurewas significantly finer in the boron modified versions ofTi-64. In other words, it could be concluded that neitherthe grain refinement nor the presence of TiB needles inthe microstructure of Ti-64 affects the high-temperatureyield behavior. This is in agreement with the conclusionsreported by Prasad et al [39] for Ti-64 alloys with differentprior beta grain sizes.
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In order to complete the analysis of the compression testresults it should be mentioned that the compressive yieldstrength was found to increase with increasing strain rateand this includes both the standard Ti-64 alloy and theboron modified versions of Ti-64, Fig. 9.
5. Conclusions
The following conclusions can be drawn from the currentwork:Addition of 0.06 wt% B and 0.11 wt% B to cast Ti-64 leadsto

• Formation of TiB particles predominantly locatedin the prior beta grain boundaries;
• Smaller prior beta grain size;
• Smaller alpha colony size;
• Shorter but thicker alpha lamellae.

At room temperature the compressive yield strength in-creased by approximately 15% when 0.06 wt% B was addedto the cast standard Ti-64 alloy. The main reason for thisis the smaller alpha colony size. The strengthening effectof the finer microstructure in the boron modified Ti-64versions diminishes at temperatures exceeding 500°C.The TiB particles have a long thin shape and are brittlein nature and fractured during the compression tests. Thebrittleness of these TiB particles is a serious drawback forthe potential use of these kind of materials in aerospaceapplications, but further investigations are required toexplore the fatigue properties of this material before thisrisk can be neglected.The Foveapro software was proven to be a successfultool for quantification and measurement of the differentmicrostructural features in titanium alloys.
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The strain-controlled fatigue behaviour of Ti–6Al–4V alloy with up to 0.11 wt.% B addition was investigated. Results show sig-
nificant softening when the strain amplitudes, DeT/2, are P0.75%. B addition was found to improve the fatigue life for DeT/
2 6 0.75% as it corresponds to the elastic regime and hence is strength dominated. At DeT/2 = 1%, in contrast, the base alloy exhibits
higher fatigue life as TiB particle cracking due to strain incompatibility causes easy crack nucleation in the B-modified alloys.
� 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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The addition of small quantities of B to Ti and
its alloys reduces the as-cast grain and the a/b colony
sizes dramatically [1]. These microstructural refine-
ments, in turn, enhance the mechanical properties such
as the yield strength, ry, ultimate tensile strength, ru,
and tensile ductility, ef, while reducing the fracture
toughness [2–7]. Because of the low solid solubility of
B in Ti [8], almost all of it is present in the form of
TiB needles in the microstructure and typically located
at the grain boundaries. The possibility of these hard
particles adversely affecting the fatigue performance—
which is a major design consideration, especially in
the aerospace industry—is a cause for concern. Sen
et al. [2] have examined the high-cycle fatigue (HCF)
behaviour of a series of Ti–6Al–4V (Ti64 hereafter) al-
loys with B content up to 0.55 wt.% and found that the
HCF strength indeed improves—to nearly 60%—upon
the addition of B. Their analysis shows that this
enhancement is primarily due to the TiB particles,
which act as a reinforcement phase and in turn
strengthen the alloy. Sen et al. [2] further examined
the cyclic stress–strain responses of these alloys and ob-

serve cyclic softening, and attribute it to the strain
incompatibility between the TiB particles and the alloy
matrix. However, they or others have not examined
how the TiB particles affect the low-cycle fatigue
(LCF) lives of B-modified Ti alloys. The strain soften-
ing caused by TiB particles during cyclic loading—if in-
deed significant—should have a major and deleterious
effect on the LCF life of the alloys. In this paper, we
examine this aspect through strain-controlled fatigue
tests.

Three as-cast Ti64-xB alloys with x = 0, 0.06 and
0.11 wt.% were investigated. Prior work [2,6], which
examined the mechanical response of B-modified Ti64
with B content up to 0.55 wt.%, has clearly shown that
�0.10 wt.% addition gives the optimum combination
of properties. Keeping this in mind, we have limited
the maximum B content to 0.11 wt.% in this study.
The alloys were induction skull melted and subsequently
hot-isostatic pressed (HIPed) at 900 �C under 100 MPa
pressure for 2 h. Tensile and LCF test specimens were
extracted from the HIPed ingots, which are 120 mm in
diameter and 150 mm height, via electrodischarge
machining. Chemical and microstructural analyses of
pieces obtained from different locations of the ingots
indicate the ingots are homogeneous and that there is
no macroscopic segregation of B.
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Tensile tests on specimens with a gauge length and
diameter of 16 and 4 mm, respectively, were carried
out at a nominal strain rate of 10�3 s�1 in a screw-driven
machine. Threaded round specimens, with a gauge
length and diameters of 14 and 4.5 mm, respectively,
were utilized for the LCF tests as per ASTM E606 stan-
dard [9]. Prior to testing, the surfaces of these specimens
were polished to a roughness of <0.2 lm. Tests were
conducted with strain amplitudes, DeT/2, varying be-
tween 0.25% and 1% with the minimum strain of the fa-
tigue cycle always being 0. A servohydraulic machine
operating with triangular waveform at a frequency of
0.25 Hz was employed and tests were continued until
specimen failure. Both the tensile and LCF tests were
performed at room temperature (�25 �C). Two speci-
mens were tested for each composition and at a given
DeT/2, and the average value is reported here. The frac-
ture surfaces of the specimens after tensile and LCF test-
ing were examined by scanning electron microscopy
(SEM). Transmission electron microscopy (TEM) was
conducted on thin foils that were sliced (using a low-
speed saw) from the gauge sections of the failed sample

sand thinned to electron transparency using ion
polishing.

The effect of B addition on as-cast microstructures
and tensile properties of Ti64 have already been pre-
sented and discussed in the literature [2–7]. Hence, we
do not discuss those again here. Note, however, that
the B content in the alloys examined in this work (0.06
and 0.11 wt.%) different—albeit only slightly—from
those (0.04, 0.09, 0.30 and 0.55 wt.%) of the earlier
work. Therefore, microstructures (Fig. S1a–c) and rele-
vant parameters such as grain size (Table S1) are pro-
vided in the supplementary material (SM). Values of
elastic modulus, E, ry, ru, ef, and strain-hardening expo-
nent, n, obtained from the tensile tests are summarized
in Table 1.

The cyclic stress response (CSR) curves, in terms of
variation in the stress amplitude, Dr/2, with the number
of loading cycles, N, is plotted in Figure 1a for DeT/
2 = 0.375 and 1% . The CSR characteristics of the alloys
at DeT/2 = 0.25 and 0.5% are similar to those at 0.375%
whereas those obtained with DeT/2 = 0.75% are similar
to those obtained at 1% (see Fig. S2). The CSR behav-
iour is influenced by both the DeT/2 applied and the B

Table 1. Room temperature tensile properties: elastic modulus, E, 0.2% yield strength, ry, ultimate tensile strength, ru, ductility, ef, and strain
hardening exponent, n.

B content (wt.%) E (GPa) ry (MPa) ru (MPa) ef (%) n

0 118 763.6 806.1 7.8 0.05
0.06 123 845.6 926.6 9.25 0.08
0.11 120 893.3 936.7 6.7 0.06

Figure 1. (a) Cyclic stress responses of the Ti64–xB alloys at strain amplitudes, DeT/2 = 0.375 and 1%. (b) DeT/2 vs. number of cycles to failure, Nf,
plot for the Ti64–xB alloys. (c) Variation of maximum stress, rmax, of the fatigue cycle normalized with ry for DeT/2 6 0.75%. (d) (DeT/2)E
normalized with ru and plotted against Nf, for DeT/2 6 0.75%.
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content in the alloy. At low DeT/2, the alloys essentially
exhibit a fatigue-invariant CSR response until failure.
At high DeT/2, in contrast, the alloys initially harden,
but only for the first few cycles, which is followed by
continuous cyclic softening until failure. The addition
of B to Ti64 shifts the CSR responses to higher stress
levels at both low and high DeT/2. This is because of
the slightly higher E of the B-modified alloys.

The number of cycles to failure, Nf, for the three al-
loys is plotted in Figure 1b as a function of imposed
DeT/2. For DeT/2 6 0.75%, B addition to Ti64 enhances
Nf, with higher B content leading to better Nf. However,
the results are in reverse order for DeT/2 = 1%, with 0 B
alloy showing the best LCF performance. This is be-
cause the maximum stress of the fatigue cycle, rmax, is
well within the elastic regime of the alloys for the cases
where DeT/2 6 0.75%. This is illustrated in Figure 1c
where rmax—taken at N = Nf/2 as per standard practice
[10]—is normalized with the respective ry and plotted
against DeT/2. This plot confirms that rmax/ry ratio ex-
ceeds unity only for the case of DeT/2 = 1%. Thus, only
in this case, the plastic strains may be the controlling
parameters in determining Nf. In all the other cases, fa-
tigue is elastic strain controlled. This is further illus-
trated in the following.

The total strain amplitude DeT/2 can be partitioned
into elastic and plastic parts as:

DeT

2
¼ Dee

2
þ Dep

2
ð1Þ

Using the elastic stress–strain relations, Eq. (1) can be
rewritten as:

Dep

2
¼ DeT

2
� Dr

2E
ð2Þ

By taking the value of Dr/2 at N = Nf/2, Dep/2 is com-
puted and is listed in Table S2. As seen, for most cases
Dep=2

DeT =2
is less than 10% and hence is negligible. Only in

the case of DeT/2 = 1%, Dep/2 is significant.
Since DeT/2 6 0.75% falls within the elastic regime, Nf

should be stress controlled. It is well known that stress-
controlled fatigue lives are correlated with ru [11]. To
ascertain this, we plot (DeT/2) multiplied by E and nor-
malized with ru against Nf —but only for data of DeT/
2 6 0.75%—in Figure 1d. Note that (DeT/2) is converted
into equivalent stress through multiplication with E,
which is reasonable given that strains are essentially
elastic in this regime. All the data in Figure 1d collapse
on to a single curve, confirming that Nf is indeed con-
trolled by the strength of the alloy in this regime. Since
higher B addition refines the microstructure and in turn
enhances both ry and ru, it is only natural that the Nf in
B-modified alloys is higher. Indeed, Sen et al.’s HCF
studies [2] also confirm that higher B additions enhance
the fatigue strength of the alloy. Thus, it appears that
the addition of B in dilute quantities does not have
any adverse effect—in fact it is beneficial—on the fatigue
performance of Ti64.

For the case of DeT/2 = 1%, Nf can be expected to be
controlled by the ductility of the alloy as fatigue in this re-
gime is plastic strain controlled [11]. However, we did not
find any correlation between Nf and ef (see Table 1 for the

ef data). We note here that the elastic–perfectly plastic re-
sponse of the alloys precludes us from conducting LCF
experiments which would satisfy ry < rmax < ru. The
lack of correlation between Nf and ef for the one DeT/2
case where plastic strains dominate could be for the fol-
lowing reason. The tensile stress–strain response of Ti64
can be best described as elastic–perfectly plastic and the
addition of B does not alter this behaviour in any signifi-
cant manner (see Fig. S3). For such materials, which show
little or no work hardening, ef does not accurately reflect
the intrinsic ductility, but is determined by the localiza-
tion of plastic flow and failure.

We now turn attention to the micromechanisms
responsible for the fatigue failure. Post-mortem exami-
nation of the LCF samples did not always point to the
specific crack initiation sites, which is typical for materi-
als with Widmanstätten microstructure. In the few cases
where we could identify the initiation locations, there
were no TiB particles at the origin, suggesting that they
are not necessarily crack initiation sites. A similar obser-
vation was made by Sen et al. [2]. These observations
imply that TiB particles are not particularly harmful
from the HCF point of view. This is probably due to
the following factors: (i) the interface between them
and the matrix is strong to start with; (ii) their size is rel-
atively small (average whisker length = 22.3 lm) and
comparable to the colony size (24 lm in 0.11 wt.% alloy,
see Table S1) which control the fatigue life; and (iii) the
volume fraction of TiB is small (�0.62% at 0.11 wt.% B)
at the B addition levels examined in this work.

Figure 2. Fractographs showing (a) cracking of a TiB whisker in 0.06B
alloy specimen, and (b) cracking and decohesion of the TiB whisker
(indicated by the arrow) in 0.11B alloy specimen, both tested at DeT/
2 = 1.0%.
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In the case of DeT/2 = 1%, the TiB whiskers do ap-
pear to be the source for the observed lower fatigue lives
in B-modified alloys. Fractographs obtained from the
LCF-tested specimens of 0.06 and 0.11B alloys fatigued
at DeT/2 = 1% are illustrated in Figure 2a and b, respec-
tively. While Figure 2a displays multiple cracking of a
TiB particle, Figure 2b shows decohesion of the TiB
whisker from the matrix. Such cracking and/or decohe-
sion arise due to the strain incompatibility between the
ductile and easily deformable matrix and the brittle
and hard TiB phase. Note also the ductile dimple-like
fracture features in Figure 2b and the presence of a sec-
ondary crack. Under cyclic loading, dislocations can get
generated and piled-up against the TiB particles, which
eventually either debond from the matrix and/or crack.
Our TEM investigations support this hypothesis.

Bright-field TEM images obtained from the LCF
tested (DeT/2 = 0.375%) 0.11 wt.% B alloy specimen
are displayed in Figure 3a and b. Significant dislocation
activity in the form of dislocation tangles is seen within
the b phase. Analysis of the Burger’s vector, b, using the
g�b, condition indicates that the long and straight dislo-

cation arrays in Figure 3a are mainly hc + ai disloca-
tions with b = 1/3½11 23�. The hai-type dislocations
would be out of contrast in this condition as g�b = 0
for g = ½000 2�. Activation of hc + ai slip has been ob-
served during LCF deformation of near-a Ti alloys in
the past [12,13]. In Figure 3b, a needle-shaped TiB par-
ticle embedded in an a matrix is seen. Large dislocation
density was observed in areas around the matrix–TiB
interface. Moreover, the dislocations are arranged as a
planar array across the TiB needle. No dislocation activ-
ity within the TiB phase could be noted. These observa-
tions suggest that the generation of dislocation pile-ups
at various interfaces within the microstructure and the
long-range internal stress field associated with them
are the possible sources for fatigue crack initiation
rather than the TiB needles [13–15].

In summary, strain-controlled fatigue experiments on
B-modified alloys show that the addition of B is benefi-
cial—and definitely not detrimental—to the fatigue per-
formance of Ti64 alloy as long as the strains are within
the elastic regime. The superior fatigue performance of
the B-modified alloys in this regime is a consequence
of the improved strength of the alloys. However, when
the strain amplitude is such that significant plastic
strains are induced during fatigue, the fatigue response
of the B-modified alloys is inferior, with significant soft-
ening and low fatigue lives.

Supplementary data associated with this article can
be found, in the online version, at http://dx.doi.org/
10.1016/j.scriptamat.2013.08.008.
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Figure 3. Bright-field TEM micrographs of 0.11B alloy LCF tested at
DeT/2 = 0.375% showing (a) dislocation pile-up at the b phase and (b)
heterogeneous distribution of dislocations at the a phase–TiB whisker
interfaces.
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