
LICENTIATE THESIS 1996:18 L 

DIVISION OF POLYMER ENGINEERING ISSN 0280- 8242 

ISRN HLU -TH - L-1996/18- L-- SE 

Matrix Cracking and 
Interfacial Debonding 

in Polymer Composites 

by

Roberts J offe

ml]TEKNISKA 
L!I HÖGSKOlAN I WI.EA 
LULEÅ UNIVERSITY OF TECHNOLOGY 



Matrix Cracking and 

Interfacial Debonding in 

Polymer Composites 

Roberts Joffe 

Division of Polymer Engineering 

Department of Materials and Production Engineering 

Luleå University of Technology 

S-971 87, Luleå

Sweden



This licenciate thesis comprises the following papers: 

Paper A: 

J.Varna, R.Joffe, L.A.Berglund and S.Lundström, "Effects of Voids on Failure 
Mechanisms in RTM Laminates", Journal of Composite Science and Technology, 
1995, 53, 241-249. 

Paper  B:  

R.Joffe, J.Varna and L.A.Berglund, "Acoustic Emission Signals from Composite 
Laminates with Simple Damage Characteristics", AECM -5 , 10-14 July 1995, 
Sundsvall, Sweden, Conference paper pp. 179-186. 

Paper  C:  

J.Varna, R.Joffe and L.A.Berglund, "Fracture mechanics analysis of data from single 
composite test",  Luleå  University Report: HLu/TH-FR-1995/19-Tulea, 
ISSN 0347 0881. 

Oral presentations: 

R.Joffe, J.Varna and L.A.Berglund, "Analysis of Single Fiber Fragmentation Data", 
3rd  Int.  Conf. on deformation and Fracture of Composites, 27-29 March, 1995, Univ. 
of Surrey, Guildford, UK, pp. 126-131. 

R.Joffe, J.Varna and L.A.Berglund,"Intetfacial Fracture Toughness Characterization 
in Single Fiber Fragmentation Test", Ninth Intern. Conf. on Mechanics of Composite 
Materials, October 17-20, 1995, Riga, Latvia. 

ABSTRACT 

The mechanical properties of composite materials are dependent on many factors. 
During loading the material response becomes nonlinear. The reason for this is 
microdamage in the material. In multidirectional laminates, microdamage is primarily 
due to transverse cracks in the off-axis layers. This implies that the thermo-
mechanical properties change. The cracks are formed in the manufacturing step, or 
develops during loading. Weak fiber-matrix interface leads to debonding, whereafter 
the debond cracks coalesce and form macrocracks. 

One of the factors that affect the properties of composite materials is the 
manufacturing step. For example, Resin Transfer Molding (RTM) is a widely used 
fabrication method. One problem with this method is that it may produce composite 
laminates with a high void content. The voids are formed in the matrix due to 
mechanically entrapped air from moisture, solvents, or by products from the curing 
reaction. Most studies of the effect of voids aim for determination of a relationship 
between void content and the fracture property of interest. Paper A consists of an 
investigation of the effect of voids on the mechanisms of transverse failure in 



unidirectional RTM laminates of glassfibre/vinylester. The laminates with the highest 
average content of voids had a transverse strain to failure as high as 2%, whereas the 
laminates with low void content failed already at 0.3% strain. Only a few large and 
well-defined transverse cracks formed in low void content laminates before final 
failure. Multiple transverse cracks with irregular shape as well as numerous smaller 
cracks formed in the high void content laminates. The irregularity of these cracks 
resulted in lower stress concentration and stress level in the small amount of weft 
bundles orientated in the loading direction. A simple model was developed in order to 
demonstrate this and to explain the high strain to failure of high void content 
laminates. 

Interpretation of acoustic emission (AE) signals in terms of damage 
mechanisms in composite materials and structures is often difficult. This is because of 
the multitude of damage mechanisms. In paper  B  glass fiber/epoxy (GF/EP) 
[Orn/90n]s cross-ply laminates were studied in  uniaxial  tensile loading. Since the 
damage mechanisms in such laminates are primarily matrix cracking, acoustic 
emission interpretation was facilitated. Real-time optical microscopy and AE studies 
were conducted in order to identify details of the damage development. It was found 
that a multitude of secondary cracking events ocurred at higher strains. These events 
may explain why stress analysis models based on straight and regularly spaced 
transverse cracks are not successful. In addition, it was clearly demonstrated that in 
order to interpret damage development with some confidence from AE-data, direct 
observations of damage events must also be performed. 

One of the methods for characterization of fibre-matrix interface strength is 
the single fibre fragmentation test. This test is widely used for polymer composites in 
order to determine interfacial shear strength. In paper  C,  HTA carbon fibre in epoxy 
matrix with strong and weak fiber-matrix interface is studied. The distribution in 
fibre length is analyzed as function of strain. A finite element stress analysis in 
combination with fracture mechanics criterion was used to determine values for 
interfacial fracture toughness. Optical microscopy was used to determine debond 
length versus strain. Fracture toughness Gc  was calculated by graphical procedure and 
found to be independent of debond length. Local variations in Gc  were found. 
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Abstract 
Most studies on the effects of voids aim for 
determination of the relationship between void content 
and the fracture property of interest. The effect of voids 
on the mechanisms of transverse failure was therefore 
investigated for predominantly unidirectional resin 
transfer moulded laminates of glass-fibre-fabric/vinyl-
ester. Laminates with the highest average content of 
voids had a transverse strain to failure as high as 2% 
whereas low void content laminates failed at 0%3%. 
Only a few large and well-defined transverse cracks 
formed in low void content laminates before final 
failure. Multiple transverse cracks with irregular shape 
as well as numerous smaller cracks formed in the high 
void content laminates. The irregularity of these cracks 
resulted in lower stress concentration and stress level in 
the small amount of weft bundles orientated in the 
loading direction. A simple model was developed in 
order to demonstrate this and explain the high strain to 
failure of high void content laminates. 

Keywords: resin transfer moulding, voids, transverse 
cracks, glass fibre, vinyl ester, stiffness reduction 

1 INTRODUCTION 

Voids are often present in composite laminates 
produced by commercial manufacturing processes. 
They form in the matrix from mechanically entrapped 
air or from moisture, solvents or by-products from the 
curing reaction. Results have been published on the 
effect of void content on fracture properties.' ' 2  The list 
of references in those two publications indicate 

* To whom correspondence should be addressed. 
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bending, shear and compression as the most common 
types of loading. Most studies seem to aim for 
determination of the relationship between void 
content and the fracture property of interest. 
However, not many studies have focused on the effect 
of voids on mechanisms of failure. Our objective is to 
study the effect of voids on the global mechanical 
behaviour of laminates in transverse tensile loading. 
Micromechanisms of failure are studied in order to 
explain the effect of void content on mechanical 
behaviour. The investigation is focused on unidirec-
tional glass-fibre/vinylester (GF/VE) fabric laminates 
produced by resin transfer moulding (RTM). The 
laminates have different types of voids and void 
content. 

2 EXPERIMENTAL 

2.1 Materials 
Palatal A430 vinyl ester from BASF AG in Germany 
was used as a polymer matrix. Predominantly 
unidirectional glass fiber fabric Brochier Lyvertex 
21130 from Brochier in France was used as the 
reinforcement. The glass fibres are in bundles (tows). 
Approximately 5% of the total amount of fibres are 
aligned perpendicular to the major fibre direction. 
These 5% are in the loading direction, and are termed 
weft fibres whereas the majority (95%) of the fibres 
are termed transverse fibres. The integrity of the 
fabric is ensured by a third small group of bundles of 
the transverse fibres woven around the straight weft 
bundles. 

2.2 Laminate fabrication 
Twelve layers of predominantly unidirectional glass 
fibre fabric, were placed in a rectangular mould of 
0.2 m  x  0-88 m  x  0-003 m. The mould and the matrix 
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were heated to 35°C. The matrix was injected into the 
mould from a pressure vessel at 0-6 MPa absolute 
pressure. The flow of the resin was directed from one 
side of the mould to the other, parallel to the major 
fibre direction. The pressure on the outlet side of the 
mould was atmospheric (0.1 MPa). Two laminates 
were fabricated according to this procedure. 

2.3 Specimen fabrication, testing and 
characterisation 
Rectangular specimens were cut from the moulded 
laminates by a water jet. In order to obtain different 
void contents, specimens were taken at different 
distances from the laminate edge where the resin flow 
front stopped. Specimens for macrotests had 100 mm 
gauge length, a width of 12 mm and an average 
specimen thickness of 3.1 mm. The number of 
specimens used is reported in Table 1. Specimens for 
micromechanical tests and simultaneous observation 
of damage processes by optical microscopy were 
90 mm long and 3 mm wide. Specimen edges were 
polished by 320, 500 and 1200 grit silicone carbide 
paper. Specimens for optical microscopy observations 
were polished additionally by 9 p.m and 3 gm 
diamond paste in standard equipment for metallog-
raphical specimen preparation. 

Macrospecimens were tested in  uniaxial  tension, at 
a cross-head speed of 1.5 mm min' by the use of an 
Instron 1272 test machine with a dynamic load cell of 
type 2513-504. Strains were measured by a Sandner-
extensometer of type  E x  A10-2.5 with a gauge length 
of 50 mm. Specimens were subjected to stepwise 
tensile loading in the weft direction. The transverse 
modulus was first determined from stress/strain curves 
in the strain region of 0.05-0.15%. As a certain strain 
was reached, the specimen was fully unloaded. Upon 
reloading, the transverse modulus was again deter-
mined. By repetition of this procedure, the transverse 
modulus was determined for different damage states. 
Acoustic emission (AE) was used in order to register 
acoustic events responsible for formation of large 
(through-the-thickness) cracks. Optical microscopy 
observations were performed in an Olympus Vanox-T 
microscope after each loading step in order to verify 

Table 1. Effect of void volume fraction V. on stress and 
strain at formation of the first large transverse crack. 

Unidirectional GF/VE fabric laminates  

AE-data and count the number of smaller cracks in 
each reinforcement layer. Even small cracks were 
clearly visible when strain was applied to the 
specimens. The definition of a crack was such that if 
the small crack extended through only one of the 12 
fabric layers, 12 such cracks were counted in order to 
be considered as one crack. Specimens with different 
void contents were also loaded in a Miniature 
Materials Tester  (Minimat)  from Polymer Labora-
tories (UK). During loading at 0-1 mm min. the 
specimens were studied in the optical microscope. The 
microscope was equipped with a conventional camera 
and a Sanyo video camera. For careful observations, 
the continuous increase in specimen deformation was 
interrupted. The failure process and the void content 
were analysed using photographs, videotape and a 
computer program for image analysis 'Image 1.41' on 
the Macintosh IIci. 

The accuracy in void content data was sufficient for 
the purpose of the study although scanning electron 
microscopy techniques are more desirable because of 
higher resolution images. 

3 RESULTS AND DISCUSSION 

Unidirectional GF/VE fabric laminates were prod-
uced by RTM according to the description in 
Section 2. In Fig. 1, the volume fraction of voids, Vv, 
is presented as a function of the outlet pressure in 
the mold and the distance from the edge of the 
laminate where the resin flow front stopped. Higher 
vacuum (lower pressure) resulted in lower void 
content. The highest void content was obtained at the 
edge of the laminate, and the void content then 
decreased away from the edge. In the present study, 
the pressure on the outlet side of the mould was 
atmospheric (0.1 MPa). By variation of specimen 
position in the laminate, specimens with different void 
contents were obtained. The specimens had two 
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Fig. 2. Transmitted light micrograph in the direction 
perpendicular to laminate cross-section. 

different types of voids, as illustrated in a micrograph 
obtained from the top surface of the laminate (Fig. 2). 
Large, spheroidal voids formed between transverse 
fibre bundles at positions where weft bundles cross 
transverse bundles. Microscopy of laminate cross-
sections revealed a somewhat more square void 
geometry in this plane. The voids termed spheroidal 
were primarily present towards the laminate edge 
where V, 3%. Long, cylindrical voids with smaller 
diameter formed within fibre bundles and were 
orientated in the flow direction (see Fig. 2). These 
voids form from entrapped air,3  probably by the 
mechanism suggested by  Parnas  and Phelan.' Specim-
ens with V, 0.3"/0 had a fibre volume fraction of 

Strain (%) 

Fig. 3. Stress/strain curves from monotonic transverse 
tensile loading of specimens with different void contents.  

Vf  = 6 6 % . This is higher than typical values for 
laminates fabricated from prepregs. 

Specimens with different void contents were 
uniaxially loaded in the weft direction. The 
stress/strain curves for representative specimens are 
presented in Fig. 3, essential data are summarised in 
Table 2. Low void content specimens have the highest 
strength but also show brittle behaviour with low 
strain to failure. The highest void content specimen 
shows linear stress/strain behaviour in the early part 
of the deformation process. During testing, cracking 
was heard and also detected by acoustic emission as 
the stress/strain curve started to deviate from 
linearity. Transverse cracks were visually observed as 
distinct white lines on the specimens. After deviation 
from linearity, the stress stays fairly constant with 
increasing strain for high void content specimens until 
failure. The average strain to failure is as high as 
1-9%. Specimens with intermediate void contents 
show intermediate behaviour. The large strain to 
failure of specimens with high void contents is 
remarkable. 

The transverse modulus, measured between 0-05 

0.0 	 O. (mm) 

Fig. 4. Optical micrograph of large transverse crack in 
specimen with low void content. 
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Table 2. Effect of void volume fraction V, on transverse 
mechanical properties of undirectional GF/VE fabric 

laminates 

V. Strain to Tensile Young's 
(%) failure strength modulus 

(%) (MPa) (GPa) 

0-0.4 0.62 55.6 20.6 
0.4-1-0 0.76 51.1 19.6 

1-2 1.12 52.7 18.0 
2-3 1.69 54.0 18.3 
4-5 1.91 52-9 17-6 

and 0-15% strain, is presented as a function of 1/v  in 
Table 2. By the use of the rule-of-mixtures, the 
contribution of weft fibres to transverse modulus was 
estimated to 2 GPa. The high 1/1- of 66% provides 
additional explanation for the high transverse modulus 
of specimens with 1/v  in the range 0-0-4%. A 
significant decrease in transverse modulus with void 
content is observed. In addition, Table 2 summarises 
data for tensile strength and strain to failure. The 
effect of void content on strength is small. The strain 

0.0 	0.6 (mm) 

Fig. 5. Optical micrograph of large transverse crack in 
specimen with high void content.  

to failure of high void content specimens is three times 
higher than for specimens with low void content. 
Additional data were collected from a second 
laminate, and the reproducibility of the effects was 
confirmed. 

Acoustic emission data were used to count the 
number of large cracks. Data were checked with 
optical microscopy observations of specimen edges to 
ensure good correlation. For laminates with low void 
content, large transverse cracks through the laminate 
thickness were observed (see Fig. 4). The weft bundles 
are not broken and are able to maintain the integrity 
of the laminate. To a limited extent, small transverse 
cracks were also observed between weft bundles, 
covering only part of the laminate thickness. 

For laminates with voids, two types of cracks were 
observed. In Fig. 5, a typical appearance of the 
damage situation is presented. A large transverse 
crack has found its way through the specimen 
thickness. However, it is more irregular than the large 
crack in Fig. 4. It consists of many small cracks, each 
extends only through part of the laminate thickness. 
Often a small crack is arrested at a weft bundle. 
Another small crack is arrested at the other side of the 
bundle and its tip is usually somewhat displaced with 
respect to the tip of the first crack. Small cracks are 
often present parallel to the large cracks. Some small 
cracks connect large spherical voids, some connect 
small cylindrical voids only. 

The density of large cracks is presented as a 
function of strain and void content in Fig. 6. 
Specimens with high void content in Fig. 6 (a) reach a 
relatively high density of large cracks whereas 
specimens with low void content in Fig. 6  (b)  have 
lower maximum crack densities. Taking data scatter 
into account, the differences in void content between 
the materials in Fig. 6 do not affect the shape of the 
curves. 

The density of small cracks as a function of strain is 
presented in Fig. 7 (a) and  (b)  for different void 
contents. Lower void content leads to lower density of 
small cracks, the effect is most apparent at higher 
strains. For specimens with 0% (really 0-0.4%) voids 
in Fig. 7  (b),  the density of small cracks, calculated 
according to the definition in Section 2.3, never 
exceeds 0.18 'cracks' per mm before final failure. 

In Fig. 3, an interesting phenomenon is apparent at 
0.3% strain, the strain to failure of the specimen with 
no voids. The stress level of the specimen with the 
highest void content is dramatically lower at this 
strain. Careful examination of the data reveals the first 
transverse cracks to occur at lower strains with higher 
void contents (see Table 2). Although the data are 
based on a few specimens, the trend of earlier 
cracking with higher void content is apparent. 
Specimens with the lowest void content reached a 
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Fig. 6. Density of large cracks versus strain for specimens 
with different void contents. (a) High void contents.  (b)  Low 

void contents. 

stress of 54-7 MPa and a strain of 0.29% before the 
first crack whereas high void content specimens only 
reached a stress of 39.3 MPa and a strain of 0.22%. 
This difference is only for the first crack. At higher 
crack densities, specimens with different void contents 
show similar behaviour (see Fig. 6). At the onset of 
cracking, each crack is important for the level of stress 
which can be carried by the laminate. 

The ratio of cracked laminate stiffness to the 
uncracked laminate stiffness FdE0  is reported as a 
function of strain in Fig. 8 and as a function of the 
density of large and small cracks in Fig. 9. A dramatic 
reduction in stiffness with strain (especially in the 
range 0-1%) and crack densities is apparent. Both the 
density of large cracks and the total density of large 
and small cracks seem to be related to the stiffness 
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Fig. 7. Density of small cracks versus strain for specimens 
with different void contents. (a) High void contents.  (b)  Low 
void contents. The definition of crack density for small 

cracks is given in the experimental section. 

change. However, no effect of void content on the 
stiffness change is observed. 

In order to understand the higher strain to failure of 
high void content specimens, the micromechanisms of 
failure were investigated. Specimens with different 
void contents were observed in the optical microscope 
at different damage states. Small strains were applied 
to the specimens by the  Minimat  machine in order to 
make it easier to find the cracks. 

A typical appearance of a large, straight crack in 
laminates with no voids is presented in Fig. 4. In 
addition to the large cracks, smaller cracks through 
part of the laminate were also observed, especially at 
high stresses. 

A schematic of a typical microstructure of 
specimens with high void content is presented in Fig. 
10(a). During increased monotonic load, the first small 
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Fig. 8. Relative stiffness of cracked/uncracked specimens  
EJE„  versus strain for different void contents, 

cracks were found to preferentially form and grow 
between the small diameter cylindrical voids (see Fig. 
10(b)). With increasing load, the cracks then often 
found a path to the large spherical voids (see 
Fig. 10(c)). A typical appearance of such a crack just 
before final failure is sketched in Fig. 10(d). The large 
crack follows an irregular path through the specimen 
thickness. Cracks preferentially connect with the large 
voids. At the positions where cracks reach weft 
bundles, significant debonding of these bundles was 
often observed at high strains. 

The high transverse strain to failure of unidirec-
tional fabric laminates was unexpected. In order to 
attempt to explain this phenomenon, a very simple 
model was developed. Therefore, the results pre-
sented below may be considered only as qualitative 
predictions of general trends. 

First, the low strain to failure of specimens with no 
voids was considered. The analysis is based on 
observed differences in the geometry of large cracks. 
This difference is illustrated in Fig. U. Although the 
crack length is the same for both geometries, the 
'effective width' a of the crack in Fig. 11(b) is larger. 
The stress concentration in the weft bundles can 
therefore be expected to be less severe. The number 
of reinforcement layers  n  is assumed to be large. The 
model has a quasi-periodic structure in the thickness 
direction. Each periodic element is assumed to be a 
[0/90/017- cross-ply laminate where the 90-layer 
thickness is  d  and the total 0-layer weft thickness is  b.  

First we consider specimens without voids (V, 5_ 
0.4%). The geometry of the problem is presented in 
Fig. 11(a). Based on this geometry and experimental 
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Fig. 9. Relative stiffness E,/E0  of cracked/uncracked 
specimens with different void contents versus density of (a) 

large cracks, and  (b)  the sum of large and small cracks. 

observations we may assume specimen failure to occur 
when weft bundles fail. As a large crack according to 
Fig. 11(a) is formed, the stress in the weft bundles 
may be calculated from force equilibrium in the 
loading direction  (x).  

(1)  
b  

where al is the stress in the weft bundle at the crack, 
cr. is the applied global stress. 

Since each unidirectional fabric layer has about 5% 
weft bundles, we assume 	20. The measured 
stress at formation of the first crack was 55 MPa in low 
void content laminates. We substitute cro  = 55 MPa 
and dlb 20 into eqn (1) and obtain 

1150 MPa 	 (2) 
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(d) 

Fig. 10. (a) Schematic of microstructure in laminate 
cross-section before mechanical loading; (b)—(d) show 
progressive changes in damage state during increased levels 

of strain. 

The data is in the typical range observed for 
longitudinal tensile strength of glass fibre/epoxy 
(GF/EP), e.g. Tsai reports 1062 MPa for GF/EP.5  

The stress in weft bundles close to the crack is 
higher than the average bundle stress. In addition, 

(a)  
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the cracks are well-defined and cause local stress 
concentration in fibres at the crack tips. For these 
reasons, the observation of final failure at formation 
of the first large crack or at a relatively low density of 
large cracks, is not unexpected. 

As we consider a high void content laminate with a 
diffuse large crack (see Fig. 10) we need to simplify 
the description of crack geometry. We focus on the 
fact that a large crack consists of smaller cracks 
interrupted by weft bundles, and we use a 'cross-ply 
laminate' model.' The small cracks are often displaced 
with respect to each other so that the transverse layer 
is able to recover some of the stress at the position 
where the next small crack starts. For this reason, the 
stress carried by the weft bundle is lower and less 
concentrated as compared with the laminate without 
voids. The idealised geometry of a large crack with 
effective width a in a high void content laminate is 
presented in Fig. 11(b). 

We consider two equal sections in Fig. 11(b) at 
positions  x  = 0 and  x  = a. The cracks at  x  = a have 
cr,,„ = 0 at the crack surface, for instance in the upper 
layer of the laminate. At some distance in the  
x-direction away from the crack surface, the stress o. 
in the transverse layer has recovered its value. This is 
because the stress is transferred from the weft bundle 
to the transverse by shear deformation. We can 
calculate the x-axis stress in the transverse layer 
at some distance a away from the crack surface by 
the shear lag model commonly used for cross-ply  

(b)  
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Fig. 11. (a) Schematic of the geometry of one large transverse crack in low void content specimen.  (b)  Schema ic of the 
geometry of one large transverse crack in high void content specimen. 
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laminates.' So at  x  = 0 in the upper layer of Fig. 11(b) 

ET = cro 
 T. 

(1 - exp(—A 9-))  
d 	(3) 

where 

= 	 ./  Eo(d +  b)  
(4) \  

2E1(1 + 	) 

Here E0  is the laminate modulus in the  x-direction, ET  
and E L  are bundle moduli in the transverse and 
longitudinal directions, respectively, v7-7- is the Poisson 
ratio. In our case EL  45 GPa, E0  18 GPa, v7-7-
0.3 and A 4.5. 

If a  d,  we may write 

0•99cro  —EET 	 (5) 

Since cr0(ET /E0) is the far-field x-axis stress in the 
transverse layer, eqn (5) actually demonstrates the 
effect of the crack on the stress state to be negligible 
at a horizontal distance of a  d  away from the crack. 
A more accurate solution would instead of 0.99 result 
in a slightly different factor. 

We now assume cracks to form in the adjacent 
longitudinal bundles. Equilibrium at  x  = 0 requires  

n 
cro(d + b)n = c7r — d + 2  

Equation (6) is based on two assumptions. The first is 
that half of the longitudinal bundles are broken at  
x  = 0. The second is that the stress  er-,,92 is affected by 
'new' cracks but not by the presence of 'old' cracks; 
see eqn (5). 

Since the strain ë in all unbroken bundles at  x  = 0 is 
the same 

= EL& &72 = ETg 

Rearranging eqn (6) 

= 	+d)b 	Ed  
1 + 

2ELb 

Equation (8) differs from eqn (1) only by a constant 

1  
5j2Jr —  aj,:s ETC'  

1+ 
2ELb 

For our laminates ET  .."15GPa and therefore 

=023a .. 	 (10) 

In laminates with high void content, the stress in the 
weft bundles at the crack is therefore approximately 
only one fourth of the weft bundle stress for laminates 
with no voids. 

However, it would be wrong to conclude from this 
that specimens with voids carry higher stresses than 
specimens with no voids. In fact, cracking starts at 
slightly lower stress in specimens with high void 
content. As a result of crack accumulation during 
loading, the effective width a of the crack (see Fig. 
11(b)) decreases. As a consequence, eqn (3) predicts 
the stress in the unbroken layers at  x  = 0 to decrease 
and the elevated stress in the weft bundles to increase 
further. As a approaches zero (very high total crack 
density) we obtain a similar model for the high void 
content crack geometry as in laminates with no voids. 
The final failure of the specimens with voids would 
then be at the same overall stress as for the specimens 
with no voids. Test results in Table 2 show good 
agreement with this prediction. 

A closer examination of Table 2 shows that 
specimens with voids fail at a slightly lower stress than 
expected from the previous discussion. As an 
explanation, we may assume the strength of weft 
bundles to vary according to the  Weibull  distribution. 
In laminates with no voids we have only a few large 
cracks at failure. The probability of low bundle 
strength exactly at this position is very small. In 
laminates with voids we have more large cracks at 
final failure. The probability of low bundle strength at 
one crack tip along the bundle is therefore higher. 

The results presented here are based on a very 
rough model and may only explain the general trend 
of our data. Any truly quantitative discussion need to 
be based one a more accurate stress analysis. For 
instance, the estimated factor 0.23 is not expected to 
be accurate. This factor depends on the distance a. We 
assumed a =  d  and neglected the effect of crack 
interaction on the stress state. If in reality a is smaller 
than was assumed, the factor becomes larger than 
0.23. If the stress recovers faster than is predicted 
from shear lag analysis, eqns (3) and (4), this factor 
decreases. 

4 CONCLUSIONS 

The effect of void content and geometry on the 
transverse mechanical behaviour of unidirectional 
GF/VE fabric laminates was investigated. Laminates 
with the highest average content of voids also had the 
highest content of large spherical voids. These 
laminates had a transverse strain to failure as high as 
2% whereas low void content laminates failed at 
0.3%. Details of the micromechanisms of failure were 
studied. Only a few large and well-defined transverse 
cracks formed in low void content laminates before 
final failure. Multiple transverse cracks with irregular 
shape as well as numerous smaller cracks formed in 
the high void content laminates. The irregularity of 
these cracks resulted in lower stress concentration and 
stress level in the weft bundles. A simple model was 

(6) 

1 

(7)  

(8)  

(9)  
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developed in order to demonstrate this and explain 
the high strain to failure of high void content 
laminates. 
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ABSTRACT 

Interpretation of acoustic emission (AE) signals in terms of damage mechanisms in 
composite materials and structures is often difficult. This is because of the multitude of 
damage mechanisms. In the present study, glass fiber/epoxy (GF/EP) [0m/90n]s cross-
ply laminates were studied in  uniaxial  tensile loading. Since the damage mechanisms in 
such laminates are primarily matrix cracking, acoustic emission interpretation was 
facilitated. Real-time optical microscopy and AE studies were conducted in order to 
identify details of the damage development. It was found that a multitude of secondary 
cracking events ocurred at higher strains. These events may explain why stress 
analysis models based on straight and regularly spaced transverse cracks are not 
successful. In addition, it was clearly demonstrated that in order to interpret damage 
development with some confidence from AE-data, direct observations of damage 
events must also be performed. 

INTRODUCTION 

Acoustic emission techniques have been applied in numerous studies on failure of 
composite materials and structures. However, interpretation of acoustic emission (AE) 
signals in terms of damage mechanisms is often difficult. This is because of the 
multitude of damage mechanisms such as fiber fractures in tension and compression, 
debonding, delamination, matrix cracking in tension and shear. If the purpose of the 
AE-study is to improve our understanding of damage development and failure of 
composites, AE-events need to be uniquely identified with specific damage 
mechanisms. Such detailed studies of failure mechanisms need to be conducted on 
simple laminate configurations where a limited number of damage mechanisms are 
possible. 

One interesting application of AE is in design of pipes and pressure vessels 
where fluid leakage is the main design criterion. Leakage occurs when matrix cracks 
and delaminations link to provide a leakage path for the fluid. Formation of transverse 

179 



matrix cracks running  parallell  to the fibers is therefore the key event which needs to 
be prevented. 

Another reason why transverse cracking has been widely studied is because of 
the interest in design methods for materials containing cracks and other types of 
irreversible damage. In [0m/90n]s cross-ply laminates, test problems such as shear 
coupling and major edge effects are absent. These laminates are therefore often chosen 
for studies of fundamental character. Transverse cracks form at regular distances in 
the transverse 90°-layer. The stronger 0°-layers are usually undamaged and able to 
maintain the integrity of the laminate as damage processes progress. As the 0°-layers 
fail, final failure occurs in the whole laminate. 

The stress distribution in brittle matrix laminates with straight, regularly 
distributed cracks is reasonably well understood [1,2]. It has been used not only to 
predict the stiffness changes due to transverse cracks but also to predict the cracking 
events [3,4]. However, with tough matrices and also at high crack densities, it is no 
longer possible to calculate the stress state accurately [5]. Although the reasons are 
not fully understood, non-ideal cracking events such as forked, branched cracks or 
local delaminations may play a role. 

In the present study, glass fiber/epoxy (GF/EP) [Orn/90n]s cross-ply laminates 
are studied in  uniaxial  tensile loading. The damage mechanisms in such laminates are 
primarily matrix cracking and therefore interpretation of AE-signals should be 
facilitated. Real-time optical microscopy is also conducted in order to identify details of 
the damage development. The purpose is two-fold. First, to investigate if AE can be 
used to register the number of regular transverse cracks in GF/EP cross-ply laminates. 
This would be a simpler procedure than crack-counting from microscopy of the 
polished specimen edge after interruption of the test. Second, the purpose is also to 
provide a more detailed interpretation of AE-signals in terms of damage mechanisms 
than is commonly done. 

EXPERIMENTAL 

Unidirectional brittle matrix glass fiber/epoxy prepreg tape from Fiberite was used to 
fabricate composite laminates. The laminates were cured in an autoclave at a 
maximum temperature of 125°C according to the supplier specification. Laminate 
stacking sequence was [02/90n]s where  n=  4,8. Two types of specimens were cut with 
a diamond saw. One had the dimensions 25x230 mm and the other 10x50 mm. The 
edges of the specimens were polished using standard metallographical procedures. 

Tensile testing of specimens was conducted at ambient conditions at a strain rate 
of 2% per minute. An Instron 1272 machine was used in combination with a Sander 
extensometer EX A10-2.5x. Smaller specimens were tested in an HTS from Raith  
GmbH.  Data were collected in an IBM compatible computer with PC-30 board, 
Status-30 data acquisition software and HTS software. 
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A Zeiss Axioscope optical microscope with a  Minimat  tensile stage was used in 
order to obtain micrographs of the damage state. Acoustic signals were detected by a 
piezoelectric sensor on an aluminium plate 18x30 mm. The plate was positioned on 
the specimen. Sensor output was amplified by a low noise preamplifier 1200C 
Preamplifier (Physical Acoustics Co) with bandwidth 20-1200 kHz (-3dB) and gain 
40/60 dB. The output was again collected using Status-30 software. 

RESULTS AND DISCUSSION 

Initially, we report optical micrographs taken on polished edges of laminates tested to 
fairly large strains. Typical features of damaged laminates may be observed in Figure 
1. In Figure 1 a) it is apparent that the transverse cracks are spaced fairly regularly. 
However, some cracks can be seen which are short and at an angle as compared with 
the primary cracks. The micrograph in Figure 1  b)  was obtained on a laminate with 
thicker 90°-layer. Here the non-ideal features of the cracks are more obvious. Ideal 
primary cracks are straight, run through-the-thickness of the 90°-layer and are 
regularly spaced due to the reduced stress-state in the vicinity of these cracks. The 
situation in Figure lb) is quite different. Shorter non-ideal secondary cracks are 
present and seem to originate at the interface between the 0°- and 90°-layers. 

As we consider the AE-results in Figure 2, some interesting observations can be 
made. Signal intensity for each emission event is presented as a function of strain. 
Typically, crack formation commenced at about 0.5 percent strain. At strains between 
0.5 and 1.2 percent (upper) many events occur. However, at higher strains (lower), the 
activity decreases. The reason is that the primary cracks are so close that the stress 
level between cracks is insufficient to initiate new cracks at the same rate as 
previously. A careful examination reveals that events often occur in groups. This is 
probably because of dynamic effects. Finally, both high and low amplitude events are 
present. 

Details of the data from one sample are presented in Figure 3. One particular 
crack is observed as a function of strain. At lower strains (0.5-0.7%) it is quite clear 
that each AE-event was due to formation of a primary transverse crack. At the higher 
strains (0.9-1.2%), secondary cracks and local delaminations dominated although also 
some primary cracks formed. Based on the microscopy observations, it was found that 
events with AE-amplitudes in excess of 0.5 volts corresponded with formation of 
primary transverse cracks. 

The AE amplitude criterion for formation of primary transverse cracks was then 
used in order to investigate the correlation between optical microscopy results and 
AE-results. In Figure 4, data for crack density versus strain are compared for the two 
methods. The correlation is encouraging. Visual observations and AE-results are very 
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Figure 1. Optical micrographs of cross-sections in GF/EP cross-ply laminates after tensile 
tesing. 
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Figure 2. AE-events as a function of strain during tensile testing of GF/EP cross-ply 
laminates. 
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similar for two types of laminates. The reason for the differences between the 
laminates are to be found in differences in stress states. 

CONCLUSIONS 

Based on real-time microscopy observations, it was found that events with AE-
amplitudes in excess of 0.5 volts corresponded with formation of primary transverse 
cracks. This AE amplitude criterion correlated well with crack-counting from 
microscopy of the polished specimen edge. The simpler AE-technique may therefore 
be used with confidence for registration of transverse cracking development in GF/EP 
cross-ply laminates. 

It was found that at higher strains, a multitude of low amplitude AE-events 
occured. They corresponded to secondary cracking mechanisms such as local 
delaminations and short cracks. This may explain why stress analysis models based on 
straight and regularly spaced transverse cracks are not successful. It also demonstrates 
the necessity to conduct direct observations of damage events in order to accurately 
interpret AE-data in terms of damage mechanisms. 
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Abstract 

The single fiber fragmentation test is widely used for polymer composites 
in order to determine interfacial shear strength. In the present study, HTA 
carbon fiber in epoxy matrix with strong and weak interface is studied. 
The distribution in fiber length is analyzed as a function of strain. A finite 
element stress analysis in combination with a fracture mechanics 
criterion was used to determine values for interfacial fracture 
toughnesses. Optical microscopy was used to determine debond length 
versus strain. Fracture toughness Cc was calculated by a graphical 
procedure an found to be independent of debond length. Local variations 
in Gc were found. 
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Introduction 
The single fiber fragmentation test is perhaps the most frequently used 
micromechanical method for characterization of fiber! matrix interface failure. 
Usually, the data reduction is based on a simplified stress analysis and the 
critical property considered is the interfacial shear strength. This approach may 
be sufficient for qualitative comparison or ranking of different surface 
treatments and sizings. However, quantitative predictions of debonding in 
composites with high fiber content are not possible since the stress state is 
different for this case. 

Significantly more information may be obtained if fiber fragmentation and 
the interfacial debonding are considered as separate processes during external 
loading.  Weibull  statistics may be used to describe the probability of fiber 
fragmentation lengths and linear elastic fracture mechanics (LEFM) for 
description of debond growth. A mathematical model is needed for calculation 
of the changes in strain energy as a function of applied load and increasing 
debond length. If the dependence of debond length on applied load is known 
from experiments, the model could be used in order to calculate the critical 
strain energy release rate Cc of the interface. 

In order to determine interfacial fracture toughness we need to determine 
the  Weibull  parameters for fiber strength and the size of the debonded zone as a 
function of load. The objective of the present study is to search for a procedure 
which could give the necessary information from one test. When we analyze 
the fragment length distribution at given load we need to separate the effects 
from the distribution in fiber strength from the interfacial debonding effects. 

Experimental 
Single fiber fragmentation tests were performed on single HTA carbon fibers 
embedded in diglycidyl ether of bisphenol A /diethylene amine epoxy cured at 
102°C. Specimens were cut with a diamond saw and polished to facilitate optical 
microscopy observations. Specimens were loaded in tension in the axial 
direction of the fibers. A  Minimat  tensile testing machine placed under the 
optical microscope was used. Images were recorded by a video-camera. Two 
specimen sets with different fiber treatments were considered ("weak" and 
"strong" interface in the following discussion). The strong interface material is 
based on the commercially available fiber. The weak interface is based on the 
commercial fiber although it has been coated with a polymer so that the 
interface is weakened. The total number of specimens in each group of material 
was 20. All specimens had the same fibers and matrix. 

Modeling 
Fiber strength may be characterized by a two parameter  Weibull  distribution. 
Since both the fracture strains and the volumetric terms (fragment length) are 
present in the distribution, it has a dual nature. Usually it is considered as a 
failure strength distribution at a given fiber length. Then the volume effect is 
used to recalculate the distribution for different fiber lengths. However, as has 
been discussed [1-4], from the mathematics point of view this distribution also 
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characterizes the fiber length distribution at a given applied load. Certainly, this 
distribution may be recalculated later for different loads. 

The corresponding probability density function for the fiber length 
distribution is 

p(l,,f)= .,( 	 (1) 

where 
	

1.=10(e,-/Eo) a 	 (2) 

Here a and Co are  Weibull  shape and scale parameters respectively and 
a reference length. The critical fiber length S is not known a priori. 
The average fragment length is determined as  

lo is 

= 3+10(ef/eo) a 	 (3) 

In logarithmic scale we obtain a linear relationship between the average 
fragment length and the applied strain 

In(l — 8). ln 10  — 13 ln 	 (4)  
Lo  

Note that this linear relationship is valid only when the average fragment 
length is governed by the fiber strength distribution. This is the case in the 
initial part of the test when the debonded length is very small as compared 
with the fragment length. Thus, using Eqn 4 and the low strain part of the 
curve showing strain versus average experimental fragment length, we can 
calculate the  Weibull  parameters of the fiber strength distribution [1-4]. 

During increasing load, the debonded zone increases and in the later stages 
of the process, Eqn 4 is not valid. A curve showing data for strain versus fiber 
length in logarithmic scale will show deviations from linearity. It is our 
intention to later use these deviations in order to determine the average size of 
the debonded zone. 

Stress analysis 
The commercial  FEM-program ANSYS was used for stress analysis of a single 
carbon fiber with a debond crack. The mesh is presented in Figure 1. The 
uniform strain is applied to the resin in the upper part of the Figure. The fiber 
is free to move. The lower part of the fiber and matrix are fixed although the 
material is free to move in the transverse direction. 

Since the problem is axisymmetric, Plane 83 Axisymmetric-harmonic-
structural solid elements with 3 degrees of freedom per node were used. For the 
debonded zone in contact with the resin, Contact 48 2-D Point to surface contact 
elements were used to represent contact and sliding between two surfaces - 2 

3 



degrees of freedom for each node. Contact occurs when the contact node 
penetrates the target line-interface. 

Two different meshes were used in calculations - "fine" with approximately 
4600 Plane 83 elements and "crude" with 1200 elements. 20% of the elements 
were in the fiber. The mesh was mixed. Rectangular elements in the bulk part, 
triangles at the interface crack tip. The size ratio between smaller and larger 
elements was 1:5. The number of contact elements Nc increased for larger 
debond lengths. In the "fine" mesh Nc was 1600 for the debond length a=5 r and 
Nc was 13500 for a=15 r. 

Calculations were performed assuming linear elastic behavior of fiber and 
matrix. Material data are given in Table I. 

Results and discussion 
Single fiber fragmentation experiments were performed on two types of HTA 
carbon fibers embedded in epoxy. The average fragment lengths were recorded 
as a function of strain. All specimens had the same fibers and matrix. For this 
reason, the initial part of fragmentation curve described by Eqn 4 should be the 
same for both sets of specimens. . This way of collecting and representing data 
has been presented independently by Yavin et al [21 and Tamusz et al [3,41. The 
primary purpose of their analyses was to. determine the dependence of fiber 
strength on fiber length. However, the interfacial toughness differences should 
also cause different rates of debond growth and differences in the deviations 
from linearity at high strains. 

Results presented in Figure 2 confirm these qualitative predictions. At low 
strains, the distribution in average fragment length is governed by the fiber 
strength distribution. Here the difference between the two materials is very 
small although the scatter is larger for the weak interface (it is likely that some 
fiber degradation occured during the treatment used to create a weak interface). 
The later deviations from linearity are different for the "weak" and "strong" 
interfaces because of differences in the extent of debonding. The critical fiber 
lengths for the weak and strong interfaces are different in the saturation region 
where fragmentation finally stops. It is suggested that the difference between 
actual average length data and predicted data based on fiber strength can be used 
in order to calculate average debond length at a given strain. This will be 
discussed later in the present report. 

For analysis of debond growth, the primary region of interest in Figure 2 is at 
high strains where data deviate from the initial slope (saturation). We 
therefore analyze the data in the saturation region separately by statistical 
methods. For a fragment with length /, a good description is obtained with the 
probability function 
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Parameters /3 and  i  are obtained from experimental data by standard 
techniques. The probability density function in the saturation region for the 
average fragment length distribution is presented in Figure 3. The data are 
obtained in the region most relevant for analysis of interfacial failure 
characteristics. 

The peak in the distribution curve is at a lower fragment length for the 
strong interface, as expected for an interface with high fracture toughness and 
therefore short debond lengths at a given strain. It is also apparent that the 
spread in data is much larger for the weak interface. This is possibly so in 
general, a weak interface has a large distribution of fracture toughnesses along 
the length of the fibers. Another interesting result is that the statistical 
distribution of the fragment lengths in the saturation region is very different 
from the  Weibull  distribution for fiber properties (Eqn 1). Eqn 1 predicts an 
initial maximum followed by an exponential decrease of the probability density 
as a function of fragment length. Experimental data in Figure 3 demonstrate 
that this is not true - there is only a small amount of very short fibers. The 
distribution in Figure 3 probably corresponds to a statistical distribution in 
debonded fiber length and interfacial fracture toughness 

As the fiber fragmentation process stops, the average fragment length no 
longer changes and is unaffected by strain. It is apparent from Figures 2 and 3 
that the average fiber length of the weak interface is the longest. In an analysis 
based on the original Kelly-Tyson paper [5], this fiber length and the strength of 
the fiber at that length would be used to calculate an interfacial shear strength. 

Observations of details of failure mechanisms during the fragmentation test 
led to the summary presented in Figure 4. Initially, fiber fractures occur and at 
the same time very short fiber/matrix debond cracks are formed. This 
mechanism dominates the linear region in Figure 4. As we reach the non-
linear region in the presented curve, the rate of fragmentation events decreases 
and the short debond cracks begin to grow. In the final region, fragmentation 
has stopped and only debond growth occurs. 

These observations suggest a fracture mechanics approach in the analysis of 
fragmentation test data. For such an analysis we need a stress analysis and a 
suitable fracture criterion. Related approaches have been suggested 
independently by Liu et al [6] and Wagner et al [7]. The analysis by Liu et- al is 
performed with a different goal in mind as compared with the present. The 
purpose is to simulate the development of debond length and fragment length 
based on interfacial toughness as an input parameter. The stress analysis is 
highly simplified and it is not clear how the value for interfacial toughness was 
obtained. The work of Wagner et al has the same objective as the present study. 
The major difference is in principles for stress analysis and in how the debond 
length data are obtained. Wagner et al apply a shear-lag analysis to determine 
the stress state whereas we use finite element analysis. The approximate nature 
of the shear lag analysis is based on simplified assumptions. Equilibrium 
equations are only satisfied in integral form, not at each point in the material. 
As the analysis is applied to the fragmented fiber problem, the choice of radius 
of the considered material cylinder appears to be arbitrary. 
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The finite element stress analysis of the present study must be combined 
with a criterion for debond growth. We decided to use a criterion based on a 
critical value for the total strain energy release rate. It rests on the assumption 
that the released strain energy during debond propagation is equal to the energy 
required to form the crack. We calculated the strain energy in the whole 
specimen in order to avoid problems with stress singularities at the crack tip. 
Another alternative is to use a crack closure technique. However, the stress and 
displacement field calculations close to the tip of the debond then need to be 
very accurate. Numerical solutions by  FEM  in the contact zone and close to the 
crack tip are not feasible. 

The failure criterion is given as 

- aU/aa = 2 n rfGc (u=const) 	 (6)  

Where U is the strain energy, a debond length, rf  fiber radius and Cc the critical 
strain energy release rate (or fracture toughness). u is the displacement. 

Some computational results are presented in Figure 5. Normalized strain 
energy is presented as a function of the debond length normalized with respect 
to the fiber radius. The lowest curve represents results from a standard 
calculation. It is interesting to note the immediate drop in strain energy as a 
short debond is formed. This indicates the presence of a large stress peak of 
singular nature at the fiber end. Residual thermal stresses are then taken into 
account by considering the difference in thermal expansion coefficients between 
fiber and matrix. Although the value of the strain energy is strongly affected, Cc 
is weakly influenced since it is proportional only to the slope of the strain 
energy versus debond length curve. Finally, the effect of friction at the 
debonded fiber/matrix interface is illustrated. If friction is considered in the 
calculations, Cc is reduced since the slope is reduced. 

In order to determine Cc we need data for strain versus debond length. For 
each data set (strain and debond length) we determine the strain energy for a, a-
a and a+a. Cc can then be calculated using these three values for the strain 
energy and Eqn 6. 

Based on optical microscopy observations, we obtained the data presented in 
Figure 6. During collection of the data we noted that individual debond lengths 
showed scatter indicating local differences in interfacial fracture toughness. W  e  
had some difficulties determining the debond length with accuracy for short 
debond lengths. For long debond lengths, on the other hand, matrix strains are 
considerable and non-linear behavior of the matrix may give rise to 
inaccuracies in the calculations. 

A graphical procedure for determination of debond lengths then came to 
mind. Let us consider a fiber of total length 12 with a total debond length 2a. The 
length of the fiber which is still perfectly bonded to the matrix is 11. We 
therefore have 12-  li  = 2a. Let us again consider Figure 2. The initial straight part 
of the curves is related to the  Weibull  distribution of fiber strains to failure. W  e  
can use this to predict continued fragmentation of the fiber without debonding 
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taking place. It then follows that the difference between this line and the actual 
fragmentation data should be related to the debond length 2a, see Figure 7. 

Based on the proposed hypothesis in Figure 7, debond lengths were 
determined by two techniques. the graphical procedure suggested and direct 
microscopical observation. The three graphical procedure data chosen for the 
strong interface are shown as the largest dark dots in Figure 8. In Figure 9, the 
debond length determined from microscopy is plotted versus debond length 
determined by the graphical procedure. A linear relationship is found between 
the two which is encouraging. It means that if this relationship is known we 
can use the graphical procedure without the necessity of tedious direct 
microscopy measurements of debond lengths. However, the hoped for 1:1 
relationship represented by the dashed line was met only for the data at lowest 
strain. From more accurate calculations of stress distributions at the fiber end, 
we know that the region of reduced tensile stress has a length of about 2 fiber 
diameters. This fits beautifully with the deviation of 20 gm for the second data 
point from the 1:1 line. For the third data point, the deviation is 20 gm even 
after taking the effect of fiber length with reduced fiber tensile stress into 
account. 

Figure 10 shows the results for total Gc versus debond length for the two 
materials. Most important is that Gc is independent of debond length. This 
supports the applicability of a fracture mechanics failure criterion. Data are 250 
J/m2  for the strong interface and 200 J/m2  for the weak interface. Since no 
friction coefficient is known we cannot exclude the friction contribution from 
our calculated Gc. 

The calculated Gc are in the same range as reported by Wagner et al [7] for 
glass fiber/urethane-acrylate materials (183 j/m2  and 264 J/m2). 
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Conclusions 
A finite element stress analysis in combination with a fracture mechanics 
criterion was used to determine values for interfacial fracture toughnesses of 
two carbon fiber/epoxy materials. Data were from single fiber fragmentation 
test specimens. Optical microscopy was used to determine debond length versus 
strain. Fracture toughness Cc was calculated by a graphical procedure an found 
to be independent of debond length. Local variations in Cc were found since 
local variations in debond length were observed for different fragments at the 
same strain. 
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Figure Captions 
Figure 1.  FEM-mesh for an axially strained single carbon fiber composite with a 
debond crack. 

Figure 2. Average fiber length as a function of applied strain for single fiber 
composites with different interface toughnesses. 

Figure 3. Probability densities for different fiber lengths for two single fiber 
composites with different interfacial toughrtesses. 

Figure 4. Schematic of failure processes in different strain regions. 

Figure 5. Calculated normalized strain energy as a function of normalized 
debond length taking residual thermal stresses (L),T=-80°C) and friction 01=0.8) 
into account. 

Figure 6. Debond length as measured by optical microscopy versus applied 
strain for a single fiber composite material. 

Figure 7. Schematic of principle for graphical procedure for determination of 
debond length. 

Figure 8. Illustration of three data (darkest dots) used in graphical procedure for 
determination of debond length. 

Figure 9. Debond length measured by microscopy versus debond length 
determined by graphical procedure. 

Figure 10. Interfacial Gc versus debond length for two different single fiber 
composite materials. 
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Table I. Data used in  FEM-calculations 

Longitudinal fiber modulus 	 300 GPa 

Transverse fiber modulus 	 20 GPa 

Fiber shear modulus (GET) 	 20 GPa 

Fiber shear modulus (Gm-) 	 8.33 GPa 

Poisson's ratio (vn:r) 	 0.2 

Poisson's ratio (vn-r) 	 0.2 

Longitudinal fiber expansion coefficient 	 -0.7  x  10-6 	1/K 

Transverse fiber expansion coefficient 	 8.0x 10-6 	1/K 

Matrix modulus 	 3.5 GPa 

Matrix Poisson's ratio 	 0.3 

Matrix thermal expansion coefficient 	 60  x  10-6 	1/K 

Fiber radius 	 4 p.m 

Radius of matrix cylinder - 	 44 pm 
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single fiber composite material. 
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